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THE HEATING OF THE ELECTRON GAS AND 
TRANSFER PROCESSES IN CONDUCTORS* 


V.P. SHABANSKII 
P.N. Lebedev Institute of Physics of U.S.S.R. Academy of Sciences 
(Received 4 February 1956) 


Kinetic equations for the electron gas in metals are solved, taking electron heating into 
account. On the basis of these equations various transfer processes in conductors are con- 
sidered.** 


In conductors, in which the principal charge carriers are particles of small mass (electrons, 
holes), it is possible for the latter to become heated in strong electrical fields, as a result of the 
delay in the transfer of energy by interaction of the electrons (or holes) with the lattice, ions or 
molecules. This effect is particularly marked in gas discharge tubes, in which under certain con- 
ditions the temperature of electrons in the electrical field may reach 30,000 — 40,000 °C, whilst 
the gaseous ions and atoms remain at room temperature. The electron temperature in the gas dis- 
charge plasma increases because, on colliding with an atom or ion, an electron, whilst completely 

2m 
giving up its momentum, loses only a negligible fraction of its energy Ae ~"y € (where m is the 


mass of an electron and M that of an atom). Thus the mean energy of the electrons will increase 
to a value such that either the energy fraction given up by an electron equals the energy it has 
gained in the electrical field, or the electrons begin to lose a large amount of energy by ionizing 
the gas atoms. The latter process fixes the limit of electron temperature rise to about the value 
Te ~ Uj/, ~ 3 to 4 x 10* °C, where U; is the ionization energy. 

As has already been shown [1, 2], an analogous effect must occur in semiconductors, in 
which the transfer of energy from the electrons to the lattice is also delayed, at temperatures 
above the Debye temperature. 

Th2 behaviour of the electrons in metals differs only statistically from the majority of semi- 
conductors in this respect. As regards energy transfer by the interaction of electrons with the 
lattice, this also is delayed. In fact, at high temperatures (J > 0, where 6, is the Debye tempera- 
ture), the mean free path over which an electron will lose its momentum by interaction with 
phonons, 


(where v is electron velocity and w, the Debye frequency) is less than that over which the elec- 


tron will lose its energy, 


so that 


(where m is the effective electron mass, v, the speed of sound and ¢ the limiting energy of distri- 
bution of the electrons). At low temperatures (7 < @,) in the range of complete resistance, a 
similar ratio between the mean free paths is not observed. However, in the range of residual 


** The following vector notation is used throughout: ()=. 


* Fiz, metal. metalloved. 5, 2, 193 — 202, 1957 _— [Reprint Order No. 5 POM 41]. 
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The heating of the electron gas and transfer processes in conductors 


resistence, where the scattering of electrons is entirely determined by impurities, whilst energy 
transfer occurs by interaction with phonons, the ratio of the path length /,, for loss of momentum 


to that for loss of energy 


len ~ 10-5 Lom ~ Ley 10 (=) 


m 


which again may take very small values, even for relatively pure specimens (/., ~ 107‘). Thus, in 
metals as in semi-conductors, it is possible for the electron gas to be heated up, both at high 
temperatures and in the range of residual resistance. On this basis, kinetic equations have been 
derived which take into account the possibility of this heating-up of the electron gas. 

In contrast to the previous equations, [1] they are suitable for materials in which the Fermi 
distribution of the electrons must be taken into account. Such materials include, in addition to 
metals, a numerous group of semiconductors of high conductivity and some materials which are 
semiconductors at low temperatures. The later equations [3] may be of even wider applicability, 
since for true metals the current density at which one would expect the kinetic relationships to 
deviate from linearity because of electron heating (in other words, Ohm’s law to break down) has 
too high a value (~ 10° A/cm?) [4], which has not yet been reached experimentally. 

Heating of the electron gas in true metals at attainable current densities may show itself first 
of all in effects which are highly dependent on electron temperature, such as emission [5], and 
this has apparently been experimentally confirmed. For poor metals (e.g. bismuth) deviations from 


Ohm’s law set in at considerably lower currents (~~ 10° A/cm’) [7], in agreement with estimates [4]. 


As regards the influence of electron heating on second-order effects in metals (e.g. thermo- 
electric effects), it may occur at much lower currents (kT ¢ times less) than those at which Ohm’s 
law breaks down. This current density has already been reached even with good metals. On the 
other hand, it is not clear whether the thermo-electric effects can in fact be studied at such 
current densities. Thus, observation of the entire aggregate of transfer phenomena in good metals, 
on the basis of the equations referred to [3] would hardly be of interest. However, bearing in mind 
the wide range of application, in poor conductors and semiconductors, of the transfer equations, 
taking into account electron heating and using the Fermi statistics, we shall derive the transfer 
equations obtained from the kinetic equations. 

The kinetic equations, taking into account the phenomenon of electron heating in conductors, 


have the forms: 


0 

+ Dee (fo fo) = 0, (1) 
UV + ++ (2) 


where the energy flux density in energy space 


T 


al k 


The electron distribction function, f =f, (e) 
v 


is made up of a component fo, symmetrical with respect to the electron momenta, and a non- 


symmetrical component, a f,. Here ¢ is the energy, v = de/dp the velocity, m the effective 
mass, e the charge on an electron, v the speed of sound, T the lattice temperature, / = /,,, the 
mean free path over which the electron will lose its momentum by interaction with phonons (which 
determines the ideal electrical conductivity in weak fields) and L the mean free path taking into 
account interaction with both phonons and electrons of impurities (1/L = 1/lep + 1/lee + 1/len), 
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E and H the internal electrical and magnetic fields, c the speed of light, N twice (to account for 
spin degeneracy) the density of electron levels(Nde = 82 p*dp/2 7h), and a the numerical 


coefficient which comes into the expression for / at low temperatures( = ~ _ (*£)) a can 

be found from the ratio between ideal electrical conductivity and thermal conductivity and has a 

value of the order of a = 100 to 500 (at high temperatures in equation (3) for S; the value a = 1 


must be taken*). 
Equations (1) and (2), in conjunction with the aormalization condition 


n= 


completely determine the electron distribution function =f =f, +h: 


Equation (1), with S, from (3), differs from the corresponding expression in reference [3] 
by the factor 1/a before the square brackets, which was omitted in the reference [3], and also by 
the last term, which takes into account the effect of electron interaction on the energy flux density 
in energy space. Moreover, the same third term in (1) ia written in a form which does not presup- 
pose a definite type of relationship between the density of electron levels N and the energy «, or 
between ¢ and momentum p. The limitations operative in obtaining this system are as follows: 

(a) the conductor must be isotropic; (b) f,<« fo; this is equivalent to the condition that e£L/«<1 
which, as can be shown, is satisfied in any type of field only if 8=2 m vsL/kTal < 1;(c) the 
phonon distribution is in equilibrium, and the electron mean free path / is independent of the field; 
at high temperatures these limitations are always satisfied, but at low temperatures only approxi- 
mately and then only for slight heating, a = (@—7)/T <1, where @ is the electron temperature. 

On integrating equation (1) in phase-space, we obtain the equation for conservation of charge, 


- =0, (5) 


and on integrating with respect to «Nde, the equation for conservation of energy, 
dey 3 


where the electrical current, 


the thermal electron flux 


the energy transferred from electrons to lattice in unit time and unit volume 


* This circumstance, that the coefficient a enters into equations (1) and (2), is explained by the fact that 
they take into account energy transfer from electrons to lattice, using the mean free path for loss of 
momentum. The mean free path for loss of energy does not explicitly enter the equations since it is a 
function of the mean energy or temperature which are themselves determined by equations (1) and (2). An 
energy loss of the order of kT in the equilibrium between electrons and lattice place by way of 


"m 
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Q = {SNde, 


the mean energy of the electrons 
- JefoNde, (10) 


and S is determined by equation (3). 
Equations (2) and (3) must be supplemented by an equation for conservation of lattice energy 


Oe 
+ divW, Q = 0. (11) 


The transfer equations can be obtained by solving (2) for f,. 
In the absence of a magnetic field, ignoring the term Of,/ot, we find 


fi=-eEL 2-19 


Then the expressions (7) and (8) for the electrical and thermal flux assume the forms 


j = eK,E -eUM,, 
W, = eK,E 


fo 


M, = | Lon) fede. 


In the presence of a magnetic field, 


where G = — vt E : is an operator on function fo. 


The transfer equations are 


+ 


W, =e + Al 


= 


4 
(9) | 
(13) 
(14) 5 
195 
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(20) 


fem gn -t Oh 
3 de 


Mn 3 feo 


eL 


cmv 


B= 


If f.1 (classical statistics) and can be expressed in the form fo=N (I Kd (r, p), 
then equations (18) and (19) agree in form with the corresponding equations of Avak’iants [8]. 
Function fo can be derived from equations (1) and (2) for the two limiting cases, when the 
electron-electron interactions are numerous compared with the electron-phonon, and vice versa. 
In the first case the distribution function is of the Fermi type, namely 
1 
with an electron temperature of 0, as determined from equations (1) and (2) (or from their integrated 
forms, equation (6) of conservation of energy and the transfer equation); in the second case fy is 
found as a direct solution of equations (1) and (2), in which there is no term for electron-electron 
interactions. An estimate of the part played by these processes in establishing the distribution 
function can be obtained by comparing the last two terms of equation (1). Substituting fo from 
equation (2) in equation (3) for S, we obtain as the order of magnitude: 


1 @ 
N Oe 


Comparison with L,, ~ (v/l,,) fy shows that the equilibrium distribution of equation (22) will 


be set up in the case when 


T (k 8)? 2 T 


mv, & 


(taking degeneration into account, Jee can be estimated [5] as /,, ~ 1/g,,n (= J’ , where the 
0 


effective cross-section for electron-electron interaction gee ~ cm’). In the case of metals, for 
example, this inequality for the value (9—7)/T~ 1 is satisfied at temperatures TZ, 10°°K and TA1°K. 


We shall discuss separately the cases of equilibrium and non-equilibrium distribution, from 


equation (22). 


1. EQUILIBRIUM DISTRIBUTION 


On substituting fo from equation (22) in equations (15) and (16), the transfer equations (13) and 
(14) for the case of the absence of a magnetic field assume the forms: 


(24) 


(25) 
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When the heating does not completely eliminate degeneration, the integrals for K, and My, in 


equations (15) and (16) are computed in the normal manner. To a second approximation in (k@/,), 


(kK O\2, 


= 


(26) 


ad? (LUN — dNd 


| 
d <2 N ) | (27) 


(28) 


l 


where the zero sign signifies that the value is taken to the limit of distribution. 
The total energy flux from electrons to lattice, 


Q=|SNde= 


where 
mv, | uNe ofa 


— 


When degeneration is complete, 


where o, =e? nL mv, is the conductivity at low currents (for good metals B ~ 107°). 


Equation (25) for the electron flux of energy in co-ordinate space, when the field E is included 
in it using equation (24), assumes the form 


u K, KO (32) 


Bearing in mind that the electrical conductivity 
o= K,e? (33) 
the electronic thermal conductivity 
kK, K, (Ky)? 
x, = 
and the thermo-electromotive force 


K, 
K,0 


we obtain equation (6), for the conservation of energy, in the form 


F(x, 7 8). 


This equation, together with (11), completely determines the electron and lattice temperatures. 
In the case of the presence of a magnetic field, bearing in mind that, for the Fermi distribu- 

tion function (22) the gradient, given by equation (21) for Mj, is 


Q, 


—> \ 
V Ma = Kr (a 5 


6 
6 
29) 
(30) 
(31) 
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the transfer equations (18) and (19) assume the form, 


(square brackets denote vector products and curved brackets scalar products of the vectors). To 
a second approximation in K @/e, expression (20) gives 


0 
"6 gmt det 1+ 


(41) 


dé 1+ 3 ; 
3,e2—! | 
3 2] 9 14% 


On the basis of equations (24) and (25), calculations can be made of all the thermo-electric 
effects, taking into account the heating of the electrons to temperatures which are found by means 
of the conservation equation (36). On the basis of equations (37) and (38), calculations can be 
made of all the galvano- and thermo-magnetic effects, from the electron temperature determined in 
a similar way. 

Thus, for example, in the absence of spatial gradients in the stationary case, using equation 
(6) for energy conservation we have 


Using equations (29), (30) and (41) we obtain, to a first approximation in k@/€o 


0 (cE L)® al 1 + 723? (43) 
= = 
T 6muze, 1+# 


1 = cos (EH). 


? 
(38) 
3H 
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If the temperature is defined in basic Joule heat units, then this temperature must also be 
used in equation (39) for the kinetic coefficients Kn . 


2. NON-EQUILIBRIUM DISTRIBUTION 


In this case fy is found from equation (1), substituting in it the value of f, from equation (12) 
or (17). In the case of a uniform field equation (1) gives 


—>-> 


3 a 


(eEL)? al 


ay = 


The solution to equation (44) takes the form 


+ 


where ¢ is a constant determined from the condition for normalization. 
When RT (1 + a)e <1, we obtain to a second approximation* 


Thus the coefficients K, (equation (15)) and Ky; (equation (20)) can be calculated to the 
second approximation in KT (1 + a)/e; they corresp d exactly to expressions (26) and (39) for the 


*Since de/dz = 1+ andz Q we can write 


(x 


N(1 4 a) dz + —— [N (1 


Writing z) as a first approximation for C, we have 


7) (29) 
n= N( | Nds, 
0 


Since on the other hand no = (° Nde then 29 = z €). 


Subtracting (2) from (1), we obtain the required correction Az= "4g = Zo. 


8 
where 
fo (46) 
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equilibrium distribution case, if in the latter, instead of kO , we substitute the value kT(1+a}) *. 
Thus, in the case of uniform fields the difference in form between the distributions (22) and (46) 
has absolutely no effect on the kinetic coefficients, to this approximation. 

If a gradient exists, then, in view of the fact that the distribution coefficient is determined to 
a first approximation by the uniform electrical and magnetic fields, and has the form given in (46), 
where ¢ is a function of the co-ordinates, then the gradient can be approximately calculated as 


follows. 
In the absence of magnetic fields, substituting expression (46) for fo in (16), and remembering 
Of 


we obtain for the transfer equations (13) and (14), the expressions 


-eKi—, 

and 

W, = eK,E - (=) 


where K, is determined from equation (15), whilst 


Kn =- e”-1(] -a) ch de, 


and 


(51) 


In contrast to the transfer equations (24) and (25), the coefficients in equations (48) and (49), 
which have gradient terms, will not, to a second approximation in kT (1 + a)/e, be determined 


* Expressions \,, and A’ are determined by integrals of the form / ={" 9% de, which are easily 
0° Oe 


solved as follows: 


= Ofy (zkT)? (nkT)? d dy 
I= —_ = — —_ 


Expanding ¢€ in the vicinity of z, =< \z , we have: =e) + (1 + 29) Az; similarly, ford in the 
vicinity of € 


de 


Th kT\ 2 
0 


N de de 


Hence it is seen that Ad is independent of a and takes the same form as the expressions (27) for 
and (40) for A” 

This circumstance can be utilized to point out that in a previous paper [4], a calculation of the 
value a of electrical conductivity from a coefficient corresponding to 4, did not succeed, because the 
correction Az to rd was not taken into account in this approximation (cf. equation (14) of reference [ 4]). 
However, this was completely masked, to the order of magnitude of the estimate used in this reference. 


| 
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solely by the k7(1 + a@°) factor, which corresponds to the electron temperature in the case where 
they are uniformly distributed, but also by the da/de derivatives. Therefore the difference in form 
of the distributions (22) and (46) will have an influence on the thermo-electric effects. For 
example, both the thermo-electro-motive force and the coefficient in UT , in the case of uniform 


distribution, 


(1 + a0)? (Lon) } 


~ LuN ad 


0” (52) 


and the analogous value determined using transfer equations (50) and (51), for a non-uniform 


distribution function, 


Ky (1 + a)? 


(53) 
0 


exhibit this influence. 

Expressions (52) and (53) coincide in the case a= const. This merely reflects the fact that 
when a = const., the distribution function (46) is transformed into an equilibrium distribution cor- 
responding to a temperature ® = 7(1 +a). It must be noted that, when a does not vary too greatly 
with ¢, functions (22) and (46) are very similar, so that the results obtained using them differ 
little. Even when the heating effect is large, and when degeneration is completely eliminated 
(8—T)T>k®B/e, > 1 _ the electrical conductivity calculated from (22) is only 10 per cent 
greater than that calculated from (46), assuming that / = constant. 
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THEORY OF THE DIFFUSE SCATTERING OF X-RAYS BY TERNARY ALLOYS* 


M.A. KRIVOGLAZ 
Institute of Metal Physics U.S.S.R. Academy of Sciences 
(Received 19 July 1956) 


The scattering of X-rays is discussed with reference to composition fluctuations in ternary 
disordered alloys. Formulae are derived which determine the relationships between the degree 
of scattering of monochromatic radiation by single crystals and the scattering angle, crystal 
orientation, alloy composition, annealing temperature and atomic interaction constant. 


In previous papers [1, 2], the scattering of X-rays and thermal neutrons by binary solid solu- 
tions has been discussed, using a method in which the scattering was related to composition 
fluctuations and the degree of long-range ordering in the solution. This method of calculation 
within the framework of phenomenological theory [1] facilitated in particular the study of ano- 
malous intense scattering in the vicinity of super-lattice lines around the point of second-order 
phase transformation during the ordering process in the alloys, and in the vicinity of the main 
lines around the critical point on the transformation curve (for alloys which transform). Taking an 
actual atomic model of an alloy, it was possible to determine the intensity of diffuse scattering 
of X-rays or thermal neutrons by an alloy of given composition, as a function of crystal orientation, 
scattering angle, annealing temperature and energy of ordering (or transformation) for the alloy [2]. 
Using these results and knowing the angular distribution of diffuse scattering intensity for various 
single crystal orientations, it is possible to find the energy of ordering for various co-ordination 
spheres. 

This paper presents an analogous calculation for the X-ray scattering intensity of ternary 
solid solutions. The case considered is the scattering, by a single crystal, of monochromatic radia- 
tion. As in the previous papers [1,2], it is assumed that all the atoms occupy the sites of an ideal 
periodic crystal lattice. This assumption is approximately correct if the radii of the various atoms 
in the alloy differ only slightly and third-order distortioks are omitted. Diffuse scattering due to 
the thermal vibrations of the atoms, and also the Compton scattering effect, are not considered. It 
is furthermore assumed that the atomic scattering factor due to a given type of atom can be taken 
to be constant and independent of the neighbouring atom types. This assumption is quite accurate 
for all except the lightest atoms. As in the previous paper [2], an actual statistical model of the 
alloy is used in the calculation. 

Consider a disordered ternary alloy A- B-C with a Bravais-type crystal lattice (this will ia- 
clude almost all the disordered solid solution crystal structures). Divide the alloy crystal lattice 
into n geometrically similar sub-lattices. The number selected should be such that each lattice site 
has only one site pertaining to those of its neighbours, the interactions with which must be taken 
into account, in the next sub-lattice, and has no neighbouring sites within its own sub-lattice [2]. 
The lattice sites in the ith sub-lattice will be denoted by the index sj, which may have values 
ranging from P to No, where \, = N/n is the number of sites per sub-lattice (N is the total number 
of atoms in the alloy). We shall introduce the values pa;, , Pp;, and Pc;,, equal to unity if the 
S,th site of the ith sub-lattice is occupied by an A, B or C atom respectively, otherwise equal to 
zero. In addition, fy, fy and f,, denote the atomic scattering factors of A, B and C atoms respect- 
ively. Then, under the assumptions stated above, the expression for the intensity of scattering of 


X-rays, in electron units, is equal to: 


n No — 2 


* Fiz. metal. metalloved. 5, No.2, 203 — 211, 1957[ Reprint Order No. 5 POM 42). 
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Here q= ha; 


kh, and kh, are the wave vectors for the incident and scattered waves; 
Rjs is the vector directed from the origin of the co-ordinates to the S;th site of the ith sub- 


lattice. 
As in the previous paper [2], writing foPris in the form 
tha tts +15 Pp is— os) the Pcis— 
where Ca, Cp and Cg are the relative atomic concentrations of A, B and C atoms respectively, we 
find that the scattering intensity / can be written as the sum of the two factors /, and /,, the first 


of which, namely: 


(2) 


corresponds to ig sharp Bragg reflections, whilst the second: 


is —C,) is Ca) | exp (ig R,,) (3) 


=1 


determines the diffuse scattering intensity. 
Divide the system into atom planes (or very thin sheets) normal to the vector. The factor 
exp (ig Ris) is identical for all the sites lying in one of these planes. In the sum (3), therefore, 


Pais can be replaced by the concentration pl of type a atoms (a = A, B or C) in the sites of the 
a 
ith sub-lattice in the fth plane. Bearing in mind that pi. + rh, + p,, =land Cy+Cp+Cc=l, 


and using the Fourier expansion of the differences (pt ,- c,), namely, 
pe, - oF in (- (ik z;,)] (2 = A, B) (4) 


(the z axis is parallel to the g vector, 0<k<2a/Az, Az is the distance between neighbour- 


ing atoms in the planes) we find 


2 
I, = NG sq] (5) 


A line over expression (5) denotes the average over all possible atom configurations in the 
alloy, statistically weighted according to the Boltzmann relationship. 

Thus, the diffuse scattering intensity is a function of the magnitude of the squares of the mean 
values and the products of the Fourier expansion components of the fluctuations of A and B atom 
concentrations in the various atom planes. These mean values can be determined by the usual 
formulae of the fluctuation theory. The minimum work required to produce, reversibly, a given dis- 
tribution of composition fluctuations in the various atom planes is (cf. the previous paper [2]): 


+ >> og, pl ¢,) (PE, - (6) 


a, B i<j=lf, 8 


f 


where ¢ is the thermodynamic potential of the crystal; in evaluating its py; and pa: derivatives it 
must be borne in mind that ph, =l- P, Pay: Taking into account the relationship between the 


pl . derivatives of the thermodynamic potential relative to the atom planes and the derivatives with 
respect to the overall concentrations pg;, relative to the whole crystal: 
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Op! m OP, ; 


where m is the number of quoted atom planes in the crystal, and substituting (4) in (5), we find 
that R is given by: 


aD >> 
a,3=A,B i=] OP, j i ik aik 3i zg) 


+ 2 cos a,, k. 
c, 3=A,B OP Ops; (r si) (7) 


R= 


Here ajf is a vector passing from a site in the ith sub-lattice to the neighbouring site in the 
jth sub-lattice (unity, for the given method of dividing into sub-lattices). Thus the minimum work 

is the sum of the terms corresponding to the different k values. The work connected with the occur- 
rence of the q- components of the Fourier fluctuations of alloy atom concentration is found from the 


formula: 


(9) 


COG a, q (i+/)s (10). 


whilst rgig and rag are the real and imaginary components respectively of the complex variable 


Using the expression for the probability distribution of different values of the q- components of 


Fourier composition fluctuations, 


(11) 


and formula (8), we can find the mean square values and the derivatives of the Fourier g-compon- 
ents: 


] 


Here the bygif values constitute a matrix inverse to the matrix: 


AA nn Gay a 


a 


BA In “BB li 
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with the matrix elements of (9) and (10). 
Substituting (12) in (5) we find that the diffuse scattering intensity is given by the formula: 


n 
I, = N; [ifa fis fo 


i, j=l 


+2\f, ol Pan 


The sum of the matrix elements of the matrix bap ij appearing in expression (14), can be found 


(14) 


without first having to solve matrix || a||. Consider that for a disordered alloy, according to (9), the 

matrix elements @q/3ij for various i values are identical. For the sub-lattice division used here, 
ao 

pai 


moreover, the differentials which come into the matrix elements when i # j are also iden- 


tical. 

Finally, in a Bravais-type lattice, all the vectors from a given ith lattice site to all the neigh- 
bouring ith sites, are identical. Consequently the sum of the matrix elements composing half of any 
line of matrix (13), for a given a and B is independent of the number of the line. Writing cgg to de- 


note this sum, 8 


(15) 


and Yap te denote the required sum of the elements of the inverse matrix appearing in (14): 


ij 
1 


= (16) 


t 


n 

’ f= 
The elements of the direct and inverse matrices are connected by the relationships: 


n 
v 
> b, ni ij 
Bi=] 


ik? 


(17) 
where 5gQ and 6;, are the Kronecker symbols. Summing equation (17), corresponding to given 
values of B and y, over all j and k values, we obtain a system of two linear equations giving the 


magnitude of 


Solving these equations we find that the values of YaB are: 


Yaa = 2 
CAB CAA “BB 


Yap = Vea 


2 
CaB— CAA “BB 


ChB CAA CBB 
Substituting (16) and (19) in (14), we find that the intensity of diffuse scattering is: 
N 
I, =N ° (21 


“AB— CAA “BB 
Thus to find the intensity of diffuse scattering, the thermodynamic potential of the alloy must 
be known as a function of the variables pa; and pp;; the values of ¢qpare then found from formulae 
(9), (10) and (15) and substituted in (20). To the interacting pair approximation, it is not difficult to 
obtain an expression for the thermodynamic potential at high temperature of ternary disordered alloys 
taking into account interactions between atoms at the required spacings. In this case 


n n 


(21) 
amA, B, Ci=-1 «,3—=A, B, Cc i<f=1 
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Here “ap are the interaction energies, taken with reversed sign, for atoms a and § in adjacent 
sites in the ith and jth sub-lattice. These energies will also be written as ap? where / is the co- 


ordination number of the sphere containing a site in the jth sub-lattice, when the centre of the 
sphere is at the adjacent site in the ith sub-lattice. It follows from (9), (10), (21) and (15), that at 
high temperatures the cap values are: 


(22) 
(23) 


wact Wan < 


Here, it is borne in mind that p ,* Ll — py; — Pp,» and a8 is introduced for the energy of 
ordering, corresponding to the /th co-ordination sphere: 


Z1 is the co-ordination number of the /th.co-ordination sphere: a ¢] is a vector directed froni 
the central site to the £)th site of the /th co-ordination sphere. 

Substituting (22) — (24) in (20) we obtain after simple manipulations the following expression 
for the intensity of diffuse scattering in ternary alloys at high temperatures: 


1 


17! \ 
{ z 
Want War - W 
AC BC AB 


If the energies of ordering, wh ps then and wo! for various co-ordination spheres are known 
(e.g., from data on diffuse scattering in the A-B, A-C and B-C binary alloys; cf. the earlier 
paper [2], we can determine the intensity of radiation scattered by the ternary alloy. Conversely, by 
studying the intensity of diffuse scattering for various single-crystal orientations, scattering angles 
and alloy composition changes, we can determine the parameters in formula (26), i.e., the ordering 
energy for the ternary alloy. 

Formula (26) is to be used only at high temperatures where the condition: 


is satisfied for all co-ordination spheres and all atom pairs. 

For arbitrary temperatures the thermodynamic potential of a ternary disordered alloy can be 
found, if the atomic concentrations of two of the alloy components are sufficiently small 
(ce, << 1, ¢,. << 1). In this case, according to previous work [3], the expression for the thermo- 
dynamic potential has the form: 


c..=WN 
AA Ca Cc 1 kT ’ 
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n 


a=A, B,C i<jel 


+ (Psi + Pci Pei) exp 
(28) 


where dis a linear function of pg; and the ordering energies wap correspond to the distances be- 
tween adjacent sites in the ith and jth sub-lattices. 

Differentiating expression (28), and bearing in mind (9), (10) and (15), we find that in the case 
considered, the values of cay, cpp and cap are: 


+143 cosa. (29) 


2QkT 


Cc 


(31) 


Substituting (29)-(31) in (20) and omitting terms which contain the products cp?cc and cRcc? 


of the small values cp and cc, we find that for dilute solutions of B and C atoms in Metal A, /; is 


wi 


Bc - Map 


At high temperatures terms in the expansions of the exponentials, containing squares of 


wap! ET, can be ignored; formula (32) then transforms to formula (26), which in this case holds 
good whatever the concentration of the alloy components. In the case of binary alloys (cc =9), 
formulae (26) and (32) transform to the corresponding formulae given previously [2]. From expres- 


16 
Wac 
| Mal 45 [emp ( = hs.) 13: 
- exo( cosa. a. | 
exp (“he wan = cosa. >. (32) 
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sions (26) and (32) it can be seen that both at high temperatures and at low B and C concentrations, 
background non-uniformity becomes less pronounced and the background distribution tends towards 
its equilibrium lane value, the intensity of which [4] is equal to: 


(33) 
Ih = te, Colfa lel + 


Non-uniform distribution of background intensity usually becomes more pronounced at lower 
temperatures. The formulae for background intensity are greatly 9 lp if interaction is only con- 
sidered between the nearest adjacent atoms, so that we can write w ap = “aR %, ap = 0 when / #4 1. 


For example, at high temperatures, (26) becomes in this case: 
QkT 


C, C3 + 


I, =N 


WB w 
\ 


W = Wag t TWh 2WagW ac (35) 


and the values of Z, and az for the first co-ordination sphere are written as Z and ag. 


It can be seen from formulae (34) that the intensity of diffuse scattering depends on @, qualita - 
tively, in the same manner as in the case of binary alloys [2]: background is concentrated near the 
Bragg reflections corresponding to the basic or super-lattice lines. The oscillating part of the 
background intensity on X-ray photographs at high temperatures is proportional to 1/T. 

In the nearest neighbour approximation it is also possible to consider the case where only one 
component of the alloy is at low concentration (cc << 1) whilst the temperature is not, generally 
speaking, high enough to satisfy condition (27). The free energy of such an alloy has been deter- 
mined [4] using a quasi-chemical approximation. From the result obtained there, we can find, by the 
method given above, the intensity of diffuse scattering for a ternary alloy of roughly stoichiometric 


composition (cc = cp = Cc << 1): 


Wa w - 


C=1 


As can be seen from formula (36), if the ratio 2AC ie is large, and the atomic addition 


factor is widely different from f, and fp, then a small addition can cause a marked change in the 
diffuse scattering of X-rays. A sharp increase in the intensity of super-lattice lines is also possible 


| 
mmm A, B,C WAC 
|Cacp + Cy le kr t 
(34) 
cos a, 
where 
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if a fourth element is added to the alloy, leading in a number of cases to the “development” of super- 
lattice lines in the X-ray photograph (6). 

It should be pointed out that all the results obtained can be applied not only to X-ray spacings 
but also to thermal neutron spacings, if terms are added to the expressions obtained for scattering 
intensity which are related to the random distribution of isotopes, scattering due to nuclear spins 


and magnetic scattering. 
I take this opportunity of expressing my thanks to A.A. Smirnov for his interest in the work and 


comments on the results. 
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THE THEORY OF THE ELASTIC CONSTANTS OF BETA-BRASS TYPE ALLOYS* 
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On the basis of a statistical model [1], [5] the form of the relationship is found between the 
elastic constants C,,-C,, and Cy, and the degree of long-range order in an alloy of nonstoichio- 
metric composition. 


1. Beta-brass type solutions, which have a body-centred (b.c.) cubic lattice, are of interest in 
the study of the nature of interactions between atoms in metallic phases, since in these crystals 
the charges on the ionic shells are only partially screened by the conduction electrons. When the 
ions are in an ordered arrangement, electrostatic interaction forces are set up which are typical of 
ionic crystals of the CsCl type. However, in contrast to ionic crystals, it is possible in metallic 
B- phases for the effective ion charges to be changed by varying the alloy composition and the order 
of arrangement of the atoms in the lattice sites. 

Experiments show [2-4] that the elastic constants of these alloys are highly dependent on the 
degree of long-range order 7, and are noticeably changed when the alloy composition departs from 
the stoichiometric. 

A theoretical consideration of the relationship between binding energy and the elastic con- 
stants of B- brass, and the value of 7, has been given in papers by Mott [1] and Samoilovich [5]. 
On the basis of a simplified statistical model of a crystal of stoichiometric composition, Mott found 
that the electrostatic component up, of the ordering energy u, of 8- brass is 0.027 ev per atom, 
whilst the second term u, of the energy of overlapping of the ionic shells is 0.013 ev. On the same 
model, Samoilovich studied the elastic shear constants C’ = C,; - C,, and C44, and found that elec- 
trostatic interaction has practically no effect on the form of the relationship between the elastic 
constants and 7. This relationship is mainly determined by the overlapping of the ionic shells. 
Samoilovich’s calculations are satisfied for crystals of stoichiometric composition. In computing 
the electrostatic energy of a distorted lattice certain terms were ignored. 

The present paper gives, within the framework of the same model, a generalization of 
Samoilovich’s results for the case of alloys of non-stoichiometric composition, taking all the 


energy terms into account. 
2. The elastic constants C’ and C,, characterize the shear strain of the lattice, unaccompanied 


by volume changes, and are determined by the formula:** 
Cy — Cy = BU/d2*,C,, = PU/d (1) 


where U is the energy of unit volume of the metal; ¢ is the relative elongation on the [100] axis, 
accompanied by transverse compression along [010] and [001] (strain A). 

y is the shear in the (100) plane (strain B). To calculate U, according to Mott [1], the crystal 
volume is subdivided into polyhedra (replaced below by atomic spheres of equal volume 2 = 4778/3 = 3/2 
where a is the lattice constant) with ions of different valency, such as Cu* and Zn** arranged at 
the centres. In a pure metal or an alloy of metals of the same valency, the conduction electrons can 
be regarded to a first approximation as a Fermi gas of uniform density p. In the alloy CuZa the 
electron gas is polarized, so that its density can be written in the form: 


P= pot Pp (r) (2) 


* Fiz. metal. metalloved. 5, No.2, 212—219, 1957 [Reprint Order No.5 POM 43], 


**It is assumed that 7 does not change with strain, or that its change takes place over a period which is long 
compared with the period of the vibration frequency at which the elastic constants are measured. 
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where po is the mean density, determined by the alloy composition and the number of conduction 


electrons accompanying each component. 
In the case of alloys between a univalent metal (type 1 atoms, e.g. Cu) and a divalent (type 2, 


e.g. Zn) present in concentration c, 
Po=—(1+ c) = — me (3) 


where e is the absolute magnitude of the charge on an electron. The density of the ne zation 


charge inside an atomic sphere is a function of the distance 7 from the centre. Near Zn** ions 
Pp <0 and near Cut ions, p, > 0. Mott calculated the spatial distribution p, (r) of density in an 


sles. of stoichiometric composition (c = 4) by the Thomas-Fermi method. It was shown that in an 
ordered alloy the total charge per atomic sphere (including the ionic shell charge) is 
Q = +- 
hs 
2 
where 42 _ 4me? 
(5) 
and m is the mass of an electron. 
The interaction of the + Qy, charges which form the CsCl -type lattice, determines the electrostatic 


portion of the energy of i 
Under strains A and 8 the atomic spheres are transformed into ellipsoids [6], on the wethannis 


of which are set up opposite charges producing outside the ellipsoid an electrostatic field due to a 
quadrupole of moment M. At the same time the total charges on the spheres change. Thus, the 
energy U of a strained crystal in the model under discussion consists of the following terms: 


U=Uy + Ug + Uy + Upy + Us (6) 


The subscripts denote the interactions of the following systems: 


V_ - the ionic shells: 

Q - the charges on the atomic spheres; 

M -the quadrupole moments; 

MQ - the quadupole moment-charge interactions; 
Us is the intrinsic energy of the atomic spheres. 


The paper by Samoilovich [5] takes only Uy and Ug into account. 


3. Consider first the generalization of expression (4) for the effective charge of atomic sphere 
in the case of a non-stoichiometric composition. This expression was obtained [4] on the assump- 
tion that the alloy is perfectly ordered and that each atomic sphere is surrounded symmetrically by 
spheres containing atoms of the opposite sign (only then is the potential zero at the surface of the 
sphere - condition (42) in the Appendix to Samoilovich’s paper [5]. 

In the case of 2 non-stoichiometric composition, the probability p? that a type a site will be re- 
placed by a type i ion, when the degree of long-range order set up is n, is given by 


pi=e¢+(q—c)n, p= 1—c—(q—c)y, p? = e—(q—c)n, (7) 
1 
p? = 1—c(q—c)n, = 2c where c %, g=1 where 


Using these expressions it can be shown that the electrostatic energy of the crystal lattice of 
a partially ordered alloy, the lattice sites of which are occupied by ions with charges + Qy and -Oy, 
is equal to the energy of a perfectly ordered lattice composed of ions with the effective charges: 


Oy (8) 


In fact, however, in an alloy with arbitrary c and 7 values, the charge Q on the atomic spheres 
is not equal to 1, but is determined by the types of ions within the sphere and the types of ions 
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surrounding it. The accurate determination of this charge within the framework of statistical theory 
requires the solution of the Thomas-Fermi equation for a given area of the crystal with a given ion 
distribution (cf., for example, Orlov and Men’s [7]). Here we put forward an approximate method for 
calculating Q, based on the following assumptions: 

1. the charge distribution within each atomic sphere is spherically symmetrical; 

2. the potential of the polarization charge ¢ at the surface of a sphere is zero; 

3. the charge ( in a sphere is zero, if all the neighbouring spheres contain ions of the same 
type; 

4. if the charges of the surrounding ions are arranged symmetrically with respect to the surface 
of a given sphere, the polarization density p,, can be found by the method of Samoilovich [5]. This 
is so in the case when ions in the neighbouring spheres have a charge Ze, differing from the mean 
ionic charge (1 + c)e for the whole crystal by as much in one direction as the charge Zoe on the 
central ion differs from (1 + c)e in the other direction, i.e., when 


Zoe —(1 + cle =(1+ cle —Zpe (9) 


In particular, 
when Z, = 2, Zne = 2(1 + cle — 2e = 2ce, 
when 1 Zne =2(1 + cde =(1+ 2ede. 
In remaining cases, 7, is taken to be a linear function of Zp. In the case of type CuZn alloys, 
this assumptions signifies that 


Assumption 3 signifies that the charge on an ion is completely screened within a distance com- 
parable to the interatomic spacing. Assumption 4 regarding the linear relationship as in (10) is not 
the only one possible, but it offers the simplest means of taking into account the fact that the de- 
gree of screening of a given ion increases with an increase in the number of similar ions in its 
vicinity. 

Substituting in equation (10) first Z, = 1 and then Zp = 2, and repeating the previous calcula- 
tion [5] to determine Q, we find that the total charge on an atomic sphere with a divalent ion, 
surrounded by n univalent ions is: 


(11) 


where 
(12) 


whilst the charge on a sphere with a univalent ion, surrounded by n divalent ions is Q, =a F 


Considering further all the possible combinations, for a given c and 7 values, of ions of the 
two types in the first co-ordination sphere of a given ion, it can be shown that the electrostatic 
energy of a real crystal of given c and 7 is equal to that of an ordered crystal of stoichiometric com- 
position, composed of effective ions of charges: 


Q= + 2(q-c)n Qc. (13) 
At c = %, formula (13) coincides with formula (8) used by Samoilovich. 
4. We shall now calculate successively the terms Cand C,,, using the same subscripts as 
were used to denote the energy terms (4), for the strained crystal. 


(a) Interaction of the Q Charges These charges form a CsCl-type lattice, the elastic constants 
of which have been computed [8]. Replacing the electron charges in this formula [8] by Q, we ob- 


tain 


C’ =A, @/@. (14) 
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Since these elastic constants obey the Cauchy relationship, we have Cy = —C.2 = Bi@?/a‘, 
where A, and B, are constants of the order of unity. 

(b) Change of the 0 Charges due to Strain, and their Interaction with the Quadrupole Moments 
The effective charge ( in the field surrounding its strained atomic sphere, possesses a potential 
energy OX. ds, where ds is the potential of the sphere s (in the computation of the potental of a 
point charge concentrated at point a). With a view to substituting in (1), it is necessary to compute 
this energy to an accuracy of ¢? or y? (in contrast to the previous calculations [5,6],, which were 


taken to accuracy €). 
Potential ds can be written as the sum of the potentials set up, first, by the charge of the 


electron gas of density — (1 + c)e/M and the positive point charge of the central ion (1+c)e(@go) 
and secondly by the charge pp($sp), such that 
Ps = Pso + Psp: (15) 
The potential > ¢s0 (summed over all the lattice sites) is equal at all the sites, whilst, since 
the charges 0 and - i are present in different amounts, therefore 2(i = dsoi. The value of dsp is 
found by the method given in Appendix 1 to Samoilovich’s paper [5], but to an accuracy of ¢*, and 


equals 


where 7 is the radius of an unstrained sphere, and P; is the Legendre polynomial. 
The charge on a strained sphere is 


where 7 is the unit vector normal to the surface of the S’ sphere. 
Summation of (16) over all the sites of the strained lattice, occupied by positive and negative 
charges (, gives for the charge energy (+ at the origin of the co-ordinates in the field of sach a 


lattice: 


(18) 


where C is a constant of the order of a”. 

The origin of the co-ordinates can be placed at any of the N/2 type 1 sites, occupied by 
charges + Q. If the origin is occupied by one of the N/2 type 2 sites, the potential 2 dspat this 
point is of the opposite sign and the energy -Q of the ion occupying this site in the field of the 
surrounding spheres is also equal to (18). Consequently, the energy of interaction of all the charges 
with all the strained spheres (per unit volume) is 


= — 2u/as 
(19) 


whence C’om =A, 0? / at 


where the constant A, is of the order of unity. The calculation for strain B is carried out analo- 


gously and C,, = B, O 2/at. 
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(c) The Intrinsic Electrostatic Energy of Strained Atomic Spheres If $j is used to denote the 
electron gas potential inside a sphere, and Ze to denote the charge on the central ion, then the 
energy in question is 


(20) 


The integration is carried out over the volume of the strained sphere. Corresponding to the sub- 
division (2) we write the potential ¢j in the form 


$i = Piotr Pip (21) 


By the same method as for dsp, we find that 


To calculate dip we assume that the polarization charges in spheres occupied by type 1 and 2 
atoms are respectively: 


—ce+Q, and —(l-c)e+Q,, (23) 


uniformly distributed over the volume of the atomic sphere. Then ¢;,, is also expressed by a formula 
of the type of (22). Adding po to p, we obtain, on the basis of (3) and (23), the total charge density 
within spheres occupied by type 1 and 2 atoms and surrounded by n ions of the opposite type: 


n n 
(24) 


Substituting {22) and (24) in (20), we find that the terms proportional to ¢? of the intrinsic energy of 
spheres with type 1 or 2 atoms, surrounded by n atoms of the opposite type, are respectively:* 


[76 51 + | (25) 


e 8 e 


In order to obtain the energy U,, we sum expressions (25) and (26) over all the atomic spheres, 
taking into account all the possible ion configurations surrounding a given ion. To simplify the cal- 
culations, we shall ignore eorrelation (in 8-brass it is apparently slight; see below). Thus Us has 


the form: 


r-0 


Substituting (25), (26) and (7) in (27), we obtain after some manipulation: 
63 


* The subscript c in Q¢ will be discussed below. 
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In calculating the coefficient of (Q/e)?, for simplicity, it was assumed that c is approximately 
and powers, beyond the first, of the difference A = c-%, were ignored. In the case of a pure metal, 
the terms in (27) containing Q/e disappear. 

From (28) we obtain 

(Asc +A, (1—c) + As — + 
+A, +A; —c)*1}}, (29) 

where A,, A, are constants of the order of unity As of the order of (Q/e)? 

and A, and A, of the order of (Q/e)?. 

It should be noted that, in contrast to the terms in (14) and (19), where 7? occurs only in the 
(Q/e)? factor, (29) includes a term in yn? Q/e, which is greater in order of magnitude than (7Q/e)?. 
Of course, it is to be expected that in more exact calculations of pjp and Pp» taking into account 
the non-uniform distribution of polarization charge over the volume of the atomic sphere, the 
numerical value of the coefficient A, should be less than in (29), but it is nevertheless apparently 
the largest of all the C’ terms caused by the electrostatic interaction and depending on 7. 

In the case of strain B the calculations are analogous (cf. the Samoilovich paper [5]) and an 
expression of the type of (29) is obtained for C,,. 

(d) Overlapping of lonic Shells The energy, estimated for one atom, of the overlapping of the 
ionic shells of nearest neighbours (cf. for example, equation (2.5) in Orlov’s paper [9] ) is: 


Uy = (mir M2 X22) (30) 


where z = 8, the co-ordination number, VOL 
Xik is the energy of overlapping of ions i and k, whilst the relative numbers of pairs of neigh- a 


bouring atoms of types 1-1, 1-2 and 2-2 are 
My = 2c (1 —c) + 2v’ = c? — 
—v" 17, me = (1 (g—c)*? (31) 
The constant v is 1 for a b.c. lattice. The corresponding expressions for the second co-ordina- 


tion sphere differ from (31) by the sign of the n? term and by the value of z = 6. Substitution of (31) 
in (30) gives 


z 


where c, = C and c, = 1-C. 
The relationship between 7 and temperature 7 is determined, for example, by the Bragg-Williams 
theory [10]. 


Expressions which are more accurate than (31) and take correlation into account, can be ob- 
tained by the quasi-chemical method [11]. Numerical computation of njj (T) shows that in the case 
of B-brass, formulae (31) and formula (8.11) from Fowler and Guggenheim [11] give satisfactorily 
close agreement. We shall therefore use the simpler formulae (31). A calculation of the second 


differentials with respect to U,, gives [12, 13]: 


(C’), = 22, (Mg, Ms), (33) 
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where L; and M; are expressions containing the first and second differentials with respect to 
5. Summing (14), (19), (29) and (33), we find the following expressions for the elastic constants 
in shear of an alloy of non-stoichiometric composition: 


C’ = fo thie + fect + fs (gq - 7, (34) 
= Bo + + Bac? + — c)* 73, (35) 


where fj, gj are constants, independent of 7, but depending, through Qc, on c, according to (11) 
and (12). 

Consideration of these formulae leads to the following conclusions. 

(1) The relationship between the elastic constants and the degree of long-range ordering is 
parabolic. 

(2) As the alloy composition deviates from the stoichiometric, this relationship becomes less 
pronounced. Thus, at c-' = 0.03, (q-c)?= 0.22, against 0.25 when c = \, i.e. the coefficient of n? 
is reduced by 12 per cent. Since this value is comparable with the total change in the elastic con- 
stants observed in experiments on the change of composition of a fully ordered alloy, it must be 
concluded that when 7 is approximately 1, the terms in (35) and (36) containing (q- c)* play the 
major role. These terms include both electrostatic interaction and the effect of overlapping of the 
ionic shells. Near c = \, the other terms vary little with c. 

(3) When the electrostatic energy terms, which were pre viously ignored [5], are taken into 
account, the form of the relationship between C’, C,, and 7 is not altered. It remains parabolic, but 
is mainly determined by the intrinsic energy of the strained atomic spheres. The relative magnitude 
of the terms in the elastic constants, due to electrostatic interactions, is greater than appears from 
previous calculations [5], since some of these terms are proportional to the first power of the ratio 
Q/e. 

In conclusion the author expresses his deep gratitude to Professor A.A. Smirnov for his dis- 
cussion of the paper and for a number of valuable comments during its preparation. 
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generally, to an incorrect result in the calculation of C ’, However, in view of the fact that, for B - brass, 
accounting for short-range order plays practically no part, and the n,, function for both co-ordination 
spheres deviates only slightly from parabolic, the C : (7) relationship obtained in Samoilovich [5] gives a 
numerical coefficient of equal accuracy to that given by (33). The coefficient used (5) was interpolated 
from experimental data. 
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THEORY OF THE RESIDUAL ELECTRICAL RESISTIVITY OF MULTI-COMPONENT 
SUPERLATTICE-FORMING ALLOYS* 


A.M. DYKHNE, Z.A. MATYSINA and A.A. SMIRNOV 
Institute of Metal Physics, U.S.S.R. Academy of Sciences 
(Received 3 May 1956) 


Within the framework of the many-electron theory, the residual electrical resistivity of multi- 
component superlattice-forming alloys is calculated, taking into account correlation in the oc- 
cupation of crystal lattice sites by atoms of the various types in all the co-ordination spheres. 


INTRODUCTION 


Up to the present, the theory of residual electrical resistivity of alloys has broken down in 
certain special cases. The theory has been developed, to the single-electron approximation ignor- 
ing correlation, for disordered multi-component alloys [1] and for binary super-lattice-forming al- 
loys with any Bravais-type lattice, in the disordered state [2]. A third paper [3] took correlation 
into account for super-lattice-forming alloys of simple cubic lattice structure. In these papers, use 
was made of assumptions, generally adopted in the one-electron approximation but known to be 
poorly supported, regarding the introduction of the free path length as a parameter of the energy 
spectrum of the conduction electrons etc.; these assumptions do not appear to be necessary [4] 
in obtaining relationships between the residual electrical resistivity and the composition, degree 
of long-range ordering and correlation parameters. 

A calculation of residual electrical resistivity has been carried out [5], within the framework 
of the many-electron theory of metals, for binary super-lattice-forming alloys, taking into account 
correlation in the first co-ordination sphere, and also [6] for ternary disordered alloys, taking into 
account correlation in all co-ordination spheres. 

The aim of the present paper is to develop a more general many-electron theory of residual 
electrical resistivity for multi-component super-lattice-forming substitutional alloys with any 
Bravais-type crystal lattice in the disordered state, and with any number of different types of lat- 
tice site in the ordered state, taking into account correlation in all co-ordination spheres. In this 
respect, we do not extend our aim to a determination of the numerical value of electrical resistiv- 
ity, but confine ourselves merely to obtaining a relationship between residual electrical resistivity 
and composition and also to obtaining the parameters characterizing long-range order and corre- 
lation in the alloy. Thus, it was possible, as in the earlier papers [5, 6], to carry out the calcu- 
lation using a minimum of model representations. Besides taking translational symmetry properties 
into account, it was assumed in the calculations that the potential energy of the conduction elec- 
trons varies only slightly in the field due to the various types of ion, and that the voltage of the 
electrical field in the metal is low enough for Ohm’s law to hold good. Under these conditions the 
calculation for residual electrical resistivity can only be carried to completion when the atomic 
concentrations of all but two of the components are small. 


CALCULATION OF THE PROBABILITY FOR TRANSITION OF THE ELECTRON SYSTEM 
FROM ONE STATE TO ANOTHER 


We shall find the square of the modulus of the matrix element of the energy of perturbation. This 
is proportional to the probability for the transition in unit time of the system of electrons from one 
state to another, under the influence of the random arrangement in the lattice sites of the various 


types of atom of an alloy of the type referred to above. 
The potential energy V of the system of conduction electrons in the crystal lattice of the al- 


* Fiz. metal. metalloved. 5, 2, 220-229, 1957 [Reprint Order No. 5 POM 44]. 
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N 0. 
Vs - R, - h.), (1) 


Ne 


loy can be written in the form:- 


where Voy (F; - R, - hy) is the potential energy of the ith electron in the field due to the ion 
at the X th lattice site of the sth unit cell; 7; is the radius vector of the ith electron; Rg is the 
vector of the ith electron; Rg is the vector directed from the first cell, taken as the origin of co- 
ordinates, to the first site of the sth cell; hy i is the vector directed from the first site of the sth 
cell tothe Xth site in the same cell; p is the number of lattice sites per cell; N is the number 
of unit cells in the crystal; Ne is the number of conduction electrons. 

In the neighbourhood of zero, the potential energy Vg of the electron system is found as 


follows:- 


(2) 


where R, i,) a (7. -&. hy}. (3) 


Here pe is the probability that a type L site is occupied by a type a ion; Vg is the potential 
energy of the ith electron in the field of a type aion; ¢ is the number of components in the 


alloy. 
The matrix element Vm of the perturbation energy V’= V -Vo, constructed from the wave 


function of the electron system for states n and m in the neighbourhood of zero, can be written in 
the following form, analogous to that used in previous papers [5, 6] :- 


s=1] x=] 


e , 
where q = > (hi - hi): the vectors hi and hi characterize the initial n and final m states respect- 
t= 


ively of the electron system; Upp (r) is a periodic function of the co-ordinates r of any electron 
with periods corresponding to the crystal lattice in the beighbourhood of zero, and integration is 
carried out with respect to the co-ordinates of one of the « electrons over the limits of the area of 
the crystal (2. Denoting the basic lattice vectors by a, a,, a,,we obtain on the basis of the 
periodicity of the function Unm referred to:- 


(F + = (7) (5) 


where 


R,= + 5405 and S,, S, and S, are whole numbers. 


Introducing for each term of the sum in (4) the corresponding new variable 


where 


and denoting r “ anew by r, we obtain 


= exp (ig R, J (yam om) (7) 


N, z=] 
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Here we introduce the notation 


Urn = {exp (ig Ung 
| (8) 
Then, to find the square of the modulus of the matrix element | V ‘ym/|?, 
the following equation can be written:- 
lly & 
wal Vam| = » exp lig - 
S,S'=1 x, x’%=1 


The sum in (9) is divided into two parts, S,””" and S,7™ 


| 
Ne + So” (10) 
where 


s=1] x=] 


VOL 


and S— (oft ate’) exp (a - (12) 


S,S’=] x, 


19° 


where the dashed suffix to the signs in (12) denotes that the summation is made i in such a way 
that the site denoted by the subscripts s, X does not coincide with the site S” a 
Using formulae (18) and (28) of the previous paper[7], S,””and S,”can be transformed as 


follows:- 


gf? 


(14) 


Here, 
(15) 


rjdr. (16) 


This takes into account the fact | that by virtue of the proximity of /,’and Vo’, the 
value of the function Unm (7 + hy) i is only slightly different from that of Unm (7). Thus, having 
calculated S,”™and S,”™to an accuracy of terms of the third order with respect to |Vz — Us’! 
(and ignoring this type of term), we can use in the expressions for A”, formulae of the type of 
(16), in which we ignore hy in the arguments of the function Unm ie. | we consider A””',to be 
independent of the type of lattice site. a 
Further, Az in (13) and (14) denotes the number of type L sites in the unit cell; 

Q the number of types of site in the ordered state of the alloy; 
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X,, the ordinal number of the type L site in the cell; 


?, the radius of the eth co-ordination sphere; 
Om,p, @ vector directed from the central site (type L, ordinal number X;) to the m,K th 


site (of type L’ in the eth co-ordination sphere); 


“the number of type L’ sites in the eth co-ordination sphere; and e/4’ the corre- 
lation parameters which take the form 


= Pea’ Da Dar (17) 


In (17) PEE (Pc) denotes the probability that a type L site is occupied by a type a ion, whilst a 
type L ‘site at a distance of p, is occupied by a type a’ ion. 


Determination of the residual electrical resistivity of an alloy from the composition, the parameters 
of long range order and the correlation parameters 


To calculate the residual electrical resistivity of an alloy we shall make use of a method ap- 
plied in previous papers [5, 6]. 
The mean current density j can be found from the formula 


(18) 


where 


Wnm and W},m are matrix elements of the density matrix, constructed from the wave functions 
of states n and m of the electron system in the neighbourhood of zero, with and without the pres- 
ence of an electrical field of voltage F respectively; jn, are the matrix elements of current density. 

The change in F'n in unit time, in respect of the field, can be written in the form 


OW nm 6 

The change in W,,, in unit time, due to the lattice non-uniformity, depends on the probability 


of transitions 


and can be represented in the form 


vt alloy 2”’,m’ 


According to (13) and (14) 


ant 


where 


fa = [ee @) + 


> 


cos 


meL'=) 
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The values /”'7"’ are functions of the composition, the parameters of long-range order (probab- 
ilities 2!) and the correlation parameters ( £4’ ), and are also dependent on the quantum num- 
bers of states n’and m’ between which transition occurs, due to the presence in formula (24) of 


the value q 
Using (21), (23) and (24), we can represent (22) in the form 


Since (0 Wnm/ dt) alloy depends not only on the transition probabilities, but also on all the matrix 
elements = +A Warm, must depend on all the 

Expanding @2%"'™’ as a power series in A W,*,,” and including only linear terms of the ex- 
pansion, we obtain 


(27) 


n? 
Substituting (27) in (25) and noting that adil is equal to zero (because when F = 0, 
A\Wn’m”= 0 also), it follows from the condition of equilibrium that 


and we arrive at a system of equations for the determination of AWy,” m 


mna'm'n’m” ; 
n’m’ n™m” 
(a<a’) 
From this set of equations, sehahinnohige can be found sage the value of AW, %” and the 


alloy composition, probability sy and the parameters Ps L" (pe), after which the current density 
can be found from formula (18); ay the relationships we are interested in between residual electri- 
cal resistivity p. and alloy composition, the value of ph characterizing long-range order and the 
parameters can also be found. 

The set of equations (29) can be solved in cases where the functions /*’™’ are independent 


of n’and m’. Some special cases of this type will be considered below. 


Determination of the residual electrical resistivity of an alloy neglecting correlation 


In this case, when correlation between crystal lattice sites occupied by atoms of a different 
type is small enough to be neglected, the correlation parameters e/.L’ (5) can be put equal to zero 
and S? ™ is also zero. Therefore 


Q 
an! = far = DA 
/ = L Pa Pa (30) 


and f%,™’ is independent of n’ and m’. The set of equations (29) can then be written in the 


form 
aa’ =] n”m” 
where nmn”m” — 
aa’ = ’ (32) 
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The set of equations (31) obtained can be solved approximately with respect to the value of 
A Wn%m”, in the case of small additions of any number of components to a binary alloy. 

Denoting the respective atomic concentrations of the alloy components by c,(a=1, 2,,,,, é) 
we assume that c, and c, are large compared with Cay where ay= 3, 4..... €. Then not only Cg, but 
also the probability pe will be small. Thus we can separate from the functions fgg’, the fanction 


of zeroth order,the functions 
hia, > = 


(a, = 3,4,..., 


fou, hy po pk 
L=1 


of first order and the function 


_of second order of approximation. The latter can be neglected in the subsequent calculation, which 


is taken to an accuracy of first order in cg ,. 
Equation (31) will be solved by the method of successive approximations. In the neighbourhood 


of zero ha, = faq ,= 0 and denoting by A Wn“m* the solution of equation (31) obtained to this ap- 
proximation 


A Wow = —— e (36) 


Sis 


Putting in the first approximation, 
AWaeme = AWarme + 
we obtain from (31), bearing in mind (36), the following set of equations for determining 5n“m~* 


mn” m” F 
wnere ~ 


nmn”m” 


am amn’ 


Solving equation (38), taking (36) and (37) into account, we find 


nm 
= > (Ain fing + F; (40) 


fir 12 7,=3 
where suffixes n”, m” have been replaced by n, m 
The sett and Agni in (40), to the approximation considered (when vg varies only a 


little),are independent of ee and of the parameters of long-range order. 
By substituting (40) in (18), we can find the current density and thus also the residual electri- 


cal resistivity po of the alloy, in the form 


to = Afie + + Do, fo), (41) 


3 
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where coefficients A,B, and) q , are independent of composition and of the parameters of long- 


range order in the alloy. 
We shall consider the special case of a ternary super-lattice-forming alloy, with the third com- 


ponent present in small quantity. In this case ¢ = 3 and a,= 3. Writing B, = B and D, = D, formula 
(41) is rewritten for this case in the form 


Po = + + (42) 


As an example we shall develop the formula for residual electrical resistivity p, of super- 
lattice-forming alloys with body-centred and face-centred cubic lattices. 


1. The body-centred cubic lattice case Here Q = 2, 4, =1, A, = 3. From Formula (42) we get 


Po = A PE) + B pL pl 4 
+ D (py) ple (43) 


2. The face-centred cubic lattice case Here Q = 2, A, =1, A, = 3. Formula (42) here gives 


= A ph!) + + B (pl + pi) + 
+ + 3p 


In formulae (43) and (44) we confined ourselves to describing functions f,,, f,;, f33, by the 
probabilities p% . These probabilities can be expressed in terms of the alloy component con- 
centrations and the degree of long range order, in a similar way as previously used [2] for a 
binary alloy. 

Let us consider further the special case of a disordered alloy. In this case all the crystal 
lattice sites in the alloy are equivalent (pt =¢,) and the formula for the residual electrical 
resistivity of a binary alloy, with a small] addition of any number of further components, takes the 
form, according to (41), (33) and (34) 


(44) 


py = + (Bayly + Cry, 


a,=3 


, 


where 


As can be seen from formula (45), part of the residual resistivity 


, 
= (B..c¢, } Cay 


connected with the addition of a small amount of any number of further components, is a linear 
function of their concentration co, with coefficients which are linearly related to the concentra- 
tions c, and c, of the major constituents of the alloy. In the special case of one component added 
to a binary alloy, all the results previously obtained [6 ] follow from formula (45). 

For a binary alloy, when c,=c,=..... = 0, the special cases considered for the residual 
electrical resistivity of ordered (44) and disordered alloys, (43), (44) and (45) are transformed to 
the previously known formulae [1, 2, }. 


B. Determination of the Residual F lectrical Restivity of Alloys, taking Correlation into Account 


In solving the system of equations (29) we shall here confine ourselves to the special case 
of alloys with a small number of current carriers (N,, small compared to N). Moreover we assume 
that in considering correlation, attention can be confined to the reasonably adjacent co-ordination 


32 
VOL 
5 
195 
— (45) 


Theory of the residual electrical resistivity of multi-component superlattice- forming alloys 


spheres, so that 7 Pmap <1. Thus all the cosines in the functions fu®’ can be put equal to 


unity so that function 
Q 
= Jaa’ = pe pi 
L=1 


Lel x=! e 


as in the case when correlation is absent, will not depend on n’, m’, and the set of equations 
(29) will assume the form of the set (31), in which the functions fag’must be taken from (46). The 
set of equations obtained can be solved with respect to AWn%m” in the case of binary super-lat- 
tice-forming alloys with a small addition of any number of further components. 

Solving in this case the set of equations (31) with the f,,’functions from (46) we obtain, as 
in the cases when correlation is absent, a formula for residual electrical resistivity of the form of 
(41), in which the functions f,,, figand f.q.must now be taken from (46), the functions f,a, and 
fsq,once more being small compared to f,,, whilst the finer function f/gaq% is neglected as of a 
higher order of approximation. We shall further consider a similar series of cases of binary super- 
lattice-forming alloys with a small addition of one component. The residual resistivity of such 
alloys is calculated from formula (42), po = Af,, + Bf,,; + Df,s, using functions f,,, f,, and f,, 


taken from (46). 


1. Alloy of b.c.c. structure. Taking into account correlation in the first co-ordination sphere 


(e =1, 8) Writing = and noting that < we obtain from (46) and 
(42) 


po =A — 8 +B + PP — 8 + 
+ 1) p2) p2) —8 + 


0), by virtue of the 


In the special case of a binary alloy of the type under consideration (c, = 


obvious equations 


we obtain 


(49) 


Thus the formula for residual resistivity assumes the form 


(50) 


For binary alloys the probability p“ is easily expressed in terms of the degree of long-range 
order 7, which in the case of body-centred cubic alloys can be written as follows 


(51) 


and y=l1-c,when c, > 


where y=c,whenc, < % 


Thus 


=A’ — 177? - 
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(where A’= 2A), 


which gives the relationship between pp and the alloy composition, the degree of long-range order 
7 and the correlation parameter ¢. Formula (52) coincides with previously known results [2, 5]. 


2. Alloy of f.c.c. structure. Taking into account correlation in the first co-ordination sphere 


Bearing in mind that in this case a type ] site is surrounded by 12 type 2 sites in the first co- 
ordination sphere, whilst a type 2 site is surrounded by 4 type 1 and 8 type 2 sites in the first co- 
ordination sphere, and writing as before ft’ (p,) = =. we find from formula (46) and (42) 


+B +300) — 12, + + + 
+D [ph + 12688 + + (5) 


For a binary super-lattice-forming elloy of f.c.c, structure, taking into account correlation in 
the first co-ordination sphere, we introduce the notation:- 


022 = e22 = (54) 
and find 
Vol 
= A pil) 4 3p) — 94 022), (55) 


Expressing the probabilities 4 in terms of the degree of long-range order 7, now in the 
form of (51) where y = 3c,, when c, < 1/4 and y= 1-c,, when c, > 1/4, we arrive at the formula 


Pp = A” [cscs 127? (e!2 4 (56) 


where A” = 4A. This again coincides with previous results [ 2, 5). 
Let us further consider the special case of a binary disordered alloy with a small addition of 


any number of further components. 

In this case, all lattice sites in the alloy are equivalent, i.e.Q=1,L=L’=1,Az =p, 
are independent of the type of site and can be denoted by égg’ (€gq’=€a‘a), and Z,,; ’is now equal 
to the co-ordination number of the eth sphere and can be denoted by ze.. Then formula (46) for the 


aq’, functions gives 


Cot — (P2)] (57) 


and 


+ Da, |}, (53) 


where A” = uA, = =4 


In the special case of a binary disordered alloy with a small addition of a third component, 
we obtain from (58) 
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This agrees with formula (32) of a previous paper which gives a detailed discussion of the 
physical results arising from this formula. / 

In conclusion we should point out that it was not our aim here to determine the relationships 
between parameters characterizing long-range order (e.g. the probability of substitution by atoms 
of a different type) nor yet between the correlation parameters and the alloy composition and an- 
nealing temperature. Consideration of these points will form the subject of a separate paper. 
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A NON-LINEAR SURFACE EFFECT IN A CIRCULARLY MAGNETIZED 
FERROMAGNETIC CYLINDER* 


N.N. ZATSEPIN 
Institute of Metal Physics, Urals filial, U.S.S.R. Academy of Sciences 
(Received 8 June 1956; after revision, 18 October 1956) 


Formulae are developed for determining the electromagnetic values in a cylinder, magnetized 
by a circular alternating current, taking into account the variability of magnetic permeability, by 
the small parameter method. 

1. The phenomenon of surface effect has been considered [1] for the flow of a.c. along a 
cylinder, when the magnetic permeability is constant. 

In the present paper, the surface effect is considered in a ferromagnetic cylinder, made from 
a material of constant electrical resistivity, magnetized by a sinusoidally alternating current, when 
its magnetization curve differs slightly from linearity. 

2. The B (H) magnetization curve is approximately by the formula 


B =p, (H - aH’); H<H, = 
V 3a (1) 


Here, H, is the field strength, at which B(H) in (1) reaches a maximum; po is the initial magnetic 
permeability, found from the magnetization curve. 
Replacing H by the dimensionless variable h = H/j’and a by the dimensionless parameter 


¢ = aH?, formula (1) assumes the following form:- 


] 
Bz hoh, = (2) 


A 


Here, H is an arbitrary constant with the dimensions of field intensity. It is selected so as to 
satisfy the condition 


(2’) 
We have then 


(3) 


Formulae (1) and (2) are valid, for all H < H, and h < hy respectively. 
We assume from now on, that when the magnetic permeability is constant the current density 
and voltage due to the magnetic field in the cylinder are sinusoidal functions of time 


> = 
(4) 
H=H, (nei! J 
Here 5, 5m, H, Hm are the current density and voltage respectively due to the field, r is the radius 


vector and ¢ the time. 
To solve this problem we use the Maxwell equation 
1 0H H OB 0H 
or® r or Ot (11) ot 
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with the boundary condition (0H/dr); , o = Smo’ Here Smo is the current density at the axis of 
the cylinder and pd (H) the differential magnetic permeability, depending on the external field. 

Differentiating @) with respect to H and substituting the value of yg (H) found in (5), bearing 
in mind that h = H/# we obtain 


— - oll 3: (6) 


or? r or 


The solution to equation (6) takes the form of a power series in ¢ 


where h, (r,t) is the solution of linear equation (6) for ¢ = 0 and Aj.(r, t).(j = 1, 2, 3...) is a dimen- 
sionless function of r and t. 
Substituting (7) in (6), equating to zero the coefficients of each power of ¢ and confining 


attention in this process to the first order in ¢, we shall have the following equation 


or? r or ot’ 


024 1 0A 0A Ooh 
or ot ot 


The boundary condition for the first equation is (dho/dr)p,o =65 wih 
and for the second (0A/dr);,.=0. Here D= ¥, 


Referring back to (4), the solution to the first equation in (8) assumes the form 


hy = (9) 


Introducing a new independant variable X = ry — iwD, and substituting (9) in (8), we obtain after 


some simplifications the Bessel equation 


(10) 


with the boundary condition 


The general solution to equation (10) will be 
hn (x) = Ad, (x), (11) 

where J; (X) is a first order Bessel function. Constant A is found from the boundary condition, 

Since a( Se 


lim 
dx 2 


therefore 


H -iwD 

Consequently, the required solution to (10) is 
h m(X) = mod (x) (x) 


The solution of the first equation in (8) has the form 


Ng (r, t) = 


H -—-iwD 
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We now turn to solving the second equation in (8). Since 
g(r, j= =\Ji(rV — iwD) eis ot 


7 ), then on substituting this in the second equation in (8), we shall 


w 


[where 


have 


The solution to this equation has the form 


A,=u (r)et 3 wt, 


Substituting (15) in (14), we obtain the equation 


with the boundary condition ey Phin 0. 
Introducing a new independent variable y = r\/ —i3wD, and substituting in (16), after suitable 
manipulation we obtain the equation 
+ vy) +(1 '( =) (17) 
with the boundary condition (dy/dy)y 5 0 = 0. The right hand part of (17) is put in the form of a 


series. 
(= 1)" @n 2m!(— z) 
Since [2] Jig= > 


m=0 


(17’) 


m! (2n + m)! + m)!}? 


term by term multiplication of J, (z) by J? (z) gives 
3 342m 
J3(z) = 3 (-1)"6,(m) (+2) 
m=0 
pl (2 + 2k)! 


substituting (18) in (17) and introducing the notation 


(—1)™) 342m 
om = —— 9;, (m) (=) 
3iw 2V 3 


Equation (19) is solved in the form of a power series 


= Ea, 


n=0 


Substitution of the corresponding values in (19) gives 


(6 + 2n) (4 +2n) a, 4 a, yit2n = Dm (21) 


n=0 n=0 m=0 


This equation is valid in the case where the coefficients, expanded in separate powers of y, 
are equal to zero: 
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4.649 = fo; 
6.82, + = 
8.100, + 2, = 
(442) 642) a, =p 


in which = 0, 1, 2, ..., m...3 a, =0 
Hence we find a,, a.... Qy.... 
Thus the required solution to (14) assumes the form 


A, (r,t) = 


n=0 


Consequently the general solution to equation (16) has the form 
h(r,t) = ho (r,t) + € A, (r,t). 


The functions ho (r,t); A, (r,t) are found from equation (13’) and (23). 
In conclusion I express my thanks to Prof. R.I. Iamus for his good advice. 


REFERENCES Electrical’ Technology, Part Ill, Gosenergoizdat 
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1. L.R. Neiman and P.L. Kalantarov, Teoreticheskie 2. G.N. Vatson, Teoriya Besselevykh funktsii (Theory 
osnovy electrotekhniki (Theoretical Principles of of Bessel Functions) Part 1, Ill 43 (1949). 
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THE DOMAIN STRUCTURE IN HIGH COERCIVITY 
MANGANESE - BISMUTH ALLOYS* 
IA.S. SHUR, E.V. SHTOL’TS, G.S. KANDAUROVA and L.V. BULATOVA 
Institute of MetalsPhysics, Urals Filial, U.S.S.R. Academy of Sciences 
(Received 2] March 1957) 


A study was made by the powder figure method of the domain structure in MnBi alloy, and its 
change under the influence of a magnetic field. It was found that the process of reversal of mag- 
netization was greatly dependent on the initial state of magnetization. Visual observation was 
made for the first time of reversal of magnetization in individual crystallites, by a single rotation 


process. 


On the basis of all the information available on 
high-coercivity alloys it is thought that the dis- 
tinguishing feature of this class of ferro-magnetic 
materials is the presence in them of a single - 
domain structure, as a result of which technical 
magnetization takes place in such materials mainly 
by means of rotation processes. This being so, the 
high coercivity state can only arise in the case 
when the single domains possess considerable mag- 
netic anisotropy. 

However, this representation provides no ex- 
planation for certain phenomena which have been 
observed in high-coercivity ferromagnetic materials: 
the phenomena of temperature magnetic hysteresis 
[1], magnetic viscosity [2] and the special magnetic 
properties of magnetically anisotropic specimens 
made from powered manganese-bismuth alloy [3]. It 
is therefore of fundamental importance for all prob- 
lems concerning high-coercivity ferromagnetic 
materials to observe directly the domain structure 
and its changes under the influence of a magnetic 
field. With this in mind, we undertook the present 
investigation, devoted to a study of the domain 
structure of a high-coercivity manganese-bismuth 
alloy by the powder figure method. 

Choice of this alloy was dictated by the follow- 
ing considerations. Of all the ferromagnetic alloys 
yet investigated, MnBi has the highest energy of 
magnetic anisotropy. The coercive force rises 
rapidly as the particle size is reduced, and at a 
particle size of the order of 10-20 micron it reaches 
5,000 oersted. It can be supposed that since the 
value of the magnetic anisotropy constant is high, 
the magnetic structure is single-domain or nearly 
so, in these relatively coarse particles; this can 
be tested by the powder figure method. 


* Fiz. metal. metalloved. 5, No.2, 234— 240, 1957 
[ Reprint Order No. 5 POM 46]. 


It must be noted that attempts have been made 
previously [4] to study the domain structure of high- 
coercivity alloys. However, it has not been poss- 
ible, on the basis of the investigations carried out, 
to come to any definite conclusions regarding the 
domain structure of high-coercivity alloys or, in 
particular, the technical magnetization processes 
occurring in them. 


SPECIMENS EXAMINED AND METHOD 
OF EXAMINATION 


The investigation was carried out on cylindrical 
specimens of manganese-bismuth alloy (10mm.long, 
6mm. diameter) made by vacuum-sintering mangan- 
ese and bismuth powders at 300°C for one hour. 
Microscopic examination confirmed that after sin- 
tering in this way the specimens consisted of par- 
ticles of manganese-bismuth compound, of linear 
size 15-25 micron, separated by intermediate layers 
of unreacted bismuth and manganese. The speci- 
mens had a coercive force of the order of 1000 
oersted. Powder figure observations of the domain 
structure were carried out on the end faces of the 
specimens. The test surfaces were first carefully 
polished mechanically. To produce the powder 
figures on the test surface of a specimen a mag- 
netic suspension was applied which was prepared 
by Elmore’s method [5]. To study the change of 
domain structure under the influence of a magnetic 
field, the test specimen was fixed in a special 
holder and placed between the poles of an electro- 
magnet. The holder was so designed that, without 
removing the specimen from the electromagnet, it 
could be rotated about its axis to any angle rela- 
tive to the direction of the magnetic field. In these 
experiments the specimen could be magnetized in 
fields up to 21,000 oersted. 

MnBi alloy, like cobalt, has a hexagonal lattice 
and a single ferromagnetic axis, but its anisotropy 


4] 
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constant has a somewhat higher value than that of different types of domain structure appear on the 
cobalt [6]. Thus, in MnBi alloy, the powder figures surfaces of different crystallites. In what follows 
depend on the crystallographic orientation of the we have confined ourselves to a study of the 
specimen surface [7], as in cobalt crystals, which domain structure of crystallites the surface of 
have been studied repeatedly and in detail. which is aligned parallel to the axis of easy mag- 
RESULTS OF OBSERVATIONS AND netization or at a small angle to it. Again the 
THEIR ANALYSIS structure was examined when the crystallite con- 
sisted of a single domain or a few main and closure 
Observations of the powder figures on a large domains. An analogous structure has been observed 
number of MoBi alloy specimens has shown that previously in transformer steel [8]. The closure 


c 


FIG. 1, a-c. Changes in domain structure of 
MnBi crystallite during reversal of magnetiza- 
tion (axis of easy magnetization parallel to 
crystallite surface: 

a. — H = 6000 - 21,000 oersted 

b. — H = 740 oersted 

c. — H = 340 oersted 

x 400 
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domains are arranged at tue ends of the main ture as the magnetization is reversed in a crystal- 
domains, or on the entire crystal surface, and the lite with closure domains arranged at the ends of 
direction of magnetization in them is anti-parallel the main domains (the axis of easy magnetization 
to that inthe main domains*. The absence of boun- coincides with the surface of the crystallite). 
daries between domains was at times observed Photographs of the powder figures are shown on 
over the entire crystallite surface, indicating a the left and schematic drawings on the right; 
single-domain structure. arrows indicate the direction of magnetization in 


FIG. 1, d-e. Changes in domain structure of 
MnBi crystallite during reversal of magnetiza- 
tion (axis of easy magnetization parallel to 
crystallite surface): 
d.-H=— 440 oersted 
e. - H = — 1,300 oersted 
x 400 


The observation of changes in the powder figures the individual domains. Traces of scratches re- 
due-to a magnetic field is of particular interest. In vealed by the magnetic power under all fields can 
these observations the external field was always be seen on the crystallite surface. In the initial 
oriented along the direction of easy magnetization state the crystallite is magnetized by an external 
in the plane of the specimen. Some results of these field af 6,000 oersted, which has brought the cry- 
observations are shown in Figs. 1—3. stallite to saturation (Fig. la). On reducing the 

Fig. la—e shows the change of domain struc- field, closure domains are formed on the crystallite 
surface. Thus, on reaching a field H = 740 oersted, 
closure domains can be seen, one of which has 
* The sare: “closure demaia® is tnken to be analogous been outlined heavily and the other two lightly 


to the term used in studying the domain structure of e x 
triaxial ferromagnetics. In (Fig. 1b). As the field is reduced further the num- 


magnetics the domains on the crystal edges reduce ber of closure domains increases. 
the charge density on the crystal surface but 1o not Reversal of the field and its increase in absolute 


lead to complete closure of the magnetic flux-path. magnitude leads to further growth of the closure 


d 

vol 
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FIG. 2. Changes in domain structure during re- 
versal of magnetization in MnBi crystallite, pre- 
viously magnetized in field of 6000 oersted (axis 
of easy magnetization at a small angle to crystal 
lite surface): 

a. - H = 6000 oersted 

b. - H = 1600 oersted 

x 400 


FIG. 3. Changes in appearance of powder 
deposit during reversal of magnetization of 
MnBi crystallite previously magnetized in field 
of 21,000 oersted (same crystallite as in Fig. 2): 

a.-H= 1400 oersted 

b.-H= 700 oersted 

c.-H= 0 

d. - H =— 3400 oersted 

x 400 
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domains, one of them being converted into a main 
domain of opposite magnetization (Fig. lc; //=340 
oersted). Further reversal of magnetization of the 
crystallite occurs by a process of boundary dis- 
placement. In a field of 1 =— 440 oersted this pro- 
cess reaches a stage in which the volumes of main 
domains with original and reversed direction of 
magnetization are roughly equal (Fig. 1d). Thus, 
as a rough guide, it can be said that this field 
corresponds to the value of the coercive force for 
this crystallite (7, =~ 500 oersted). Fig. le shows 
the domain structure in a field of // =— 1300 oer- 
sted. The main domains with the original direction 
of magnetization are disappearing, and there is one 
main domain with reverse magnetization and a few 
closure domains; some of these enclose in turn 
secondary closure domains. At a field strength of 
/1= —6000 oersted the entire crystallite consists 
once again of a single domain with reversed direc- 
tion of magnetization. Increase of the magnetizing 
field to 21,000 oersted does not alter the observed 
picture of the reverse-magnetized crystallite. 

In the case considered, the process of reversal 
of magnetization of the crystal occurs by boundary 
displacement in a similar manner as in soft mag- 
netic materials. The high value ofthe observed co- 
ercive force (~500 oersted) is probably related to 
the fact that the MnBi alloy has a very high value 
of magnetic anisotropy constant. 

However, in some crystallites of the MoBi 
alloy, the process of reversal of magnetization is 
more complicated and depends on the initial mag- 
netization state. As an example we take the case 
of a crystallite the whole surface of which ex- 
hibits drop-shaped closure domains (the axis of 
easy magnetization is at a small angle to the 
crystallite surface). When the crystallite is mag- 
netized, the closure domains shrink from all sides 
and disappear completely in a field of 6,000 oer- 
sted (Fig. 2a). If the field is then reduced, the 
closure domains form again (Fig. 2b; 7 = 1600 
oersted). Further reduction of the field and revers- 
al of its sign leads to the formation of main do- 
mains with the opposite direction of magnetization. 
Thus reversal of magnetization takes place by a 
process of boundary displacement. In a field of 
H = — 1500 oersted the volumes of main domains 
with the original and the reverse directions of mag- 
netization are roughly equal, giving a rough esti- 
mate of the coercive force for the crystallite 
(H, ~ 1,500 oersted). The process of reversal of 
magnetization takes place in a completely differ- 


ent manner in the same crystallite, if it is first 
magnetized in a field of H = 21,000 oersted. In 
this field, the powder deposit has the same form 
as shown in Fig. 2a, i.e., the magnetic powder 
collects only at the ends of the crystallite. As the 
field is reduced, a gradual encroachment of powder 
can be observed, from the edges of the crystallite 
on to its surface (Fig. 3). However, in this pro- 
cess, no boundary formation between regions can 
be observed, i.e., the crystallite does not appear 
to break down into domains. When the sign of the 
field is reversed the powder spreads even further 
over the entire crystallite surface. This process 
continues until some critical value of the field 

is reached (in the present case at about 4000 oer- 
sted) when the powder deposit moves abruptly 
back to the crystallite edges, again giving the 
figure shown in Fig. 2a. The changes just des- 
cribed in the appearance of the magnetic powder 
deposit under the influence of a field indicate that 
in this case reversal of magnetization takes place 
by a non-reversible process of rotation. In this pro- 
cess the crystallite retains a single-domain mag- 
netic structure during reversal of magnetization. 
When the critical field strength is reached the mag- 
netization vector of the single domain turns into 
alignment with the field in a non-reversible jump. 
This critical field strength corresponds to a co- 
ercive force of about 4000 oersted for the present 
crystallite. Thus in this experiment the first 
successful direct observation has been made of 
reversal of magnetization taking place by a single 
rotation process. The deciding factor for this to 
occur is apparently complete extinction of nuclei 
of reverse magnetization. This does not take place 
when the magnetizing field is small (in this case 
6,000 oersted); reversal of magnetization then 
occurs by boundary displacement processes. 


CONCLUSION 


Powder figure observations have shown that in 
manganese-bismuth alloy consisting of MnBi 
crystallites of size 15-25 micron, separated from 
each other by non-ferromagnetic interlayers, the 
process of reversal of magnetization parallel to 
the axis of easy magnetization can take place by 
two mechanisms: 

(a) by the formation and growth of nuclei, some 
of which develop into domains of reverse magneti- 
zation, and the displacement of 180 degree boun- 
daries between the domains. In this mechanism the 
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coercive force can reach values of the order of 
1000 oersted; 

(b) by a single rotation process. This occurs in 
the case when the magnetizing field is sufficiently 
strong to destroy reverse magnetization nuclei, so 
that closure domains cannot form. In this case the 
coercive force reaches several thousand oersted. 

Apparently the observed features in the process 
of reversal of magnetization are due to the fact 
that the size of the crystallites studied is approxi- 
mately the critical size for the transition to a 
single domain structure. It can be supposed that 
reversal of magnetization must occur by a similar 
process in other high-coercivity materials. How- 
ever, in ferromagnetic materials with less pro- 
nounced magnetic anisotropy ‘han MnBi alloy, 
this phenomenon must occur for a smaller size of 
the individual ferromagnetic units. 
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FULFILMENT OF THE ADDITIVITY PRINCIPLE FOR THE 
SATURATION MAGNETIZATION IN COMPLEX FERRITIC ALLOYS* 
S.N. KRASOTSKAIA 
Gorky Physico- Technical Research Institute 
(Received 15 May 1956) 


The additivity principle is verified in the magnetization of complex ferritic alloys, corresponding 
in alloy content to high speed steels and the martensite obtained on quenching steels of this type. 

The verification is carried out by comparing the calculated values of magnetization for binary 
systems (Fe-W, Fe-V, Fe-Cr) with the experimental values for complex ferritic alloys (Fe-W-V-Cr). 
It is established that the additivity principle is satisfied within a certain range of alloying element 


content. 


Establishment of the laws governing the reduc- 
tion by alloying elements of the saturation mag- 
netization of iron is of great value for the solution 
of problems concerning the determination of resi- 
dual austenite content in alloy steels. In view of 
the practical difficulty of obtaining fully marten- 
sitic specimens for use as calibration standards, 
it is sufficiently accurate to utilize ferritic speci- 
mens of the same alloy content. Two practical 
solutions can be suggested: the experimenter must 
either have the necessary selection of ferritic 
specimens, or must calculate the saturation mag- 
netization for ferrite of a given composition, 
knowing the laws governing its change with the 
introduction into the iron of the various alloying 
elements. 

In calculating the residual austenite content of 
steels containing one alloying element, the mag- 
netization of the corresponding calibration stan- 
dard can be determined by using the published 
data for the changes in magnetization in the binary 
iron-alloy system [1, 2). For steels alloyed with 
several elements, such calculations are difficult, 
since no data have been given on the reduction of 
magnetization in iron in the presence of a number 
of elements. 

Theoretical papers [3] on this question indicate 
that the laws governing the reduction of magneti- 
zation in such systems are complicated. Some ex- 
perimental papers [5, 6] suggest that within cer~ 
tain composition limits, certain alloying elements 
have an additive effect. 

To verify the additivity law, specimens were 
taken of complex ferritic alloys. Alloy No.1 has an 
alloy content corresponding to that of high speed 


steel R.18, and alloy No.2 approximately corres- 
ponds to the composition of the martensite obtained 
on quenching the same steel, according to the 
literature [6] (Table 1). 

The effect of each alloying element separately 
on the saturation magnetization of iron was deter- 
mined on iron-tungsten specimens, with 0.16 to 
16.85 weight per cent. W, iron-vanadium specimens 
with 0.42 to 4.67 per cent. V and iron-chromium 
specimens with 0.4 to 20 per cent. Cr. The carbon 
content did not exceed 0.05 per cent. in any speci- 
men, so that its effect on saturation magnetization 
was ignored. 


TABLE 


Specimen W 


No. . % Jat. % | wt. % 


1 6.4 | 0.97 
2.21} 0.42 


* Fiz. metal. metalloved. 5, No.2, 241 — 245, 1957 
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The values of saturation magnetization shown 
in Fig. 1 are the means of fifty measurements on 
each material. Before the measurements were made 
the samples were subjected to a homogenization 
anneal in vacuo. 

The reduction of intensity of magnetization is 
proportiona to the vanadium and chromium contents 
of the materials within the composition limits given, 
when the composition is reckoned in terms of atoms 
per cent. (Fig. 1). 

In the tungsten-bearing materials, there is a de- 
viation from linearity above 3 atoms per cent., due 
to the presence in the ferrite, according to the 
Fe-W equilibrium diagram, of the paramagnetic 
compound Fe,W. 

‘When a similar curve is constructed for quenched 
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tungsten-bearing ferritic specimens, it gives a 
linear law for the reduction of intensity of mag- 


NS 


24 6 8 10 16 1 20 
alloy content, atoms per cent 


FIG. 1. Effect of alloying elements on saturation 
magnetization of ferritic materials. 


netization. This curve is shown by a dotted line 
in Fig. 1. 

The absolute values of saturation magnetization 
obtained on these materials agree well with the re- 
sults given in the literature [1] (also included in 
the monograph by Vonsovskii and Shur [2]). 

The additivity principle was used to calculate 
the saturation magnetization of the complex alloy 
No.2. The value thus calculated was compared with 
the experimental value of saturation magnetization 


for this sample (Table 2). 


TABLE 2. 


Alloying element | Amount present Reduction of 
per cent saturation 
magnetization 


Tungsten 2.21 700 
Vanadium 0.46 100 
Chromium 3.4 700 


Total Reduction 1500 
Calculated value of saturation 
magnetization 20,100 

Experimental value of saturation 
magnetization 20,000 


Note: the saturation magnetization for pure iron 
was taken as 21,600 {2]. 
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220| complex Aa for annealed 
|material No.2 specimens 
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epecinens 


FIG. 2. Relationship between saturation mag- 
netization and quenching temperature in 
materials W170 No.1 and No.2 


As Table 2 shows, the calculated and experi- 
mental values of saturation magnetization for this 
sample agree; the difference is within the limits 
of experimental error, i.e., for this alloy content 
the additivity principle can be used. 

For alloy No.1, containing 18 per cent W, a simi- 
lar calculation is difficult, since this material 
apparently contains (in the annealed condition) two 
phases, a + Fe,W, and shows the same effect of in- 
creasing saturation magnetization with increasing © 
quenching temperature as the iron-tungsten speci- 


men with 17 per cent W (17170). (Fig. 2 a-b). 


Ma for annealed specimens 


Xe 
(4 Cr 


Aa for annealed 
specimens 
|V-10 (1 per cent V ) 


Se 
S 


{gauss 10°) 


800 $00 1000 N00 7200 1300 ¢ (°C) 


FIG. 3. Relationship between saturation magneti- 
zation and quenching temperature in materials 
X-40 and V-10. 
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In view of this the experimental value for satura- 
tion magnetization refers not to 100 per cent of a- 
phase, but to some lower amount. Clearly, if the 
amount of Fe,W compound in the material were 
known it would be possible to convert the experi- 
mental value of saturation magnetization to a full 
100 per cent of the a-phase. 

The amount of Fe,W could be determined from 
the ordinary equation for calculating the amount of 
paramagnetic phase in a sample: 


x 100 per cent 


where P is the percentage of paramagnetic phase, 
Il, and /, are the saturation magnetization of the 
calibration standard and the sample respectively. 

For an accurate calculation it would be necess- 
ary to take, as /,, the saturation magnetization of 
the phase in our sample, but since this value is 
not known and cannot be determined independently, 
it does not appear feasible to verify the additivity 
principle for annealed specimens. 

No attempt was made to verify the additivity 
principle for quenched specimens, in which only 
a- phase was present, and which should therefore 
contain the entire alloy content. 

An experiment on specimens X40 and V10, with 
Cr and V contents corresponding to those in com- 
plex alloy No.1, showed that on quenching, a- 
phase is retained in them (Fig. 3). However, as 
Fig. 2c shows, the saturation magnetization of 
alloy No.2 remains constant as quenching tempera- 
ture is increased; in other words the presence of 

W, which contracts the y-loop, apparently sup- 
presses the effect of Cr and V, and y- phase is not 
formed in the complex material. Starting from these 
considerations, we calculated the saturation mag- 
netization in quenched alloy No.1, but found no 
agreement between the calculated and experiment- 
al values (Table 3). 

However, it must not be concluded from this 
alone that additivity is not satisfied. Although we 
suggested that y- phase is not retained in complex 
alloys, the experiment indicates that the relative 
increase of saturation magnetization with increas- 
ing quenching temperature, is greater in the tung- 
sten-bearing specimen 170 than in the complex 
alloy of the same tungsten content (Figs. 2 a-b). 
This shows either that a certain amount of y- phase 
is retained in the latter material, or that it con- 


TABLE 3 


Reduction of 


Alloying element 
saturation magnetization 


Tungsten 1400 
Vanadium 200 
Chromium 1000 


Total reduction 2600 


Calculated value of saturation 


magnetization 19,000 


Experimental value of saturation 


magnetization 17,500 


tains a smaller amount of Fe,W in the annealed 
condition. It should be possible to reveal the pres- 
ence of y-phase in alloy No.1 by heating a quench- 
ed specimen, but this is accompanied by another 
parallel process, the formation of the compound 


Fe,W, as a result of which the saturation magneti- i 
zation is reduced and the observation is nullified. 195 


Thus it is not possible to verify the additivity law 
for the effect of alloys on saturation magnetiza- 
tion in complex alloy No.1. 

From the work carried out it can be concluded 
that for quite a large class of steels, containing 
tungsten, chromium and vanadium in amounts not 
exceeding those of alloy No.2, the additivity prin- 
ciple can be used to calculate the saturation mag- 
netization of a ferritic standard for determining the 
amount of retained austenite. 

For high-tungsten steels (such as R18), if it is 
borne in mind that not all the alloy is present in 
the a-phase, the additivity principle can again be 
used. However, great care is necessary in this con- 
nection, since the composition of the a- phase has 
not yet been accurately established. Thus, for ex- 
ample, Michel and Papier [7] give a higher value 
of the a- phase alloy content of steel R.18, 
quenched from 1300°C (11 per cent W, 1.3 per cent 
V) than does Nikanorov [6]. 
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CONTRIBUTION TO THE PROBLEM OF THE REACTIVE DIFFUSION 
MECHANISM IN Cu-Se, Cu-Te, Ag-Se AND Ag-Te ALLOYS* 
V.I. ARKHAROV and V.O. ESIN 


Urals Gorky State University 
(Received 28 December 1956) 


It is established experimentally that the concentration gradient in “acicular” scales in the 
Cu-Se, Cu-Te, Ag-Te systems is very small. The crystal chemistry of the lattice of the phases 
forming the scale (Cu,Se, Cu, Te, Ag,Se, Ag, Te) explains the marked anisotropy of diffusion 
rate, and the observed orientations explain the acicular (or elongated-laminar) crystal habit. 

The structural picture of the reactive diffusion process in these systems agrees with the view 
that the process is determined by the rate of reaction at the metal—scale interface. 


During reactive diffusion in certain binary sys- 
tems of the “metal-gas” type there occurs a 
peculiar “acicular” growth texture [1,2]. It is due 
to the very pronounced anisotropy of the growth 
rate of the chemical compound crystals which are 
forming; in the growth process, metal diffuses 
preferentially along the acicular crystal (through 
its lattice) to the tip [2]. 

In this process the needle length can quite 
rapidly reach 5~10 mm (while the transverse di- 
mension is of the order of 0.1—0.3 mm). 

In order to elucidate the mechanism underlying 
this phenomenon, we attempted to find, by X-rays, 
the composition gradient along large acicular 
Cu,Se crystals, prepared under conditions similar 
to those previously described [1,2] (450-600°C). 

According to available data [3], the a—Cu,Se 
phase has an appreciable homogeneity range 
(extending towards the Se end), within which the 
Type 3 solid solution (vacancies in the Cu- 
assemblies) is stable, the lattice parameter 
varying from 5.840 + 0.006A for the stoich= 
iometric composition to 5.720A for the maximum 
excess of Se (i.e., the maximum vacancy concen- 
tration). 

Thus, one would expect a noticeable variation 
of the lattice parameters if a sufficiently large 
composition gradient exists. To observe this 
gradient, the selenide scale on copper was divi- 
ded into separate fractions each of which was 
then ground to powder. X-rays were taken of the 
fractions from the acicular zone and from the 
basal (compact) zone of the scale, consisting of 
randomly oriented (obliquely arranged) crystals, 


* Fiz. metal. metalloved. 5, No.2, 246 — 250, 1957 
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the growth of which had been retarded by mutual 
contact. In some experiments individual needles 
of abnormal! size were removed from the scale and 
cut under the microscope, using a razor blade, 
into portions representing the crystal “tip” and 
“base”; these fractions also were ground in a mor- 
tar and X-rayed by the Debye method.** Exposures 
were made with Fe-K radiation, using the same 
camera throughout and with all the conditions 
standardized. Copper powder was mixed with the 
test powder, as a standard material. The tests 
were capable of detecting changes of the order of 
0.005A in lattice parameter. 

On all fractions, the lattice parameter found 
for a~Cu,Se was a = 5.760 + 0.005. 

In an attempt to detect parameter changes less 
than the error quoted, additional photographs were 
taken on a mixture of the powders taken from the 
outer (acicular) layer of the scale and the inner 
compact layer. It was anticipated that the X-ray 
photograph of the mixture would show line- 
broadening, compared with photographs of the 
outer and inner fractions examined separately. 

By microphotometry it would be possible to detect 
differences of 0.003A in the a—Cu,Se lattice para- 


meter. 


** Attempts to show the difference between the tip and 
base of needles by the rotation method (on single 
abnormally large needles) were unsuccessful, since 


the reflections on the X-ray photographs were extend- 


ed in a direction transverse to the plane of the layer, 
apparently because the needles are not single crys- 


tals but a bundle of acicular crystals with some devi- 


ation from parallelism. This greatly reduces the 
accuracy of measurements of repeat distance. Para- 


meter measurements by the Sachs method are difficult 
because the Cu,Se lines (and those of similar phases) 


in the large angle range are very weak. 
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However, parameter changes were still undetect- 
able, and the width of the corresponding maxima 
on the micro-photometer curves was the same with- 
in the limits of experimental error*. Debye photo- 
graphs were also taken of powdered selenide 


scale on copper including, in addition to the acicu- 


lar and base (compact) layer, a thin layer which 
remained on the metal when the scale was removed. 

In this case the Debye photographs contained 
two sets of lines; the a—Cu,Se lines being, as it 
were, each split into two. One set corresponded 
to a—Cu,Se of lattice parameter 5.760A, and the 
other (low intensity) to a—Cu,Se of lattice para- 
meter 5.820A. 

On X-ray photographs taken separately on the 
thin layer remaining on the metal after scale 
removal, the same two sets of lines were found, 
but the second (corresponding to parameter 5.840 
was relatively more intense than in the previous 
series of photographs. This indicates that 
a—Cu,Se with an enlarged lattice parameter occurs 
only in a thin layer immediately adjacent to the 
metal. 

The results obtained lead to the following con- 
clusions regerding the Cu-Se system. 

Throughout the length of the acicular crystals 
(including the oblique crystals in the compact 
zone of the scale) the lattice parameter has a low 
value, near to that corresponding to the maximum 
concentration of vacant copper sites in the lattice, 
and the composition gradient is so small that it 
does not affect the lattice parameter, within the 
given limits of experimental error. 

Apparently a sharp fall of concentration occurs, 
from maximum (corresponding to the maximum 
value of lattice parameter) right down to the low- 
est level, within a very thin layer of the selenide, 
immediately adjacent to the metal. This com- 
position distribution shows that the diffusion rate 
of copper through the a-Cu,Se crystal is relatively 
high and that the process as a whole is governed 
by the reaction at the copper-selenide interface 
(i.e. by the migration of copper atoms from the 
metal lattice to the selenide lattice). 


* In a few cases the expected line-broadening was 
actually observed on the X-ray photographs of the 
mixtures. However the parameter change correspond- 
ing to this amount of broadening was within experi- 
mental error. 


The locally increased lattice parameter of the 
Cu,Se in the layer immediately adjacent to the 
metal can be explained on the lines put forward 
by Pfeil [4] in connexion with the high-tempera- 
ture oxidation process in iron. Rapid diffusion 
of metal ions in an outward direction leads first 
to porosity in the inner layer of scale and then 
to loss of contact in small areas of the interface 
between metal and scale. Closed cavities are 
formed in these areas and the gaseous diffusing 
component sets up a pressure in them equal to the 
dissociation pressure of the phase forming the 
inner scale layer. The process in these areas 
continues by diffusion through the gas phase and 
a new layer is built up on the metal surface, with 
the maximum metal concentration i.e. the minimum 
number of vacant lattice sites; the high value of 
the lattice parameter corresponds to this. Growth 
of the layer of the phase of this composition 
leads, after a certain time, to restoration of in- 
timate contact with the outer layers of scale, 
whereupon it is again possible for metal to diffuse 
to the inner face of the scale. In a short time the 
original lattice parameter distribution is restored, 
i.e., it returns to the low value with a very small 
gradient. 

Since loss of contact does not take place over 
the entire interface between metal and scale, the 
layer immediately in contact with the metal will 
exhibit areas with low values of the parameter 
(i.e. where contact is maintained) and other areas 
with high values (where contact has been lost). 

Similar X-ray examinations were carried out on 
telluride scale formed on copper (at 600°C) and 
having the same acicular structure as the selenide 
[1,2]. Studies were also made of the scale formed 
under the same conditions during reactive diffusion 
in the systems Ag-Se (450-—600°C) and Ag-Te 
(600°C). These scales have the same type of 
structure, with individual acicular crystals grow- 
ing to very large size normal to the specimen sur- 
face on top of a compact layer of finer, randomly 
oriented (obliquely arranged) crystals. 

In the Cu-Te and Ag-Te systems it was ob- 
served in certain cases that, in addition to the 
acicular crystals, lamellae were formed, approach- 
ing thomboids in shape, with the long diagonal 
oriented perpendicular to the specimen surface. 
Laue and rotation photographs showed that the 
plane of the Cu,Te lamellae was the basal plane 
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of the low-temperature hexagonal phase; the long 
diagonal of the lamellar rhomboids had the index 
[110] and repeat distance 7.4A, whilst the side 
had the index [010] and repeat distance 8.26A. 
Because of the highly developed dendritic growth 
(numerous side branches) the orientation of the 
individual acicular crystals in the selenide and 
telluride scales on silver could not be determined. 
It was established by the Debye method that the 
scales in the Ag-Se and Ag-Te systems are single- 


phase, consisting of Ag,Se and Ag,Te respectively. 


Both separate exposures of the fractions ob- 
tained from different zones of the scale and ex- 
posures of mixtures of these fractions, failed to 
reveal any line-shift in the three systems (Cu-Te, 
Ag-Se, Ag-Te). Thus the change in the lattice 
parameter of Cu,Te, Ag,Se and Ag,Te normal to 
the specimen surface does not exceed 0.002— 
0.0034. Apparently in these systems also, the 
main drop in concentration takes place in a very 
thin layer of the scale immediately adjacent to the 
metal, whilst in the main scale the composition 
gradient is very small, i.e. the process is govern- 
ed by the rate of reaction at the metal-scale inter- 
face; the rate of diffusion through the solid phase 
in the scale is relatively high. 

This is in good agreement with the crystal 
chemistry of the lattice of the phases constituting 
the scale in all the systems examined, and with 
the orientation (texture) which has been found (in 
the Cu-Se and Cu-Te systems). Thus the dis- 
tinguishing feature of the phases in these systems 
at the diffusion temperatures used is that the 
lattice consists essentially of a ‘sub-lattice’ 
—compact spherical groups of large metalloid 
(Se or Te) atoms, in the interstices of which are 
arranged the metal atoms (Cu or Ag), with relative- 
ly small radii. The number of interstitial sites 
considerably exceeds the number of metal atoms, 
and the latter are distributed amongst the inter- 
stices with a certain amount of statistical freedom 
[3], similarly as in the Agl type of lattice [5]. 
This freedom gives the metal considerable diffu- 
sion mobility in lattices of this type. 

In the Cu,Te lattice, with the observed orienta- 
tion of the needles, the axis lying parallel to the 
[110] direction, the [111] planes lie along the 
needle. These planes are the most closely packed 
with selenium atoms, and between each pair of 
‘selenium’ planes there is a plane containing 


copper atoms. The latter are statistically free 

to migrate among the crystallographically identi- 
cal interstices of the selenium sub-lattice, a con- 
siderable number of which remain vacant even 
when the phase composition is stoichiometric. 
This makes it particularly easy for metal to diffuse 
alang the needle (since it is not necessary for the 
metal atoms to pass across the close-packed 
selenium planes). 

The same state of affairs is found in the Cu-Te 
system. The investigation in this case is compli- 
cated by the fact that on cooling the specimen 
after an experiment, a phase transformation takes 
place in the scale (Cu,Te, a+). It is very prob- 
able that in this transformation the close-packed 
(111) planes of the cubic a-phase become the 
close-packed (001) basal planes of the hexagonal 
B-phase. If this is so, then the orientation of the 
axis of the B-telluride needles in the [010] direc- 
tion, observed in the cooled specimens, corres- 
ponds to orientation in the [101] direction in the 
high temperature a-condition. In those cases in 
which rhomboidal lamellae rather than needles are 
formed, the long diagonal is oriented in the [112] 
direction in the a-condition, corresponding to the 
observed [110] orientation in the B-condition, if 
we rely on the mechanism proposed above for the 
re-orientation accompanying transformation. Both 
the [101] and the [112] directions lie in the (111) 
plane of a-Cu,Te. Thus in this case also, the 
close-packed metalloid (tellurium) planes lie along 
the needles (or lamellae); between them lie the 
copper planes, along which conditions are most 
favourable for diffusion, as with Cu-Se. 

In the Ag-Se and Ag-Te systems the experimen- 
tal data on crystal orientations in the scale are 
insufficient to provide a definite conclusion, but 
in view of the crystal-chemical similarity of the 
phases Ag,Se and Ag,Te with the phases Cu,Se 
and Cu,Te, the same structural mechanism can be 
proposed with a high degree of probability for all 
four cases examined. 

Also apparently related to the rapid diffusion 
rate of metal through the solid phases constituting 
the scale in the systems examined is the fact that 
the scale formed consists of the lower phase, 
although according to the equilibrium diagrams for 
these systems, it is possible for phases richer in 
the metalloid component to form under the con- 
ditions used. 
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CONCLUSIONS 


1) From their phase constitution and micro- 
structure, the scales formed during diffusion in the 
Ag-Se and Ag-Te systems are completely analogous 
to those in the Cu-Se and Cu-Te systems. In all 
these systems the scale is single-phase and con- 
sists of Ag,Se, Ag,Te, Cu,Se and Cu,Te respec- 
tively. 

2) In the Cu-Se, Cu-Te, Ag-Se and Ag-Te sys- 
tems the composition gradient perpendicular to the 
specimen surface (along the acicular or lamellar 
crystals) in the scale is so small as to have no 
effect on the lattice parameter, within an experi- 
mental error of the order of 0.002-0.003A. 

3) The crystal chemistry of the lattices of the 
phases forming the scale, and the orientation of 
the crystals, in the Cu-Se and Cu-Te systems, 


favours a maximum rate of metal diffusion along 
the acicular or lamellar crystals to their outer 
tips. The Ag-Se and Ag-Te systems are capable 
of a similar interpretation. 

4) The reactive diffusion process in the systems 
studied is apparently governed by the reaction at the 
the metal-scale interface. 
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TEXTURE IN THE FERROUS SCALE XI. A STUDY OF SCALES 
FORMING DURING OXIDATION OF IRON IN CARBON DIOXIDE GAS [1]* 


V.I. ARKHAROV, V.P. MAR’EVICH, M. REINKHOL’D and M.I. SIMONOVA 
Institute of Metal Physics, Urals Filial, U.S.S.R. Academy of Sciences 
(Received 12 February 1957) 


An X-ray study has been made of the oxidation of iron in a CO, atmosphere. It is established 
that in the initial stages the process is governed by the rate of supply of oxygen to the reaction 
front, an FeO layer being formed. In later stages the process is governed throughout by the re- 
duced supply of iron to the reaction front, as a result of which conditions are set up allowing an 
outlet Fe,O, layer to form (on top of the FeO layer). The subsequent structural picture of the 
oxidation process in CO, is similar to that in H,O vapour. The difference in the sequence of the 
initial stages of oxidation in these two cases can be explained by the differences in the ad- 
sorption and desorption behaviour of the gaseous components. 


The CO, dissociation pressure in the tempera- 
ture range around 1000°C, as in the case of H,O, 
produces Fe,0, as an equilibrium condition. When 
iron is oxidized in water vapour the scale formed 
has an outer layer consisting of magnetite with 
certain structural anomalies which distinguish it 
from equilibrium Fe,O, [2,3]. 

To elucidate the details of the oxidation pro- 
cess of iron it is of interest to study the scale 
forming on iron in a CO, atmosphere, and to com- 
pare its structural charcteristics with the scale 
obtained on oxidizing iron in water vapour. 

Carbon dioxide, prepared in a Kipp’s apparatus 
by reacting limestone with hydrochloric acid, was 
passed through a furnace from which the air had 
previously been pumped. The gas flow rate was 
regulated and measured on the relative scale of a 
flowmeter, and was kept constant for each of three 
series of experiments (A = 10, 50 and 110mm res- 
pectively on the flowmeter scale). The tempera- 
ture was maintained at the 1000°C level in all the 
experiments. 

Armco -iron specimens (cylinders 6mm diameter 
and 30mm length) were suspended on Nichrome 
wire in the centre of the furnace working space. 
The holding times in the various experiments of 


the main series were 3,7 and 14 hours respectively. 


The oxidized specimens were X-rayed by the 
method described in an earlier paper [4], using 
Mo-K radiation, to determine and analyse the tex- 


ture. 
The results obtained in this part of the work are 
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as follows:- 

1) In the initial stages of oxidation of iron at 
1000°C in CO, (of the order of 7 hours) the scale 
consists of the FeO phase; no signs of Fe,0, were 
detected by X-rays on the outer surface of the 
scale. 

2) Signs of Fe,O, only become clearly visible on 
the X-ray photographs of the outer surface of the 
scale, after oxidizing for 7-14 hours. When the gas 
flow is at the low and medium rates, only traces 
of Fe,0, are observed; at the highest gas flow rate 
the amount of Fe,0, is considerably greater. Fe,0, 
formation is confirmed by Debye photographs on the 
powdered scale. Further increase in the time of an 
experiment gives an increased Fe,0, content in 
the scale. 

3) In the initial stages of the process, before 
any Fe,0, phase can be detected in the scale, the 
FeO layer exhibits a texture of the type (110) 
parallel to the outer surface. 

The degree of attainment of this texture is in- 
creased with increased holding time and particular- 
ly with increased gas flow rate. 

4) When the FeO, phase appears, the outer 
layer which it constitutes exhibits a texture of the 
type (001) parallel to the outer surface, i.e., of the 
same type as in the oxidation of iron in water 
vapour. The degree of attainment of this texture 
in the FeO, layer increases with both increased 
holding time and increased gas flow rate. 

In the second part of the work, the lattice para- 
meters of the wustite in the surface layer of scale 
formed on iron in CO, at 1000°C were measured. 

Since the aim was to reveal the changes which 
might be expected in the FeO, layer for the sur- 
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surface of the scale, CO molecules leaving it and 
the CO, content being renewed, as required for the 
progress of oxidation. 

As the process continues, the thickness of the 
scale through which the iron diffuses, is increased. 


face of the scale, the oxidation was carried out at 
intermediate gas flow rates, corresponding to 


flowmeter readings of 25 and 35mm. 
The wustite lattice parameters were measured 


by the back-reflection method in Co-K radiation, 
in KROS-1 cameras. The specimen- film distance Consequently the iron content of the solid oxide 

was determined by a calibration exposure (Al 99.99 phase gradually falls towards the outer side of the 
per cent). The error in the relative determination scale. 

of the latfice parameter under these conditions did At a certain stage the iron content will thus 

not exceed 0.002 A. fall to such an extent that at the given oxygen 

The results of these measurements are given in supply rate (obviously, invariant during the pro- 
Table 1. cess) it becomes possible for F'e,0, phase to form 
in equilibrium in the CO, medium. 

The absence of Fe;0, in the early stages of the 
oxidation of iron in CO, agrees with the results ob- 
tained by Pfeiffer and Laubmeyer [5], by the 
method of measuring the oxidation rate. They showed 
that when iron is oxidized in oxygen at pressures 


TABLE 1, 


Gas flow rate 
h = 35 mm 


Gas flow rate 
h = 25 mm 


Duration of 
oxidation 
hours 


Lattice 
parameter 


A 


Duration of 
oxidation 
hours 


Lattice 


1.0 
7.0 
10.0* 


4.305 
4.291 
4.287 


1.0 
3.0 
7.5* 


4.307 
4.308 
4.281 


* The X-ray photograph showed the FeO, (555) 
lines in addition to the FeO (420) lines. 


DISCUSSION OF RESULTS AND CONCLUSIONS 


The absence of the Fe,O, phase in the scale 
formed in the early stages of oxidation of iron in 
CO, shows that in these stages the process is 
governed by the supply of oxygen to the chemical 
reaction front; the iron concentration at the reaction 
front is still st this time high enough to combine 
with all the oxygen available at the other side of 
the front, to form an iron-rich oxide (FeO). The oxy- 
gen supply is limited because it is connected with 
a series of intermediate steps in the process:- 

1) adsorption of CO, gas molecules and their 
dissociation at the solid phase (scale) surface; 

2) a purely chemical reactions, in which ad- 
sorbed oxygen atoms combine with iron atoms 
reaching the surface of the scale by diffusion from 
within; 

3) desorption of carbon atoms in the form of CO 
molecules, providing space for the adsorption of 
further CO, molecules to supply oxygen to the re- 
action front; 

4) diffusion in the layer of gas adjacent to the 


considerably exceeding the dissociation pressure 
of Fe;,0,, the phase is not formed in the early 
stages, only appearing in later stages. It can be 
suggested that in this case also the iron concen- 
tration at the reaction front is sufficiently high in 
the early stages of oxidation, whereas the oxygen 
supply is retarded by the adsorption process. Al- 
though in this case causes of retarded oxygen 
supply such as desorption into the gas phase of 
reaction products, and diffusion in the adjacent 
gas layer, are absent, nevertheless adsorption still 
prevents the formation of Fe,O, in the initial 
stages. Moreover, as the FeO layer grows, the 

iron concentration decreases at its outer surface, 
since the iron has to diffuse through a scale of 
gradually increasing thickness; thus a concentra- 
tion level is reached which allows the Fe,0, phase 
to form. 

Thus the fact that the Fe;0, is absent in the 
outer layer of the scale formed on oxidizing iron 
in CO, only at first sight contradicts the thermo- 
dynamic view, taking into account the relation- 
ship between the dissociation oxygen pressures 
of CO, and Fe,0,. 

The explanation put forward takes account of 
the actual relationship between the factors govern- 
ing the course of the process and local conditions 
in the immediate vicinity of the reaction front, in 
contrast to the factors averaged over the large 
scale volume of the system, which are taken into 
account in the thermodynamic view of the pheno- 
mena and which are effective in determining the 
final condition of the system, when the process 
has reached equilibrium. 


| 
JOL. 
5 
1957 


56 


The explanation put forward is further confirmed 
in the results of the second part of the experimen- 
tal work. Thus in the early stages of the process, 
whilst the Fe concentration at the outer surface 
of the scale is still quite high, the wustite lattice 
parameter has a high value. When signs of the 
Fe;0, phase appear in the outermost layer of 
scale, the wustite lattice parameter (in other words, 
the iron concentration in the outer zone of the 
wustite layer) shows considerable reduction. 

It is of interest to note that in the stages prior 
to the appearance of Fe,0, lines in the X-ray 
photographs, a texture of the type (110) FeO parallel 
to the outer surface arises and develops in the 
wustite layer. This type of texture corresponds to 
that obtained when iron is oxidized in atmospheres 
which do not allow Fe;0, to form [1]. This texture 
is never observed in wustite layers formed in iron 
scales under a layer of Fe,0, [2,6]. 

At the same time this type of texture corres- 
ponds to the conditions of oxidation of iron in 
the atmospheres which although not allowing 
Fe,0, to form, are nevertheless more rather than 
less oxidizing (e.g. in H,O + H, mixtures contain- 
ing a lower proportion of water vapour). Under 
such conditions the texture produced is (001) FeO 
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parallel to the outer surface, i.e. of the same type 
as in scales under a layer of Fe,0,. 

After the Fe,0, phase has formed, it develops 
the same cubic type of texture as when iron is 
oxidized in water vapour. 

The diffraction pattern of texturized Fe,0, 
formed during oxidation in CO,, shows the same 
difference from normal Fe;0, as has previously 
been observed in the diffraction pattern of mag- 
netite formed in an atmosphere of water vapour. 
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Investigations that seek to clarify the state of 
atoms in solid-solutions play an important part in 
alloy theory. New information on this subject can 
be obtained by studying transport in alloys under 
the action of an electric current. Data on transport 
numbers enable the degree of ionization of atoms 
of the dissolved elements to be determined. The 
study of transport phenomena in metals may also 
be of practical interest from the point of view of 
evolving effective methods of ridding alloys of 
impurities. 

The existence of transport in liquid and solid 
metallic solutions has been established by a 
number of investigators. The first experiments 
were carried out on the systems gold-lead, 
hydrogen-palladium, and gold-copper. The electro- 
diffusion of carbon in iron has also been investi- 
gated in detail [1-4, 10]. The study of the trans- 
port of elements which form interstitial solid 
solutions with metals is greatly simplified in a 
number of cases as a result of the high diffusion 
mobility of the atoms of these elements. 

The study of electrodiffusion phenomena in 
solid alloys is attended by many difficulties. 
These result partly from the necessity for determin- 
ing with a high degree of accuracy the very small 
changes in concentration of the dissolved element 
that take place under the influence of the current. 
Chemical and metallographic analyses permit the 
phenomena to be studied only qualitatively. Other 
known methods also are either not sufficiently 
accurate, or are too complicated and require the 
use of large quantities of the material under in+ 
vestigation. It is clearly for these reasons that 
studies of transport phenomena are mainly of a 
qualitative character. The development of a method 
for the quantitative study of electrodiffusion phe- 
nomena is thus desirable. Such a problem can now 
be solved by using radioactive tracers, which 
enable experiments to be carried out in conditions 
* Fiz. metal. metalloved. 5, No.2, 255-260 (1957) 
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of low concentration of the dissolved elements. 

A description of experiments on the electro - 
diffusion of carbon in austenite is to be found in 
the literature. Tests intended to establish electro- 
lytic transport in ferrite yielded no positive result 
[5]. However, diffusion data show that the mobili- 
ty of carbon atoms is greater in ferrite than in aus- 
tenite [6]. Hence it was to be expected that the 
electrodiffusion of carbon would take place in 
ferrite too, as may be confirmed by the use of ap- 
propriate methods. In the present work a — iron 
was chosen as a basis for investigation. 

A quantitative measure of electrolytic transport 
in solids is the transport number, n, determined 
by the relation [7,9] 


(1) 


where m is the quantity of material moved, i is 
the current strength, ¢ is the time of passage of 
current through the specimen, F is Faraday’s 
number, and A is the atomic weight. 

The relationship between the transport number 
and the charge on the particles being transported 
can be expressed by [7] 

n=1.1x105Dp cz 
TA (2) 


where D is the coefficient of diffusion, p is the 
specific electrical resistivity, c is the difference 
in concentration in the regions of the specimen 
that are under consideration (c = c,.. — Cmin> Z 
is the ionic charge, and 7 is the temperature. 

Equation (2) is obtained by assuming that the 
solvent metal has a small mobility in comparison 
with the solute. Other authors use a somewhat 
different expression for the relationship between 
the transport number and the magnitude of the 
ionic charge [1,8,9]. 

The investigation was carried out on specimens 
of thin iron sheet. The iron contained the follow- 


ing impurities: C0.03, Mn 0.04, S 0.009, Si 0.13, 
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and P 0.005 per cent. The specimens were in the 
form of strip 5-8 mm wide, 0.08 — 0.15 mm thick, 
and 50 mm long. 

The specimens were electroplated with copper 
along their whole length with the exception of a 
central region of 1-5 mm intended for carburize- 
tion with radioactive carbon. Carburization was 
carried out in special copper containers, placed 
in evacuated quartz tubes. The carburizing agent 
consisted of wood charcoal and the compound 
BaCO,, containing the radioactive carbon isotope 
C**. The specimens were carburized at a tempera- 
ture of 900° for 1-2 hr. After carburizing, the cop- 
per coating was removed from the surface of the 
specimen by electrolytic solution. The distribu- 
tion of the radioactive carbon along the length of 
the carburized specimen is shown in Fig. 1. The 
carburized region of the specimen had a structure 
of pearlite or of pearlite with a small cementite 
network. 


FIG. 1. Distribution of radioactive carbon along 
the length of the specimen after carburization 


End-type counter tubes were used to measure 
the radioactivity of the specimens. Radiation 
from the specimen entered the counter through a 
slit 8 x 0.1 mm in an aluminium screen 1.5 mm 
thick. By means of a micrometer screw the speci- 
men was located so that it was possible to mea- 
sure the radioactivity of a 0.1 mm band of the 
specimen at intervals of 0.25 mm. The radioactivi- 
ty of the individual parts of the specimen was 


measured after carburization and also after electro- 


diffusion. After carburization the radioactivity was 
measured along the whole length of the specimen, 
and marks were made on the specimen where the 
radioactivity began to fall (see Fig. 1). The struc- 
ture of the specimen between the marks was pear- 
litic. The purpose of the present investigation 
was to study the electrodiffusion of carbon in fer- 
rite. Hence the redistribution of carbon after the 
electrodiffusion anneal was studied only on those 


parts of the specimen on the anodic and cathodic 
sides, where the carbon content corresponded to 
the solid solution. Sometimes small quantities of 
pearlite were found in these parts. 

Redistribution of carbon in the specimen is the 
result of two simultaneous processes: ordinary 
diffusion and electrodiffusion, that is, mixing of 
the ions under the influence of an electric field. 
The amount of carbon moving towards the cathode 
is the sum of these two flows, while the amount 
of carbon moving towards the anode is the differ- 
ence between them. By comparing the curves of 
radioacitivity distribution in the cathodic and 
anodic regions, it is possible to eliminate the 
effect of ordinary diffusion. The method adopted 
in the present work made it possible to avoid 
prolonged electrodiffusion anneals, since in order 
to obtain a significant redistribution of the carbon 
on a part of the length up to 2 mn, it was suffi- 
cient to employ a holding time from 20 min to 4 hr 
at 800-500°. 

After carburizing, the carburizing agent and the 
copper protective coating were carefully removed 
from the specimens. Then the specimens were an- 5 
nealed by passing direct current through them. In 19° 
experiments carried out by other workers, the spe- 
cimens were heated by passing a current and the 
temperature measured with a pyrometer. In order 
to ensure uniform heating along the length of the 
specimens and the necessary accuracy in tempera- 
ture measurements, in our experiments direct cur- 
rent was passed through specimens preheated by 
external heaters. 


FIG. 2. General view of the apparatus for elec- 
trodiffusion annealing 


Fig. 2 and 3 show a general view of the appa- 
ratus for electrodiffusion annealing and a view of 
the vacuum part of the apparatus (with the bell 
jar and upper and side reflecting screens removed). 
The apparatus enabled a vacuum of 10% mm Hg to 
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from 4 hr. at 500° to 20 min at 800°. The small 
cross-sectional area of the specimens enabled the 
experiments to be carried out at a current density 
of 15-22 A/mm? (the current in the circuit was 
8-15 A). 
Curves showing the variation in radioactivity 
for one of the specimens are given in Fig.4. 
Similar curves were obtained at all temperatures. 
In all cases the curves show that a movement of 
carbon towards the cathode takes place on pas- 
sing a direct current through the specimens. In 
order to obtain more convincing evidence to con- 
firm the existence of the observed effect, a num- 
ber of specimens were heated in the ordinary way 
at 700° for 1 hr without passing an electric cur- 
. . rent. The distribution of radioactive carbon at the 
Sanne te two ends of the specimens was the same in all 
eee these cases, as shown in Fig. 5. 
FIG. 3. Vacuum parts of the apparatus for the 
electrodiffusion of specimens 
be obtained. In addition, electrodiffusion anneal- 
ing of the specimens was carried out in molten 
salts. For this the following mixtures were used: 
(1) CaCl, 48, BaCl, 31, NaCl 21 per cent for 
temperatures of 480 — 780° and (2) NaCl 27.5, 
CaCl, 72.5 per cent for temperatures of 550 — 800°. 
Some loss of carbon was observed on annealing 


S 


the specimens in vacuo. Annealing in salts sup- 
pressed this almost completely. Annealing took 

place at temperatures of 530, 600, 700, and 800°. 
The temperature was measured with a Chromel/ - 


Alumel thermocouple. The annealing time varied i 10 


I impulses/min 


FIG. 5. Distribution of radioactivity at the ends 
of the specimen (1) before and (2) after diffusion 


anneal ing. 
T = 700°, ¢= 50 min, i=0. 


The amount of transported carbon was determined 
from an analysis of the curves showing the varia- 
tion of radioactivity along the length of the speci- 
men. In this it was assumed that the area enclos- 
ed between the curves showing the variation of 
radioactivity obtained for the anodic and cathodic 
regions of the specimen (see Fig. 4), converted 
to concentration of carbon, equals 2m. The inten- 
sity of radioactive radiation was converted to con- 
centration by the formula 


FIG. 4. Distribution of radioactivity at the (1) 

cathodic and (2) anodic regions of the specimen hy , 

after heating and (3) before heating. CF oe 
T=600, ¢=10min, i=15A. 


(3) 
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where c is the amount of carbon determined in the 
specimen, / is the intensity of radioactive radia- 
tion from the specimen, and c,, and /,, are res- 
pectively the amount of carbon and the intensity 
of radiation in a standard. 

The amount of carbon transported was determined 
from the formula 


Sa,ay 


2d 


m 


for specimens annealed in salts and in vacuum 
agree satisfactorily among themselves. 

In order to determine the nature of the inter- 
atomic bonding on alloying with various elements, 
it is essential to have information regarding the 
degree of ionization of the atoms in the crystal 
lattice, that is, it is essential to know the values 
of the ionic charges. 

The following formula was used to calculate 
the charges on the carbon ions from the known 
transport numbers: 


TABLE 1. Transport numbers for carbon in ferrite 


Temperature 


(°C) 


Remarks 


3.10 
800 .4-1076 


Annealed in salts 
Annealed in salts 
Annealed in vacuum 


1076 


Annealed in salts 
Annealed in salts 
Annealed in vacuum 


1077 
- 1077 
.8-10-7 
1077 


Annealed in salts 
Annealed in salts 
Annealed in vacuum 
Annealed in vacuum 


8.8. 10-8 
6.4. 1078 
6.3. 1078 


where S is the area enclosed between the curves 
showing the variation of radioactivity obtained 
for the anode and cathode; a, and a, are the 

rate coefficients; and d is the width of the slit 

in the aluminium screen and is equal to the length 
of the part of the specimen whose radioactivity 

is measured. 

The transport number, n, was calculated from 
formula (1). The calculated transport numbers for 
all the specimens investigated are given in Table 
1. As the table shows, the transport numbers found 


Annealed in salts 
Annealed in salts 
Annealed in vacuum 


z=8.95x 107 
Dpc 


(4) 


Values of D in equation (4) were calculated for 
various temperatures from data given in reference 
[6], which were obtained experimentally for iron 
of the same batch as that used in our work. The 
electrical resistivity of the specimens was deter- 
mined on a special apparatus designed for making 
measurements at high temperatures. The value 
C = Cmax — Cmin in equation (4) was calculated 


TABLE 2. Values of the charge on carbon cations in ferrite 


Temperature Po 


CC) (ohm mm?/m) 


D (m x sec) 


800 
700 
600 
530 


n | | 
1.6 
2.0 vol 
2 19! 
| 
5.8- 10-6 2.1-107§ 4.5 
1.8-1075 0.99 7.1-1077? 4.4 
3.4-1077 C.82 1.8-1077 4.3 
6.7. 1078 0.7 4.6-1078 3.5 
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from equation (3), while / = — 
obtained from the experimental curves. 

The values of D and p are given in Table 2. 
This table also gives the charges on carbon ions 
in ferrite, calculated from equation (4). It can be 
seen from the table that at all temperatures we 
have almost identical values for the charges on 
carbon ions in ferrite. Thus our experiments have 
shown that the mean value of the charge on carbon 
ions in ferrite is equal to about 4 elementary 
units of charge. 

The method described can also be used for 
studying electrodiffusion in other alloys. In parti- 
cular it can be used to study the effect of alloy- 
ing on the state of carbon atoms in iron. 


CONCLUSIONS 


(1). A method has been developed for determin- 
ing the transport number of carbon in alloys, which 
is based on the use of the radioactive isotope 
C**. By this method it is possible to detect the 
transport of carbon in steels under the influence 
of an electric field and to determine the degree 


of ionization of the carbon atoms. 

(2). The transport numbers for carbon in steels 
have been determined at various temperatures. It 
has been established that carbon atoms exist in 
ferrite as cations. The charge on the carbon ca- 
tions is about 4 elementary units of charge of 
electricity. 
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The article presents the results of the phase analysis of austenitic steels and alloys 
containing varying quantities of Ni (20-60 per cent), W, V and Nb; the results are com- 
pared with the results of tests for long time load strength. An increase in the nickel con- 
tent of steels and alloys reduces the carbon solubility, consequently the solid solution 
composition, the composition of the segregation phases, and the heat resistance change 


accordingly. 


In alloys containing 20 per cent Cr, 60 per cent Ni, and 9 per cent W, the addition of 
1 — 4 per cent V causes the appearance of a primary carbide of the Me,C type, on the 
basis of the metastable carbide Cr,C, which contains V and W. 


The resistance of steels and alloys to heat 
depends on the stability of the solid solution on 
heating, the stability and coagulation capacity of 
the segregation phases and the kinetics of the 
distribution of the alloying elements between the 
solid solution and the segregation phases. The 
diffusion processes which determine the heat 
resistance of steels and alloys depend primarily 
on the state of the solid solution. The composition 
and state of the solid solution of a given system 
determine the diffusion rate for the alloying ele- 
ments, their ultimate solubility, the type of bond 
with the segregation phases, the equilibrium con- 
ditions and the direction taken by the process of 
change in the system. 

In austenitic steels nickel is one of the main 
components which create a thermally-stable aus- 
tenitic basis for the solid solution. Nickel and 
iron have different carbide-forming capacities, 
therefore different quantitative combinations of 
nickel and iron in steels must above all affect 
the solubility of the carbide-forming components 
in the solid solution. 

Test-pieces of steels and alloys containing 
0.2 per cent carbon and 18 per cent chromium were 
used for research. The nickel contents of the al- 
loys were 24, 42 and 58 per cent. 

The resistance of the solid solution to heat was 
also maintained by introducing 9 per cent of tung- 
sten into the alloys. 1 to 4 per cent of vanadium 
and niobium were added to alloys with these fun- 
damental compositions. The carbide-forming com- 


* The chemical analysis of the segregation phases 
was performed by N.M. Popova, L.V. Zaslavskaia 
and M.F. Rybina. 
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ponents — Cr, W, Nb, and V — behaved differently 
in alloys containing different amounts of the iron 

and nickel which form the basis of the solid solu- 
tion. 

The alloys were cast into club-shaped ingot 
moulds producing ingots weighing 4 kg. Test 
pieces cut from the ingots were all given the same 
treatment: heating for 5 hours at 1100°, oil-harden- 
ing, and subsequent ageing at 800° for 50 hours. 

Anode deposits from the alloys in an electrolyte 
were subjected to X-ray and chemical analysis. 
An acidified solution of potassium chloride (300 
KCl + 10 cm? HC] of specific gravity 1.19 to 1 
litre of water) was used as electrolyte. Electro- 
lytic deposition was carried out at room tempera- 
ture at a current density of 1.0 A/cm’. 

In all three types of alloy practically all the 
nickel entered the solid solution; very small quan- 
tities of it (0.02 to 1 per cent relative to the metal 
dissolved) were found in the deposits. 


Only one carbide, (Cr, Fe, Ni),,C, is formed in — 


alloys (0.2 per cent C, 18.5 per cent Cr and dif- 
ferent Ni contents) which do not contain W, V, 
and Nb. 

The addition of vanadium or niobium to these 
alloys causes the formation of special carbides © 
of the MeC (VC, NbC) type containing a specific 
quantity of chromium. 

Iron and nickel are practically insoluble in the 
MeC phases. The vanadium is partially soluble 
and the niobium practically insoluble in the Me,,C, 
carbide. The phase compositions of steels types 
18-24, which contain vanadium and niobium, are 
given in Table 1 (from data from the X-ray struc- 
tural analysis of the deposits). 


The nickel content does not cause any notable 
change in the phase composition of the steels, 
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TABLE 1. The phase analysis of deposits of steels containing 0.2 per cent C, 
18.5 per cent Cr and 24 per cent Ni, with different vanadium and niobium 
contents (heat treatment: 1100°, 5 hr; oil hardening plus 800°, 50 hr). 


Nb content Phase 
of steels composition 
(%) of deposits 


V conten: of | Phase composition 
steels (%) of deposits 


VC Mes,Cy a NbC 
VC Nb C + Mes,C, 
VC-+- Mes,C, NbC + 


Fe + Cr and W in atomic percentages is 21: 2, it 
may be noted that reduction in the amount of car- 
bides in alloys with increase in the nickel content 
is associated mainly with the characteristics of 
the binary carbides. 

The solubility of the main carbide forming ele- 
ments, chromium and tungsten, which determine 
the resistance of the solid solution to heat, in- 
creases with increase in the nickel contents of 


alloys. 


since it does not affect the MeC phase composi- 
tion and only determines the Me,,C, phase compo- 
sition (of which Cr, Fe and Ni are components). 
The addition of tungsten (about 9 per cent) to 
the alloys markedly alters their phase composition. 
In those alloys which contain no Nb or V, there 
are two carbide segregation phases (primary and 
secondary):the cubic carbide Me,,C, and the binary 
carbide Me,C. Nickel is present in the cubic car- 
JOL. bide in very small quantities — up to~ 6 per cent 


1957 TABLE 2. 


Content of 
elements in 
the alloy 


Content of elements Phase 


combined in the 
carbide (wt.%) 
for the dissolved metal 


composition 


lst phase 2nd phase 


Fe 


(greater (lower 
amount) amount) 


20 
20 
22 .0 | 59.4 1 


0. 
0. 
0, 


Me,C 
Meg 
Me 2 Me LG 


of the number of iron atoms; there may be a greater 
amount of nickel in the binary carbide. The fact 
that nickel has a lower capacity for combination 
in these carbides than iron was clearly evident 
from the gradual reduction in the quantity of car- 
bide phase with increase in the nickel content of 
the alloys (Table 2). 

Taking into account the fact that in the cubic 
carbide Me,,C, the relationship between the sum of 


We can see from table 3 that the long-time load- 
strengths of alloys gradually rises at 800° with 
increase of the nickel content to 50 per cent. 

The data in Table 3 prove that the maximum time 
taken for test-pieces to fracture is achieved when 
the alloy contains 40 per cent of nickel. Evident- 
ly this nickel content, at the given carbon, chromi- 
um and tungsten levels, provides optimum alloying, 
when the solid solution is sufficiently toughened 


TABLE 3. Alteration in the long-time strengths of heat-treated alloys 
containing 0.2 per cent C, 18.0 per cent Cr, and 9 per cent W, at 800°. 


Average time 
before fracture 
(hr) 


Ni content 


Stress 
of alloys (%) (kg/mm?) 


23.0 15 50 
41,0 15 84 
59.4 15 68 


63 
3 
| | 
5 
c [cr | wi 
9.0] 1.65] 3.77] 4.30| 9.72 
0.60] 2:55] 2.13] 5.98 
0.2} 0.09] 2:12] 1.16] 3.37 
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TABLE 4. 


Nickel content 
of alloy 


(%) 


Test temp- 
erature (°C) 


Time before 
(kg/mm*) | fracture (hr) 


24.5 
45.2 


800 
800 


15 


15 15 


and there is the necessary proportion of interlock- 
ing phases. When the alloys contain 55 per cent 
or more nickel the test-pieces becomes less stable, 
this probably being governed by the formation of 
less interlocking phases than in the alloy contain- 
ing 40 per cent nickel. 
Alloys which do not contain tungsten are of con- 
siderably lower ultimate strengths (Table 4). 


TABLE 5. The phase composition of deposits extracted from heat treated 
alloys containing different quantities of nickel] and niobium. 


compositions of alloys depending on their nickel, 
vanadium and niobium contents. 

Fig. 1 and 2 show the contents of the elements 
iron, chromium, tungsten, vanadium and niobium 
in the deposits with relation to the metal dis- 
solved. 

The phase compositions of the deposits are 
fully in accordance with their chemical composi- 


Alloy composition (%) 


Phase composition of deposit 


Cr Ni 


lst phase 2nd phase 
(larger quantity) | (smaller quantity) 


0 
0, 
0 
0 


0, 
9,2: 
9. 


17,7 
17.5 
17.4 
18.4 
18.4 
18.4 
18.4 
17.9 
i7.9 
18.0 
17,9 


TID 


Fes Nb 
Fe Nb 
Fe,Nb 
Me,C Meo3C, + NbC 
Me,C NbC+ 
Me,C 
Fe.Nb 
NbC 
NbC 
NbC 


The addition of 1 — 4 per cent of niobium or 
vanadium to alloys containing 0.2 per cent C, 
18 per cent Cr, and 9 per cent W radically alters 
the solubility of the basic elements in solid solu- 
tion and causes the appearance of new phases. 
Tables 5 and 6 show the changes in the phase 


tion when the characteristics of the phases they 
contain are taken into account. 

Changes in the chemical composition of the al- 
loys under examination with relation to their 
nickel contents can be typified as follows: the 
iron content of the segregation phases decreases 


TABLE 6. The phase composition of deposits extracted from heat treated 
alloys containing different quantities of nickel and vanadium. 


Alloy composition (%) 


Phase composition of deposit 


Ni 


Ist phase 2nd phase 
(larger (smaller 
quantity) quantity) 


Ju Ww Go 


Mee 
3 
Me,C 
Me at Meg,C 
Me,C 
MeaC 
Meg sCa 
Me oC 
Me 4 6 
Me2,C a 
Mea 3Cs 


64 
19 24 
18 24 
18 24 > 
19 4] 195 
19 4] 
0), 20 4} 
) 4] 
59 
3 59 
59 
59.0 
0.21 17 .4 8.7 16 
0,20 17.2 25.4 8.8 36 
0,21 17.0 8.9 44 
0.20 16.9 25.0 9,0 20 
0,22 18.4 9.9 0] 
0.22 18.4 48.0 9.9 05 
0,20 18.4 480 9.0 
0,20 18.4 48.0 9.0 
0,20 17.8 57.9 8.9 5 
0.20 17.8 57.9 8.9 OS 
0.20 17.8 57.9 3.9 YH 
0.20 38.4 5 
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FIG. 1. The effect of niobium on the chemical compositions of carbide deposits in cast alloys, 


of types: 


a — 18:24:9%W;  b — 20:40:9%W; c — 20:60:9%W. 


as the nickel content increases. Consequently 
phases containing considerable or very small 
quantities of iron form in different alloys. 

Only two phases with an iron form base in al- 
loys containing niobium where the iron content is 
high: Fe,Nb and Fe, (W, Cr, Nb),,C or (Me,C). We 
proved in another article that an Fe,Nb phase of 
widely variable composition contains a consider- 
able amount of chromium and tungsten. 

A phase which is relatively very rich in iron, 
Fe,Nb, is formed in steel containing 25 per cent 
nickel. In the alloy containing 41.5 per cent nickel, 
the iron goes primarily into the Fe(W; Cr; Nb), 
phase; only in alloy containing 4.2 per cent nio- 
bium does the iron enter the Fe,Nb phase. In the 
alloy containing 59 per cent nickel the iron only 
goes into the carbide phase Me,,C, which, as we 


know, may contain up to 25 per cent of iron with 
relation to its chromium content. The basic phases 
with decreasing iron concentrations (Fe, Ni), ~ 
(W, Cr, V),,C, (Cr, Fe, W, V),,C, and (Cr, W, V),C 
are formed in alloys containing vanadium as their 
iron content decreases. 

The tungsten and chromium content gradually 
drops with increase in the alloy nickel contents. 
As the tungsten decreases in the deposits, changes 
are found in the phase composition; the basic 
phases with decreasing tungsten concentrations 
are Fe,Nb, Me,C ~ NbC in alloys containing nio- 
bium, and Me,C, Me,,C, and Me,C in alloys con- 
taining vanadium. One characteristic of the dis- 
tribution of tungsten in an alloy containing 40 per 
cent nickel becomes apparent: the amount of tun- 
gsten in combination increases with increase in 


ight of metal 


osit, in % of wei 


lved 


P 
Sso 


Fe, Cr, W, Nb in the carbide 


Alloy vanadium content (%) 


de 
di 


2 


/ 


FIG. 2. The effect of vanadium on the chemical compositions of carbide deposits in cast alloys, 


of types: 


a — 18:24:9%W; b — 20:40:9%W; c — 20:60:9%W. 
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the content of niobium and vanadium. This pheno- 
menon is not found in alloys containing 57 per 
cent nickel. Changes in the chromium content of 
the deposits are regulated in a more complicated 
way, and are determined either by its entry into 
some phase of variable composition or by the 
formation of a determinal quantity of carbides on 


a Cr,,C, basis. 


not only by their concentrations in solid solution 
but also by their interaction between solid solu- 
tion and segregation phases. The niobium is a 
component of compounds which are more resistant 
to heat than those containing vanadium. 
Depending on the iron and nickel contents of 
the alloys, the vanadium in the deposits is dis- 
tributed in various phases containing different 


TABLE 7. Results of the chemical analysis of deposits from alloys containing 
0.2 per cent C, 18 per cent Cr, 8.9 per cent W, 58 per cent Ni, remainder Fe. 


Allo __ Total deposit 


Filtrate (Me,,C,) 


Residue (Me,C) 


vanadium 


content Fe Cr 


Cr i | Ni 


[0.03 


0.02 
6.94 


The different behaviour of niobium and vanadium 
in alloys containing varying amounts of nickel is 
determined basically by their chemical affinity 
for iron and nickel. In a given alloy the niobium 
forms the separate phases Fe,Nb and NbC, while 
the vanadium only becomes an alloying element 
in phases of variable content. 


In steel, the highest niobium content is com- 
bined with the lowest nickel content (~25 per cent), 
since it enters two phases, while in steels with 
higher nickel contents the niobium is combined 
in the NbC carbide phase alone, and the amount 
of it in the deposits is determined by the niobium 
and carbon contents of the alloy. 

Vanadium forms no special compounds in these 
steels with iron and nickel: the amount of it in the 
deposits is slightly dependent on the iron and 
nickel contents of the steel. The vanadium com- 
bines in smaller quantities than the niobium. The 
influence of the vanadium and the niobium on the 
heat resisting qualities of steels is determined 


quantities of iron. In alloys containing 25 per 
cent nickel, the vanadium in the deposits is dis- 
tributed between the following phases: (Fe, Ni), 
(W, Cr, V),,C and (Cr, Fe, Ni, W, V),C,. In alloys 
containing 43 per cent nickel, the vanadium in the 
deposits is distributed between the phases Me,C, 
Me,,C, and Me,C, and in alloys containing 58 per 


_ cent nickel between the phases (Cr, W, V),C and 


(Cr, Fe, Ni, W, V),,C,. The (Cr, W, V),C phase 
requires special explanation, since the carbide 
Cr,C does not exist as an independent stable 
compound. 

To determine the composition of the Me,C phase 
we use its stability under the action of hot HCl 
and the degree to which the Me,,C, phase is broken 
down in acid. When treating deposits from alloys 
containing 57.9 per cent Ni and different quanti- 
ties of vanadium with hot HCl, the Me,,C, joins 
the filtrate. The chemical analysis of the whole 
deposit, the filtrate and the indissoluble remain- 
ing parts are given in Table 7. 


TABLE 8. Results of X-ray phase analysis of Me,C separated from alloys 
containing 58 per cent Ni and varying amount of vanadium (alloys 
quenched and aged). 


V content of 


Me,Cy,. crystalline lattice parameters 


alloys (%) 


| 
cr| Vv | Wi Nil Fe 
a | 
1.01 | 0.08) 2.09] 0.13} 1.58] 0,14] 0.07] 0,85] 0.03] 0.50] 0. 10/Traces . 30/0. 09}! .00 
2.05 | 0.08] 1.80] 0.32/1.24! — »» 
3.05 | 0.06] 1.77| 0.60] 0.85] 0, 10] 0.05] 0.341 |1.44]0,51 0.7m 
3.95 10.03] 1.49] 0.81) 1.19] 0,17] 0.03] 0.18} 0.05] 0.10/0.13} »» |1.38]0,6810.97 
VOL 
5 
195 
a 
1.01 4.45 2.83 1.57 
2.05 4.47 2.85 1.57 
3.05 4.49 2.86 1.57 
3.95 4.50 2.86 1.57 
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TABLE 9. The influence of niobium on the long-time load strengths of steels 
at 800° (o = 12 kg/mm’). 


Contents of elements in the alloy (%) 


Mean time 
before fracture 


| WwW 


(hr) 


32 
72 
10] 
134 
165 


The atoms of the metals in the Me,C phase ex- 
hibit very dense hexagonal packing; there are 
carbon atoms in some of the octahedral gaps. 
According to the data on the X-ray structural 
analysis of the phase given in Table 8, it is clear 
that the Me,C, which contains 0.09 per cent V, 
has crystalline lattice parameters close to those 
for the metastable modification of chromium (a 
= 2.72kX, c = 4.42 kX) sometimes found when it 
is produced by electrolysis, As the vanadium con- 
tent in the deposit increases. the parameters of 
of the Me,C phase crystalline lattice increase and 
approach those for the W,C phase (a = 2.99 kX, 

c = 4.71 kX). Evidently a metastable phase, based 
on the Me,C structure, is formed in this case. An 
increased chromium concentration in the alloy in 
comparison with the vanadium and tungsten caused 
the formation of nuclei from the atoms of the ele- 
ments, attracted to the carbon atoms, into the close- 
packed Me,.C structure with a predominant concen- 
tration of chromium. This was aided by the ciose- 
packed face-centred structure of the solid solu- 
tion. 

There is a direct connexion between the phase 
composition of alloys and their long-time load 


strengths at high temperatures. The influence of 
niobium is shown in Table 9. 

The increase in long-time load strength with 
increase in the niobium content of steel is asso- 
ciated firstly with the fact that here the solid 
solution is gradually enriched with niobium, which 
is a powerful steel strengthening agent, and sec- 
ondly with increase in the amount of the thermally 
inert Fe,Nb and NbC phases. 

The influence of vanadium is shown in Table 10. 

We can see from Fig. 2 that the amount of vana- 
dium going into solid solution rises continuously 
with increases in the vanadium content of the 
alloy; also the heat resistance of the solid solu- 
tion increases. The total quantity of the elements 
entering the carbide phases changes slightly, but 
with an increase in the vanadium content of the 
steel’ the relative amount of binary carbides (which 
are more heat-resistant than the cubic chromium 
carbides) increases. The increased toughening 
of the solid solution with an increased content 
of vanadium in the steel, and also the formation 
of carbides which are more heat-resistant, lead 
to a gradual increase in the long-time load strength 
of steel. 


TABLE 10. The influence of vanadium on the long-time load strengths of 
steels at 800° (o = 12 kg/mm’). 


Contents of elements in the alloy (%) 


Mean time 
before fracture 


Ni W | 


V 


25.4 
25.7 
25.4 
25.1 
25.0 
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25.4 9.0 
24.6 9.0 9.96 
24.3 9,1 L291 
24.0 8.9 2.95 
24,2 9.0 4.04 
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8.8 2.36 75 
8.9 3,44 103 
9,0 4.20 127 
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Coalescence is the process of the coarsening 
of particles (grains or crystalline particles) of a 
dispersed phase through the migration of the sub- 
stance comprising the given phase from small to 
large particles. This process plays an important 
part in the tempering of hardened steels, the heat 
treatment of ageing alloys, etc. Coalescence is 
described qualitatively in references [1-3]. Ref- 
erences (4-7, 9] make attempts to describe this 
process quantitatively. 

We know from thermodynamics that on coales- 
cence the change A F in the free energy of a 
system is proportional to the change in total sur- 
face of phase separation: A F =a,,. The coef- 
ficient o is the specific free energy at the surface 
of phase separation (the surface tension at the 
phase boundaries). The basic relationships of 
the molecular-kinetic theory for phase changes 
contain this important thermo-dynamic quantity; 
however, up to now there have been no reliable 
reports even on the order of o for the boundaries 
of solid phases. 

The calculation given in this article is made 
basically for the purpose of determining the order 
of magnitude of the surface tension at the boundary 
between solid phases, using experimental figures 
as to the kinetics of coalescence. 

Dispersed phases coalesce in cases where a 
system consists of particles of different sizes. 
The concentration of a parent phase at a boundary 
with particles of a dispersed phase depends on 
the radius of the latter and is determined by the 
well-known Thomson equation. The concentration 
of the substance of which a dispersed phase in.a 
parent phase consists is greater at the boundary 
with a small particle than at the boundary with a 
large particle. This concentration gradient leads 
to the fine particles dissolving and the large 
particles growing. The process continues until 
the average dimensions of the particles become 


* Fiz. metal. metalloved. 5, No 2. 268-278, 1957 
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so large that the concentration at a curved boun- 
dary hardly differs from that occurring at a plane 
boundary or the distance between the dispersed 
phase particles becomes so large that distillation 
of the substance from one particle to another prac- 
tically ceases. 

In the coalescence process all the dispersed 
phase particles may be sub-divided into two 
types: 

1. Large growing particles. These are particles 
which continue to grow practically till the end of 
the process. This is normally the main group of 
particles constituting the dispersed phase up to 
the moment when the process has practically 
ended. 

2. Dissolving particles. These are of smaller 
size. The finest of them are dissolved in the 
first coalescence pores. The largest particles of 
this type may even grow somewhat, but owing to 
the presence of particles of the first type in the 
system, they too are dissolved in the later stages. 

The research carried out by Bokshtein [3] 
showed that the average sizes of particles of the 
first and second types grow continually in the 
coalescence process. Konobeevskii [1] proposed 
the following relationship between r, the mean 
radius of the dispersed phase particles, and the 
isothermic holding time: 


at. 


Here a is a constant for the growth of particles. 
This law actually only holds good in the first 
stages of coalescence. A retarding term should be 
introduced into the equation to make it coincide 
better with experimental data. The equation then 
becomes: 


(1) 


where r,, is the mean radius of the dispersed phase 
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particle remaining in the system at the moment 
when the process ends. 

The equation given follows from the proposi- 
tions advanced in [7]. Actually the deviation of a 
coagulatiag system from the equilibrium state may 
be typified by v, the linear rate of growth of the 
mean dimensions of the growing particles at a 
given moment of time. At subsequent moments of 
time, owing to the growth of the particles, the 
system will tend to revert to a state of equili- 
brium, and the value of v will accordingly tend 
towards zero. 

Owing to this the change in linear rate of the 
mean dimensions will, at any moment of time, be 
wholly determined by the value of v at that mo- 
ment; i.e. dv/dt = f (v). Since v is quite small 
in this process, f (v) can be resolved into series 
by powers of v and confined to the linear term: 


(2) 


where a is a plus constant (f (0) = 0, since where 
v = 0 we have a state of equilibrium). 

Using the relationship specified we can obtain 
[7] an equation for the mean dimensions of particles 
which grow with time. 


where r and ro are the mean radii of the growing 
particles at moments in time ¢ and t = 0 respecti- 
vely; vo is the linear rate of growth, ¢ is time. 

If we write equation (3) in the form 


and resolve e@ into series (for short isothermic 
heating times), confining ourselves to the first 
resolution term we get r = ro + vot/(1 + dt). Taking 
the relationship 7,, = ro — vo/a into account we 
get the equation: 

lot 

+at 


Representing ar, by a, we get equation (1). 
Experimental figures on the relationship between 
the mean radius of particles and the isothermal 
holding time are given in Fig. 1 [3, 7, 8] in com- 
parison with the curve according to equation (1). 
Let us examine the mechanics of the growth 
of a single particle of the first type located among 
finer particles. Among the latter there are very 


5 10 15 2025 3035 OD 
mm/hr 

FIG. 1. The relationship of the mean radius of 

the dispersed phase particles to the isothermal 

holding time. Experimental data are compared 


with the curve obtained using equation (1). 
II from data in [9], III from data in [8]. 


small and larger particles (Fig. 2). In the initial 
stages of coalescence the smallest particles are 
dissolved, not only close to the first-type particle 
but also far from it in among the second-type par- 
ticles. These disappear because there are larger 
particles among the second-type particles. A 
space free of dispersed phase is created around 
the growing particle. It may be represented by a 
hollow sphere through which substance diffuses 
from the small particle front. The radius of the 
internal surface of this sphere is at the same time 
the radius of the growing particle Ro; the radius 
of the outer sphere is the sum of Ry and Xo is the 
thickness of the sphere. 
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The concentration of the parent phase at the 
outer sphere, 0, , depends on r, the mean radius 
of the “consumed” particles; the concentration c, 
at the surface of a growing particle also depends 
on its radius. Using Thomson’s approximated 
equation these relationships may be represented 
in the following form: 


9 


q, the quantity of the substance which has dif- 
fused through the hollow sphere and settled in 
the large particle, is determined up to time t¢ 
from the following equation: 


x 


t 
((c,— 4) 


Here D is the coefficient of diffusion and ¢ the 
time. Substituting the concentration values in 
this equation and introducing the distance from 
the surface of the “consuming” particle to the 
dissolving particle front in the form y = bR, 
where 5 is a constant determined from the initial 
conditions, we can write equation (4) as follows: 


t 
it. (5) 
RTb J 


On the other hand, the same quantity of the sub- 
stance 


_ 
q = Rb), (6) 


where V is the specified volume of the substance 
in the coarsening phase. Writing equation (5) in 
different form and adjusting equation (6) for the 
derivative in respect to time, we get 

Ror _ ped 


K 
r 


RTb 


K 


The value of dR/dt may be determined from equa- 
tion (1), assuming that the dimensions of particles 


of the first type alter with time by the law indi- 
cated: 


The equation obtained must be satisfied for any 
value of t. Where ¢ + © the fraction on the right 
tends towards zero, since R + r. Taking t = 0, we 
obtain the following expression for the surface 
tension o at the solid phase boundary*: 


aRTRéryb 
o= 
2DMuce (Ro — To) (b = 1) ( 


where R is the gas constant, 7’ is the absolute 
temperature, M is the molecular weight of the 
caorsening phase, and c © is equilibrium concen- 
tration at the phase boundary. 

Thus we can, possessing experimental data 
similar to those used for drawing the curves in 
Fig. 1, complete the surface tension at a boundary 
between solid phases. ‘l‘hese data must contain 
information as to the initial grain distribution for 
the volume for which Ry — rp and 6 are determined. 
aand r,, are determined from the curves for the 
relationship between mean grain radius and time. 
The remaining values are determined from hand- 
book tables. 

We used the experimental figures from the works 
of Bokshtein [3] and Schimura and Ksser [8] to 
verify the correctness of these calculations. 
Bokshtein’s work contains the most detailed 
figures. Here we succeeded in obtaining all the 
quantities required for the determination of o. 
Both works contain data on the kinetics of the 
coalescence of the globular cementite in carbon 


* When using equation (3) and dR/dt = v, the equation 
for surface tension is simplified; the value of o hard- 
ly alters. 


Ro 
dt qd 
Tm 
PY Substituting the value of dR/dt, we get: 
Ro 
r V a \2 
lm 
; 
Vol 
5 
where 


steel. The coalescence of cementite in pre-eutec- 
toid steel at 630° was investigated in [3]. Stee! 
with various carbon contents at a holding tempera- 
ture of 720° was investigated in [8]. 

The basic quantities used in equation (7), and 
the values of o obtained from this expression, are 
given in Table 1. 
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TABLE 1. 
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Table 4 gives values for the quantities neces- 
sary for determining the surface tension at the 
graphite-austenite boundary from equation (7). 
Values for the surface tension at the graphite- 
austenite boundary for various temperatures in 
cast-iron test-pieces of the first group are given 
in this table, also a value for the surface tension 


Carbon 
content 


(%) 


Ry x 10° 


(cm) 


b (dyn/cm) 


The surface tension values obtained from the 
data given in [8] show that they do not, at the 
cementite-ferrite boundary, depend on the carbon 
content of the steel (over 0.04 per cent C). In 


actual fact, increase in the carbon content may 
lead either to increase in the number of particles 


of cementite or to their coarsening, but the atomic 


interaction energy cannot change when this occurs. 


The present article provides a verification of 
the procedure by a large number of experimental 
figures, a verification which enabled us to deter- 
mine the surface tension at graphite- austenite, 
carbide-austenite and carbide-ferrite boundaries. 

Research into the process of the coalescence 
of graphite particles in iron was carried out on 
two groups of test-pieces [6]. 

lst group: iron composition close to eutectic, 
containing 1] per cent Si, 0.3 per cent Mn, 0.15 
per cent P, 0.1 per cent S. 

2nd group: this group was prepared from “pure” 
iron with the same carbon and silicon contents but 
the minimum contents of other impurities. The 
research procedure is described in [6]. 

Tables 2 and 3 provide data on the relationship 
of the number of grains per unit volume to hold- 
ing time and temperature for various malleable 
cast-iron test-pieces. Experimental figures are 
produced in these tables for the relationship 
between r,, the mean radius of the inclusions, 
and time and holding temperature by comparison 
with the figures for r,, obtained from equation (1) 
and the values of the constants a and rr. 


at the graphite-austenite boundary in synthetic 
pig-iron at 1000°C. 

Qualitative analysis of data on the kinetics of 
the coalescence of carbon in malleable cast-iron 
shows that coalescence is extremely intensive 
in this system. Normally no attention is paid to 
this process in the practical production of mal- 
leable cast-iron, on‘the assumption that its course 
is very sluggish. In actual fact, coalescence 
causes considerable grain growth and reduction 
in the quantity of grains. 

Coalescence must take place particularly fast 
in the first stages of tempering when the system 
contains a large number of nuclei. 

Comparison of malleable cast-iron test-pieces 
in their initial state and after tempering shows 
that the graphite inclusions have not only coar- 
sened, but also that their shapes have been great- 
ly damaged. This is particularly evident in test 
pieces with inclusions which are heterogenous as 
to magnitude, the test pieces being made of cast- 
iron in a third group. 

It can be seen on the microphotograph in Fig. 

3 that the large inclusions in quite a large space 
have dissolved the grains surrounding them. As 

a result the grains themselves have acquired a 
branched and non-uniaxial appearance. This evi- 
dently occurs because the majority of the inclus- 
ions are located at various types of micro-cracks 
on the austenite grain boundaries. Owing to the 
large specific volume of graphite, the growth of 
the temper carbon inclusions leads to deformation 


= 
I °K) | To x 10° | % x 10° 
(cm) (cm) 
<a 903 | 1.69 2.8 2.1 | 12.5 1.5 0.02 | 13,2 
0,64 [8] | 993 | 6.06 23 1.9 0,04 | 7.0 
0,82 2 993 | 6.80 14.8 9.5 3.5 | 1,9 0.04 7,3 
0.97 [8] | 993 | 6.87 15.6 9.6 4.4 1.7 0.04 9,8 
1.16 {8} | 993 | 7,62 15.6 10.8 ate 1,7 0,04 7.5 - 
VOL. 
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TABLE 2. 


T = 1123°K, 
a=0,9-10—!9, (cm) 


—4 
t (er) . 10-2. 10 


408 
371 
312 
279 
228 
206 


T=1273°K, 
a=3-107!9 = 2.10 (cm) 


- 10 om) 


=~ 
g- 
| 


oo 


CONUA 


— 


ww 


TABLE 3. 


T = 1273°K, a=25.19-!9 10-1073 


t (hr) z-1078 7, (em) | 


Iron 
type : (dyn/cm) 


lst group 
iron 


2nd group 
iron 


72 
T = 1173°K, 
a=2-10—!9 7,,=2-107? (cm) 
Fy -6 1074 «10-4 
0 3,9 3.9 0 408 3,9 3.9 
70 402 4.08 46 362 4.05 4.05 
120 | | 4.95 4.93 76 300 4.43 4.4 
170 4.43 4.38 117. | 217 4.81 4,72 
250 | 47 | 46 200 | 165 5.3 
345 4.92 | 4.9 300 | 115 5,95 6 
a=5-107'© =2-10 (cm) 
10-4 | | 
(hr) dom) | | rr 
| | | 
0 44] 0 350 4.08 
32 364 22 298 4,46 
213 37 952 4.7 
163 146 66 204 5,35 
7 131 123 | 98 6.28 
232 | 90 vol 
250 | 70,4 300 | 4 | 9,3 5 
977 | of | 195 
(cm) 
| 
| | 
0 481 3.68 3,68 
34 390 3.94 3.96 
74 288 4,4 4,3 
192 162 5.3 5.27 
265 116 5.96 5,9 
TABLE 4. 
1123 | 3,9 200 5,5 0.9 | 1.96] 0,07 73,4 
po 1173 | 3.9 200 5.8 2 1.96| 0.09 71.7 
1273 | 3.78 200 5.4 3 19 | O41 54.5 | 
1323 | 4,08 200 6 5 2 0.13 45,5 
P| | 1273 | 3,48 | 100 | 5.4 | 2,5 | 2 | 0.1 | 40,2 


of the surrounding parent substance. This causes 
the cracks to expand along the inter-crystalline 
boundary. The graphite fills the cracks and moves 
with them to sectors where there are still fine 
carbon inclusions. The coalescence process is 
renewed here and leads to expansions of the in- 
clusions and further lengthening and branching. 


© 


Thus the quality of cast-iron must, as a result 
of coalescence, deteriorate rather owing to deter- 
ioration in the inclusion pattern than to reduction 
in the amount of inclusions. 

Quantitative analysis of the process of temper 
carbon coalescence has enabled us to determine 
the surface tension of graphite at the boundary 
with austenite. The data obtained are in good 
agreement with the ideas held at present about 
this quantity. We know, for example, from thermo- 
dynamics that surface tension must fall with inc- 
rease in temperature. As we can see from Fig. 4, 
surface tension falls almost along a straight line 
with increase in temperature. 

The fact that the surface tension of the graphite 
in synthetic iron, which does not contain impuri- 
ties such as manganese (the other impurities play 
a small part, since there is very little of them in 
iron of the first group either), is lower at a bound- 
ary with austenite (40.2 dynes/cm at 1000°C) 
than in iron of the first group, which contains 
manganese (54.5 dynes/cm at 1000°C), is well 
explained. 

We know from practical experience that Mn pro- 
motes the formation of cementite at the surface 
of iron, i.e. that it hinders the formation of graphite 
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nuclei. This phenomenon may be ascribed in part 
to the increase of surface tension at the graphite- 
iron boundary. 

The third factor confirming the soundness of 
the values obtained for o is that the value for the 
surface tension at a graphite-austenite boundary 
was far greater than that at a cementite-ferrite 
boundary (according to the data in [3, 8]). In the 
given case the results obtained at the same tem- 
peratures should have been compared. There was 
however no apparent reason to suppose that if the 
temperature fell below A, the surface tension of 
the graphite would decrease greatly. We may there- 
fore assume that the surface tension at a graphite- 
ferrite” boundary is much higher than at a cementite- 
ferrite boundary. From this point of view, the fact 
that in the eutectoid breakdown of austenite no 
graphite is ever precipitated but cementite is 
always formed is convincingly explained. 


—— 
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FIG. 4. 


When investigating the process of the coales- 
cence of carbides and the influence of alloying 
elements on this process, the following steels 
were used: 

1. Pure carbon steel containing 1.7 per cent 

carbon; 

2. Steel containing 1.1 per cent carbon and 2 

per cent cobalt; 

3. Steel containing 1.49 per cent carbon and 2 

per cent titanium; 

4. Standard steels types ShKh-15 and U8-A. 
With the exception of the standard steels (ShKh- 
15 and U8-A) all the types of steel were melted in 
a high-frequency furnace under an argon atmos- 
phere. After melting, the steel was forged into 
15 x 15 cm bars; these were then chemically ana- 


lysed. 


FIG. 3. 
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TABLE 5. 
Steel U-8 
T =623° K T= 723° K T=823° K T=923° K 
t |r, 10 |& 12 
0 4.45 4. | 4 | 4.4 | .402) 4, or 
2 | 4.54 | 4. "5 | 4. 65 | 4. 65 
5.5 4,59 4, ,08 | 4, 2 
10.5 4,62 4, ,6 | 4,6 .74 | 4, 8 
20,5 4,65 4, .65 | 4, 6H | ,85 | 4, 4 
40,5 4,7 4, .68 | 4,78 ,89 | 4. 8 
60,5 4,72 4, ,69 | 4,8 .93 | 4, 
102 | 4.73 | 4: | 4.87 95 | 4. | is 
TABLE 6. 
0 5,9} 5,9] O | | 0 | 8.63) 8,63 
1,75} 8,5} 10,4) 0.5) 9.4 46 34) 0,5 J11.5 {11,1 
2.75) 12 12.4) 1,5/12 3 1 {14,67)13.5 
4,75| 17,3] 16,3) 3 |15.6 441 ,8| 2 |18,2 
|15.17 | 9,75; 21,6)21,26) 6 {21.8 Ry ,2| § |27,35)29.2 
.82 {17.1 |14,75} 25.6124,6 | 11 /22.6 4 
.1 |20,4 419,75) 27.2127 15 |26.8 
24, {34,3 9 
30 6.5,43, | .8 30 
TABLE 7. 
Steel: 
T=873° K 7=953° K | T=993' K 
r,:10° | rr - 10 r, 10 |rr-10° r,- 10 | rp +10 
| °(cm) | (cm) |‘ (ar) | (cm) (hr) | (cm) | (cm) 
i 
987 0 4,985 4.985 0 5,983 4,983 
35 3 5.78 5.78 3,5 5,73 5,9 
8 6,14 6,4 8,83 6.59 6,6 
18 6,91 6.9 18.83 7,36 7.3 
35,86 7.17 pe. 49.16 7.6 7.9 
48.6 7,2 7.3 
70 7,4 7.46 
130 7,59 7.57 
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TABLE 8. 


Steel: 1.1 per cent C, 2 per cent Co 
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TABLE 9. 


Steel: 1.49 per cent C, 2 per cent Ti 


T=873° K 
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The initial test-pieces with finely dispersed 
globular cementite, for investigating coalescence 
below A,, were made by hardening and then an- 
nealing at 620°C. 

These test-pieces were held at steady tempera- 
ture in a vacuum furnace. Before placing in the 
furnace they were polished and etched with sodium 
picrate; the number of grains of cementite per cm? 
of surface was then determined under a microscope 
with a gridded eyepiece [6,7]. The large number of 
computations made at different points on the sur- 
face of the test-piece ensured that these values 
were sufficiently accurate. 

The test-pieces were then placed in the furnace. 
The furnace vacuum was maintained between 107° 
and 10“ mm of mercury. The temperature was kept 
constant by a control device. Fluctuations were 
not more than + 10°C. 


The procedure described in [7] was employed for 
study of the process of coalescence of cementite 
in hyper-eutectoid steels at temperatures exceed- 
ing A,. 

Tables 5,6,7,8 and 9 give data on the change in 
the mean radius of pearlite particles with relation 
to time for which and temperature at which dif- 
ferent steels were held. The data necessary to 
determine the surface tension according to equa- 
tion (7) are given in Table 10*. 

The values of ry obtained from equation (1) 
using the values of a and r, given in Table 10 are 
also given in Tables 5,6,7,8 and 9. 


* The coefficient of diffusion for carbon in ferrite is 
determined as shown in [10]. 


75 
o 158 !5,8 | o 0 5.9 | 0 | 
5 |5.a3}6 | 3 5 6.31| 2 | 
15 | 6,04] 6,37] 8 19 7:2 | 5 | 
35 7°11 | 7:08 (12,58) 39 | 10 | 
55.5] 8.06 | 8.06 |19°58 50 | 20 | 
69.79" | 35 | 
48 51,25] | 
60 
73 
92.3 
1957 £§ ~ &§ ~ w§ 
| 6,06 | 6,05 |6.16]6.16| 0 | 7.76| 7.76 
5 | 6:93 | 6:98 5 | 8.31 | 8.33| 2 | 8.3 | 8:32 | 
10 | | 10 | 904/978 | 5 
15 | 3134 | 915 20 [11.27 | 10 [11,3 {10:2 
19 | 9:6 | 10/2 30 [12°87 | 20 {12/3 
| 12:2 | 11,9 45 [14.3 [14:2 | 30 [14,7 [13/8 
34 | 132 | 55 | 40 {15,12 
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TABLE 10. 


Type of steel 


3 (dyn/cm) 


Steel: Co 


— 


Aon 


Steel: 
1.7 per cent C 


Steel U-8 


ShKh- 15 


CONCLUSIONS 


The data given above provide a basis on which 
the proposed method for determining the order of 
magnitude of the surface tension at the boundary 
between solid phases may be considered fully 
satisfactory. The following facts are in favour 
of this: 

1. The surface tension values for cementite at 
a boundary with ferrite, determined from three dif- 
ferent sources, are the same. Thus, for U-8 steel 
at 650°C o = 15 dyn/cm; for pre-entectoid steel 
at 630°C according to the data in [3] o = 13.2 dyn/ 
cm; for steel with different contents of carbon 
at 720°C according to the data in [8] o = 7.5 
dynes/cm. If we take the temperature into account, 
the coincidence may be considered entirely satis- 
factory. 

2. The surface tension of cementite at a bound- 
ary with graphite remains, as is to be expected, 
constant for changes in carbon concentration 
(according to the data in [8 ). 

3. The surface tension falls, for all the alloys 
investigated, as the temperature rises. The cir- 
cumstance that this fall is almost inversely prop- 


ortional to the solubility of the dispersed phase 
in a parent phase (in a temperature range in which 
no phase changes take place) should be noted 
here. 

4. The surface tension of cementite at a bound- 
ary with austenite is almost five times less than 
that of graphite at a boundary with austenite. 

This fact is well confirmed by the phenomena 
accompanying the solidification of iron. 

5. Research into alloy steels has shown that 
where the alloying element content is comparative- 
ly small (of the order of 2 per cent) the order of 
size of the surface tension does not alter. How- 
ever, the tendency of the surface tension of car- 
bide at a boundary with ferrite to increase when 
a carbide-forming element (Cr or Ti) is introduced, 
and to decrease when a non-carbide-forming ele- 
ment (Co) is introduced, is very clearly demons- 


trated. 
6’.Finally, it can be asserted that the surface 


tension values obtained are of a reliable order, 
even by determination of the size of the critical 
nucleus in a phase change. For example, if steel 
steel containing 1.2 per cent C is supercooled 
below point A, to 50°, the size of the critical 
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| K-10 | ry 10° 
T° lo 0 108 
| eK) | | | | 10 | b — 
223 | 5,8 7.1 | 14,0 | 0.2 1.5 
873 5.7 7.4 11.5 0,8 1,5 
a 893 5.9 7.5 12 0.46 | 1,5 
a 923 5.5 7.2 15 | 0.9 1.5 
953 6.78 “|. 8 1,07 1,5 
1023 5,75 7 42 4.2 1,94 | 28 
1123 7,83 | 9.8 65 10,7 1,94 22.8 
1143 76 39 15 | 194 18,9 
| 120 15 | 4,94 14,6 
| 873 | 6,05, 7,3 30 0,94 1,22 | 51 
ns 893 7 7.8 50 0,4 1,22 35,2 
Steel: Ti | 93 | 6,16 | 7,5 18,5 | 2.2 1795 | 28.5 
. | 973 7,76 9 28 1,08 1.29 | 12.4 
| 623 | 4,45 4,5 4,742 3 1,32 | 152 
— 72 4,4 4.7 4,9 2 1,32 48 
823 4,4 4.7 4,9 6 1.32 29 
923 | 4.27 5 7.54 3,2 1.32 15 
VOI 
— 873 4,987 | 5,5 | 3.2 | 2.8 | 1.44 27 
953 | 4.985 | 5.6 7.65 | 3 1144 | 12.7 | 19. 
993 4,983 | 5.4 8.4 2.5 1.54 8.8 
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The ageing of an Al-Ag alloy containing 20 per cent Ag, which hardened con- 
siderably during the ageing process, was investigated. Owing to the fact that the 
atomic radii of Al and Ag are very similar, no material changes of volume occur 
during dispersion. Data from the electron microscope investigation of structural 
changes at various stages in the ageing of the Al-Ag alloy are compared with the 
lack of change in the anomalous diffraction effects on X-ray plates. Good conform- 
ity was obtained between the dimensions of the zones on the electron pictures and 


those calculated from the X-ray photographs. 


SYNOPSIS OF PUBLISHED MATERIAL 


Various opinions ** are held about the mecha- 
nism for the dispersion of the super-saturated 
solid solution in an Al-Ag alloy. According to 
Geisler and Hill, solid solution dispersion 
should be regarded as a continual process. It 
commences with the appearance of monomeric 
metastable phase precipitations, which change 
to dimeric and trimeric precipitations during 
their growing process. The further growth of these 
precipitations leads to loss of coherence between 
them and the parent metal and transition from the 
metastable to the stable state. 

Guinier and others [7,8,17,18], on the basis of 
observation of diffusion, and Koster and others 
[12, 13], on the basis of study of change in the 
physical and mechanical properties during ageing, 
drew the conclusion that the process of disper- 
sion proceeds in two stages of entirely different 
natures: low and high temperature ageing. The 
first was conditioned by the formation of zones 
rich in silver within the parent metal, the second 
by the process of the precipitation of a new 
phase. 

Glocker and Ziegler [14, 15] considered that 
the appearance of distortions of the parent metal 
lattice structure, caused by the formation of thin 
layers — laminations of hexagonzl structure — 
preceded the precipitation of the new phase. 
These layers are of y ’ structure (metastable phase 


* Fiz. metal. metalloved. 5, No.2, 279-292, 1957 
[Reprint Order No. 5 POM 53]. 


** In 1954, Hardy and Heal [16] published a synopsis de- 
voted to the problems of ageing. In particular this 
synopsis contained the main experimental results ob- 
tained between 1940 [1] and 1953 for Al-Agalloys. 


structure), but should not be identified with the 
y’ phase, while their silver content will not cor- 
respond to that for the y’ phase, i.e. 66 at % Ag. 


Elistratov [6] investigated an Al-Ag alloy con- 
taining 30 per cent Ag. X-ray data led him to con- 
sider that the nuclei of a precipitating phase are 
formed during heating for one hour at 150° or 10 
minutes at 200°. He does not go into the earlier 
stages of heating, though he describes the ano- 
malous effects (diffusion rings) characteristic 
of this stage. 

When analysing the X-ray data, Elistratov 
reaches the conclusion that sub-micro-cracks 
less than 12 A wide and solid solution arrange- 
ments expanded and contracted in every direction 
form in the Al-Ag alloy during dispersion. In this 
process the solid solution crystalline lattice cons- 
tant varies between 4.13 and 3.95 A in different 
arrangements of the same crystalline grain. 

A small preliminary research project was car- 
ried out some years ago in our laboratory [20,21] 
into the ageing of an Al-Ag alloy containing 10 
per cent silver. It was shown that the solid solu- 
tion is heterogeneous both in the quenched and in 
the natural aged state. White specks without clear 
shapes were observed on electron microsco 
pictures. Their dimensions were roughly 504 It 
was suggested that nuclei of metastable phases, 
or zones enriched with silver, were formed as 
early as during quenching. The presence of a 
heterogeneous structure in an Al-Ag alloy even 
at temperatures above the solubility curve was 
later proved by X-ray research [10,11]. These he- 


_terogeneity regions became clearer after heating 


at 175°C, and laminar precipitations were observed 
at the same time. Growth of the zones and plates 
was already noticeable after the alloy had been 
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briefly heated at 210°. The formation and growth 
of the laminar precipitations was accompanied by 


breakdown of the arrangements of the mosaic. It 


was found that the laminar precipitations are 
always of fine structure. 

The object of our present research was to obtain 
a fuller structural picture of dispersion in Al-Ag 
alloys. The results obtained by X-ray and elec- 
tron microscope were compared with figures from 
measurements of the mechanical properties of the 


alloy (hardness). 


EXPERIMENTAL PROCEDURE 


The alloy was made from 99.99 per cent pure 
aluminium and 99.95 per cent pure silver (copper 
and iron were the principal impurities in the Ag). 
Test-pieces for X-ray investigation were made in 
the form of 2 mm diameter wire; for measurement 
of hardness they were made in the form of square 
section 5 mm rods. Hardness was measured on a 
Rockwell machine using a stee! ball and a load- 
ing of 100 kg. 

All the test-pieces were water quenched from 
535°. The following ageing temperatures were 
used: 20, 100, 165, 200, 250, 300 and 425°. The 
ageing time was varied widely for each tempera- 
ture. Curves were drawn for the alteration in hard- 
ness with relation to ageing time (isothermic 
curves) and to the temperature for the same dura- 
tions of ageing (isochronous curves). 


Electron microscope structural research was per- 
formed on the test-pieces intended for the measure 
ment of hardness. As a rule the test-pieces were 
examined in an electrolytically polished state; 
sometimes they were deeply etched. Electrolytic 
polishing was performed in an electrolyte consis- 
ting of 1/3 HNO, and 2/3 methyl! alcohol. The 
deep etching was perfomed in a 25 per cent aque- 
ous solution of NaOH. In order to obtain oxide 
films [22], after the electrolytic polishing the 
surfaces of the test-pieces were anodically oxi- 
dized in an aqueous solution of Na,HPO, at 30V. 

The method developed by Elistratov for investi- 
gating anomalous X-ray effects in multi-crystalline 
coarse-grained test-pieces with alterations in ra- 
diation (wavelength variation) was selected for 
the X-ray research [4]. The X-ray photographs were 
taken using a sectional electron tube with ac- 
curate linear focussing. Unfiltered radiation was 
used; the anticathodes were of Ni, Cu, Co and 
Fe. Exposures were made at 30 kV. The photo- 
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6 
graphs were taken in Laue cameras with the test- 
piece fixed, by direct exposure on a flat film. 
Collimator length was 45 mm, diaphragm diameter 
0.3 mm. 


TEST RESULTS 
Hardness 


Isothermic curves for alterations in 
hardness of ageing temperatures of 100, 165, 200, 
250 and 300° are given in Fig. 1. The increase in 
hardness after test-pieces had been held at room 
temperature was very small. After five days the 
hardness of a test-piece had only risen by 2 
Rockwell units. At 100 and 165° the hardness 
markedly with time. After holding at 100° for 87 
hr the hardness still continues to rise. At tempera- 
tures above 200° maximum hardness is very quick- 
ly reached, and subsequently drops. 


Hardness 


2 6 8 10 12 
Time, hours 


FIG. 1. Isothermal hardening curves 


Curves for hardness against ageing temperature 
for constant holding-time of one hour are given 
in Fig. 2a. Fig. 2b gives a series of such curves 


for different holding-times. These curves are simi- 
lar to those produced in the work of Koster and 


Braumann [12]. Two separate regions, correspond- 
ing to the two different: stages of ageing, can be 
clearly distinguished on the curves. 

Where the holding time did not exceed three hours, 
the upper limit of the low-temperature ageing re- 
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gion is around 200°; with further increase in 
holding-time it is displaced somewhat towards 
the low temperatures. Only the second type of 


ageing — high temperature ageing — is to be found 


at 225° or over for any holding time. 


70° 
1 hour 
50} 


30700 150 200 2:0 300° 
0/25 ty 


Hardness 


s s a 
T 1 

LEK 
FREES 


3055700 150 200 300 


Heating temperature, °C 


FIG. 2. Isochronous hardness curves 


ELECTRON MICROSCOPE STRUCTURAL 
RESEARCH 


As in the case of the Al-Ag alloy containing 
10 per cent which we investigated previously (20, 
21], study of the structure of an Al-Ag alloy con- 
taining 20 per cent Ag showed that the solid so- 
lution is heterogenous in both the quenched and 
the naturally aged states (Fig. 3). Bright, equia- 
xial regions with indistinct outlines are visible 
in it. The size of these regions or zones is 
roughly 50 A These zones evidently represent 
solid solution regions enriched with silver and 
not a collection of separate silver atoms. Heat- 
ing at 100°, for all the durations investigated (up 
to 87 hr), and heating at 165° in the case of short 
holding-times (30 minutes and one hour) lead to 
no notable change in the sub-microstructure. 

After heating at 165° for 19 hours (Rockwell 
hardness 61 units) the majority of the zones are 


FIG. 3. Quenched state: x 10.500. 


70 Ain size *. The zones are more clearly del- 
ineated and shown in contrast against the back- 
ground of the solid solution surrounding them. 
This may be explained by the increasing dif- 
ference between zone and parent metal composi- 
tions. During ageing the zones are enriched with 
silver at the expense of the surrounding solid 
solution. In places laminations are already vi- 
sible in the structure. There is a layer improver- 
ished of silver at the grain boundaries, and along 
this layer there are inclusions of the precipitat- 
ing phase. 


0 70 140 210 0 70-140 210 260 
J50 e 


Number of particles, % 


0 70 0 70 140 210 260350 


Particle dimensions, A 


FIG. 4. Curves for zone and y’ -phase particle dis- 
tribution by dimensions (thickness). 


* Curves for the distribution of y’-phase zones and par- 
ticles by dimensions (thickness) are given in Fig.4 for 


eight different heating regimes. 
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Heating at 200° Fine structure laminations 
appear when heating is carried out at 200° for one 
hour. It may be assumed, on the bais of X-ray data 
contained in the reference [14] and our own X-ray 
figures, that these laminations represent y - phase 
precipitation. With this heating the zone dimens- 
ions are roughly 105 A With increase in the dura- 
tion of heating, the number of y’- phase lamina- 
tion increases. Layers of impoverished solid solu- 
tion are found on both sides of the laminations and 
grain boundaries, but the thickness of these layers 
is far less close to the laminations than at the 
grain boundaries. 

Where the holding-period is equal to 19 hours at 
200°, when the alloy hardness is maximum (Rock- 
well hardness 78 units), the solid solution sec- 
tors rich in zones only occupy about half the 
area (Fig. 5). The other half of the area is oc- 
cupied by y’-phase laminations with layers of 
impoverished solid solution around them. The 


length of the laminations is of the order of a micron. 


FIG. 5. Heated at 200° for 19 hr x 15,750 


The lamination thickness. and zone diameter are 
roughly equal to 140 A The thickness of the im- 
poverished zone near the grain boundaries fluctu- 
ates between 0.] and ly. Laminations which are 
not straight but are to some extent curved are 
seen in places. 

Where the holding period is 47 hours the hard- 
ness of test-pieces is still higher (Rockwell 
hardness 65 units). The structure of the test- 
pieces already consists basically of y’- phase 
laminations and impoverished solid solution; an 
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accumulation of equiaxial zones is observed only 
in places. The y’- phase laminations are fine- 
structured. They are oriented in an orderly way 
(according to Widmanstathen). They run parallel 
to the (111) planes. 

Heating at 300° After holding for 5 minutes, 
the alloy structure consists of solid solution, 
rich in “coarse” equiaxial zones of size roughly 
180 A , and y’-phase laminations (Fig. 6). 


FIG.6. Heated at 300° for 5 min x 15,750 


Heating at 300° for one hour The structure con- 
sists of solid solution impoverished of Ag and 
y ‘- phase laminations roughly 150 A thick. The 
change from y’- phase to y - phase running from the 
grain boundaries can be seen in Fig. 7a. Fine 
structure is not seen in the y’- phase particles. 


FIG. 7a. Heated at 300° for one hour x 6350 


F 
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The direction of the y’- phase laminations coin- 
cides with one of the directions of the y’- phase 
laminations in the outer grains. The region where 
y- phase has changed to y- phase is divided into 
separate areas — colonies where all the particles 
run in the same direction (Fig. 7b). 


FIG. 7b. Heated at 300° for one hour x 10,500 


On examination under a normal microscope the 
y‘- phase lamination boundaries are blurred even 


where the laminations are quite large, while the 
y-phase always possesses sharp outlines [23]. 
Geiler, when investigating an Al-Cu alloy, ex- 
plained a similar diffuse aspect of the metastable 
phase lamination boundaries by its cohesion with 
the parent metal. Under the electron microscope 
the y’-phase laminations are sharply defined. 
The “dot or dash” structure of the y’- phase 
laminations may evidently be considered to be a 
sign of cohesion between the y’- phase and the 
parent metal. This premise is supported by the 
stability of the structure. If there was no cohe- 
sion, the laminations would of necessity be of 
monolythic structure and would quickly thicken. 


Heating at 300° for 4 and 6.5 hr The structure 
consists of large y’- phase laminations and impover- 
ished solid solution. The laminations are of fine 
structure. The thickness of the y’- phase lamina- 
tions is roughly 210 A. 

y- phase within the grains is only observed 
when heating is continued for 5 hr at 425° (Fig.8). 
It also follows from Geisler’s [2,3] X -ray figures 
that there is not yet any y-phase after 6 hr treat- 
ment at 300°, but that at 425° the amount of y- 
phase is considerable. 


FIG. 8. Heated at 425° for 5 hr x 10,500 


The electron microscope was used to investi- 
gate the structural changes taking place on re- 
covery. For this purpose test pieces were first 
water quenched from 535° and heated for 10 hr 
at 150°, they were then heated in a salt bath for 
2 min at 220°C, and water-cooled. In this process 
the hardness of the test-pieces dropped to the 
hardness value after quenching (from 45 to 20 
Rockwell units). After these treatments the size 
of the zones is at the limit of resolution for the 
electron microscope; it is-difficult therefore to 
gauge the number of zones in one case or another. 
However, one may make the conclusion that re- 
covery leads neither to the zones dissolving com- 
pletely, as was thought earlier, nor to a consider- 
able diminution in their numbers, as Belbeoch and 
Guinier [17,18] and Hardy and Heal [16] suggest. 
The result of recovery is merely that the dimens- 
ions of the particles increase somewhat. 


DISCUSSION OF THE RESULTS OF ELECTRON 
MICROSCOPE RESEARCH 


When comparing the changes in hardness and 
sub-microstructure the following may be noted: 

1. The presence of solid solution zone-regions 
enriched with Ag corresponds to a stage in low- 
temperature ageing. The size of these zones is 
roughly 50 A. They are observed even in the 
quenched state. With increase in the temperature 
and duration of heating the size of the zones and 
the distance between them increase. Thus the 
size of the zones is 70 A after heating for 19 hr 
at 165°, 105 Aafter one hr at 200°. 

2. In the zone stage of ageing the hardness of 
the alloy already reaches high values. Thus the 
hardness of an alloy reaches 60 per cent of its’ 
maximum value after 19 hr at 165°. 

3. On passing to the second stage of ageing, the 


Electron microscope and X-ray investigation of the ageing of an Al-Ag alloy 


high-temperature stage, the equiaxial zones are 
still retained at the same time as the y - phase 
laminations appear which typify this stage. The 
zones decrease in numbers but their diameters 
and the distance between them increase. After 
heating at 200° for 47 hr the zone size reaches 
160 A. The zones vanish entirely after maximum 
hardness has been passed. At 250° they disappear 
after 6 hr at that temperature, and at 300° after 
one hr. On the other hand, in the first stage of 
hardening (at its end), y’- phase laminations 

are observed to appear. This overlapping of the 
two stages is associated with the great stability 
of the zone stage of dispersion, and also with the 
non-uniform course of dispersion governed by the 
differing degrees of perfection of the crystalline 
lattice within a single crystal, the micro-hetero- 
geneity of the composition and other causes. 

4. The maximum hardness in this alloy corres= 
ponds to a structure in which the zones occupy 
about half the area, and the y’- phase laminations 
surrounded by impoverished solid solution the re- 
mainder. The thickness of the laminations and the 
zone diameters are roughly 140 A. The y ’- phase 
laminations are of fine structure. Certain lamina- 
tions are markedly curved. 

5. Coarsening of the y’- phase laminations, the 
disappearance of the equiaxial zones * and, final- 
ly, the change from y’- phase to y- phase corres- 
pond to the final reduction of hardness in the sec- 
ond stage of ageing. 

Guinier and Belbeoch [17,18] consider the cor- 
relation of properties and structure in the second 
stage of ageing to be simple; the hardness in- 
creases while the precipitating phase laminations 
are small and cohere to the parent metal, and 
falls when, according to their growth, they cease 
to cohere and become perfect. It should be noted 
that this is not altogether true. A considerable 
drop in hardness sets in before cohesiveness 
ends. The state of the solid solution has a great 
influence on the hardness and other properties of 
the alloy. The impoverishment of the solid solu- 
tion leads in the opinon of Geisler, Barret and 
Mehl, [23], to the softening of an Al-Ag alloy 
long before the parent metal and the precipitations 
lose their coherence. It should be added that in 


* The question of whether equiaxial particles appear 
as zones at these late stages of ageing cannot be 
successfully solved by means of the electron micro- 
scope method. 
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view of the great number of different ways in which 
dispersion passes through the crystals, not only 
the degree of impoverishment of the solid solu- 
tion but also the number of impoverished sectors 
affect the hardness and other properties of the 
alloy. However, reduction in hardness is principal- 
ly caused by increase in the dimensions of the 
impoverished solid solution sectors. 

In the first (zonal) stage of ageing the correla- 
tion of properties and structure is complicated. 
Zones already exist in this alloy in the quenched 
state. A notable increase in hardness sets in in 
the first stage of ageing after prolonged heating 
at 100°, 150° and above. Probably the zones are 
as yet little different in composition, at the mo- 
ment when they form, from the parent metal. They 
are enriched with silver as the annealing time and 
temperature are increased. Increase in the hetero- 
geneity of the solid solution leads to the formation 
of stresses between the parent metal and the zones. 

The research showed that recovery does not 
lead to dissolving of the zones, or at any rate a 
considerable number of them. It may rather be sup- 
posed, as Gerold [19] does, that during recovery 
the silver content of the cores of the zones de- 
creases , and its atoms diffuse into the zone re- 
gion impoverished of silver surrounding the core. 
However we have not succeeded in confirming or 
refuting this hypotheis by electron microscope 
investigation. 

The maximum hardening in the Al-Ag alloy is 
achieved, as our research showed, when the al- 
loy structure is in its most heterogenous and de- 
formed state. In this state we find a supersatura- 
ted solid solution containing zones rich in silver, 
and y’- phase laminations, cohesively joined to 
the already impoverished sectors of the parent 
metal, in the alloy structure. 


X-RAY SECTIONS 


We observe the typical effects of diffusion, in 
the form of diffusion rings or haloes (the density 
falling symmetrically across the section) or dif- 
fusion spots on X-ray photographs taken of the 
hardened alloy. Since their density is very low, 
particularly in the case of the hardened state, they 
are formed only around certain Laue spots (from 
very large crystals). A small diffuse spot coin- 
ciding with a node of the parent metal reciprocal 
lattice is often visible at the centre of the halo. 
Heating at 165° for 15 min leads to considerable 
increase in the density and to reduction in the 
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dimensions of the halo and diffuse spots by 
about 1.5 times. 

According to reference [6,8], the regions of 
anomalous diffusion (r.a.d.) in the form of hollow 
spherical sheaths surrounding the parent metal 
reciprocal lattice nodes correspond in reciprocal 
space to the diffusion effects in the form of dif- 
fusion rings. 

Successive X-ray photographs taken Cu, Ni, 
Co and Fe anticathodes of a test piece heated at 
165° for 15 min enabled us to establish that the 
r.a.d. consist not only of hollow spherical sheaths 
but also possess central density cores (Fig. 9). 


FIG. 9. Diagram of an anomalous diffusion region 


A great number of X-ray exposures, commencing 
with heating at 165° for 15 min, were made in order 
to observe the change in anomalous effects during 
ageing. They were all made with Ni radiation. 

Fig. 10 shows the development of anomalous 
effects during the further ageing: I — (the halo) in 
the neighbourhood of a reciprocal (200) lattice 
node, and II (halo and diffuse spot representing 
two sections of a single anomalous diffusion re- 
gion around a (111) node by NiKa and NiK§ re- 
flection spheres) in the neighbourhood of the (111) 
node. These effects are designated I and II res- 
pectively in the X-ray photograph (Fig. 11). Laue 
spots and the diffuse central spot can be seen in 
both haloes (Fig. 10, Ia and Fig. 10, Ila). Bands 
of white radiation have already begun to appear 
after 15 min at 165° (the mark leading from halo I 
towards the primary spot). A linear characteristic 
effect is seen to appear at the same time in the 
form of a mark leading from halo II (they cannot 
be seen on the prints since the effects are still 
very weak). 

After 7.5 hr at 165° the white radiation bands 
are already appearing in certain places. A short 


diffusion mark of characterisitic radiation is 
leaving the centre of halo I. After 19 hr heating 
the number of elliptical white radiation bands has 
increased. Two short dense typical radiation marks 
are already leaving halo I (Fig. 10, Ib). These are 
dimeric effects associated with the parent metal. 
The diffuse spot II which is observed for shorter 
heating times (Fig. 10, Ila) disappears (Fig. 10, 
IIb), and the sizes of haloes I and II decrease 
very noticeably. All this is evidence as to reduc- 
tion in the size of the r.a.d. with increase in an- 
nealing time. The appearance of these regions in 
reciprocal space shows that their dimensions are 
half those for the regions occurring after 15 min 
heating. 

On raising the heating temperature to 200° and 
with a duration of one hr 45 min, the number of 
elliptical bands increases and halo II vanishes 
(Fig. 10, IId). It has completely shrunk into the 
diffraction spot. Many new Laue spots, correspond- 
ing to the y ’- phase, appear on the elliptical 
bands. The first y’- phase Laue spots have al- 
ready appeared after 19 hr at 165°. 

During 3 hr at 200°, a denser sector appears 
(Fig. 11). on the typical radiation linear effect. 
This is the dimeric typical effect associated with 
the y’- phase reciprocal lattice (101) node. 

When annealing at 200° is continued to 12 hr, 
many y’- phase spots have already appeared on 
the elliptical bands. During one hour at 260° and 
300° the elliptical bands become considerably 
less (the y’- phase spots on the ellipses are 
only joined at isolated points). The dense sec- 
tor on the monomeric typical effect becomes even 
denser and shorter (Fig. 10, Ile). 

After 70 hr at 415° the elliptical bands have 
entirely disappeared. On heating to 485° the pre- 
cipitated y’- phase spots also vanish (after 30 
min), and only the diffraction spots of the parent 
metal remain. For an Al-Ag alloy containing 20 
per cent Ag, 450° is the temperature of complete 
y’- phase solubility. 


INTERPRETATION OF ANOMALOUS EFFECTS ON 
X-RAY PHOTOGRAPHS OF THE Al-Ag ALLOYS 


The r.a.d. in the form of hollow spheres con- 
taining density cores in their centres may be ex- 
plained, starting from the thesis that X-rays are 
diffused by an ageing crystal. which was develop- 
ed by Elistratova [24]. Each of these spheres is 
the result of superimposing two r.a.d. on one hr 
another. One of them is governed by zones, rich 
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FIG. 11. X-ray photograph of the alloy after 
heating at 200° for 3 hr. Ni — radiation 


in silver atoms, with distorted structures. Owing 
to this distortion the r.a.d. is very diffuse. The 
other is governed by the shape effect (the “aper- 
ture” effect) and is defined by the zone dimens- 
ions. The “apertures” and zones diffuse the X- 
rays in an anti-phasic manner; the intensity of 
diffusion will therefore be determined by the 
difference of the mean diffusing capacities of the 
atoms in the zones and by the basic crystal lat- 
tice. The resultant distribution of density close 
to the reciprocal lattice nodes will therefore take 
the form of hollow spheres containing density 
cores at their centres. It follows from this ex- 
planation that the approximate mean dimensions 
of the zones in an alloy should be defined by the 
mean halo diameter (between the maximum densi- 
ty points). The zone dimensions given in the table 
were also calculated in this way. 

During the ageing of the alloy, the interaction 
forces between the Al and Ag atoms tend to re- 
construct the crystal lattice of the zones into the 
precipitation phase crystal lattice. For this reason 
the zone structures are distorted in different ways 
at different ageing stages, depending on their sa- 
turation with silver. In accordance with this, dif- 
fuse, linear and dimeric anomalous effects appear 
on the X-ray plates. 

The dimeric effects associated with the y’ - 
phase reciprocal lattice nodes are at first elonga- 
ted in the direction of the linear effects, and the 
r.a.d. corresponding to them take the form of rods. 
The linear effects combine the solid solution and 
y’~ phase reciprocal lattice nodes. All this points 
to the fact that there is considerable breakdown 
of the periodicity of the crystal lattice in two 


directions, at the specified dispersion stage, in 
the zones and the y’- phase nuclei. 

The dimeric and linear effects associated with 
the y’- phase reciprocal lattice nodes must not be 
associated with the dimensions and shapes of the 
nuclei of this phase. This follows from the fact 
that the dimensions of these nuclei are sufficient , 
according to the electron pictures, to provide tri- 
meric diffraction. When investigating the ageing 
of an Al-Cu-Mg alloy by X-ray, Bagariatskii 
[25] also reached the conclusion that the dimeric 
and linear diffraction effects are not associated 
with the shape and dimensions of the nuclei of 
the precipitating s-phase. 

Dimeric typical and white radiation effects 
linked with the solid solution reciprocal lattice 
nodes can be seen on the X-ray plates along with 
the anomalous effects described above. The X- 
ray research carried out by Glocker and others 
[14] shows that less than eight of the r.a.d. of 
rod shape corresponding to them normally pass 
through solid solution reciprocal lattice points 
(eight rods must correspond to the laminar from 
deformation regions in the solid solution crystal 
lattice parallel to all the.possible (111) type 
planes). All the possible y’- phase lamination 
orientations are invariably seen on the Al-Ag al- 
loy electron pictures. This indicates that the r.a. 
d. being investigated are not directly connected 
with the dimensions and shape of the zones or 
the y’- phase particles. Nor, for the same reason, 
can an incomplete number of intensity rods be as- 
sociated directly with the layers of the alloy around 
the zones and y’- phase particles which create 
the cohesive link between these precipitations 
and the parent metal, with the Ziegler [15] lami- 
nations or with the Elistratov sub-micro-cracks. 
Perhaps the correct interpretation of the anomal- 
ous dimeric effects should be sought starting from 


microsoopic observations. In a number of cases 
the y’- phase laminations are to some extent 
curved. 


We found in our work that in cases where the 
traces of the lamélla consist of bright alongated 
spots (this is normally observed when a replica 
layer is removed, after the alloy has aged, from the 
surface or the layers next to the surface, without 
subsequent etching or electrolytic polishing), the 
bright spots within the crystalline grain have the 
same orientation, parallel to (110), whatever the 
y’- phase lamination orientation. These observ- 
ations prove that during ageing the parent metal 


undergoes not only local deformation very close 
to the zones, but also deformation on a larger 
scale — the scale of the mosaic arrangement and 
the crystalline particles. These deformations can 
probably be regarded as the result of the co- 
operative action od small, sub-microscopic stres- 
ses. The circumstance that in transformation in- 
dividual parts of a crystal in the case of mono- 
crystalline test-pieces, are closely linked with 
their surroundings and undergo effects from them, 
assists the occurence of these deformations, since 
this goes on in an anisotropic medium. The defrom- 
ations described may lead directly or indirectly 

to the appearance in reciprocal space of an in- 
complete number of r.a.d, parallel to the (111) 

type direction. Their influence may be expressed 
indirectly in the limitation of the possible orient- 
ations of deformation of the crystal lattice of a 
type such as, for example, the Elistratov sub- 
microscopic cracks. 


DISCUSSION OF THE X-RAY RESEARCH RESULTS 


1. Diffuse rings (haloes) or diffuse spots are 
always observed, both in the quenched state and 
in the low-temperature ageing region, on the X- 
ray plates. They decrease in size with increase in 
ageing temperature. As a rule these diffusion ef- 
fects vanish with the onset of the second stage 
of ageing — high-temperature ageing. Since dis- 
persion is non-uniform through the crystals in con- 
nexion with the different degrees of perfection of 
the crystalline lattice, the effects characteristic 
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both of the first and of the second stages of age- 
ing are observed simultaneously. We consider, as 
do other research workers [8,19 | that the diffusion 
effects (the halo and the diffusion spots) cor- 
respond to the appearance of heterogeneity in 

the solid solution. The atoms of silver segregate 
into separate formations. Zones or regions rich in 
silver are observe on the electron microscope pic- 
tures also at this stage of ageing. The dimensions 
of these zones increase with the temperature, and 
reduction in the dimensions of the diffusion rings 
is observed at the same time. It should however 
be noted that equiaxial zones which have reached 
quite large sizes (150 A) have long since been 
observed on the electron microscope pictures also 
during the second ageing stage, along with the 

- phase particles. At this stage the diffusions 
rings contract into the dense diffusion spots on the 
X-ray photographs. 

The dimensions of the r.a.d. and zones, cal- 
culated from the anomalous effects in the form of 
haloes, are given in the table. The table clearly 
shows the good agreement between the X-ray and 
electron microscope data. 

2. The second nage of ageing — high-tempera- 
ture ageing — is typified by the appearance of 
y -phase images on the X-ray photographs (typi- 
cal dimerics linked with y’- phase effect nodes, 
which appear on the linear typical radiation ef- 
fects, and y’- phase spots on the white radia- 
tion elliptical bands). y’- phase laminations ap- 
pear on the electron microscope pictures. When 
this stage of ageing develops, an increase in the 
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number and intensity of the effects indicated 
above is observed on the X-ray photographs, and 
an increase in the number and dimensions of the 
precipitated phase laminations is seen on the 
electron microscope pictures. 

The true precipitation process — the appearance 
of a new phase (the y’ - phase), cohesive connec- 
ted with the parent metal, corresponds to the sec- 
ond stage of ageing. 

3. Dimeric white radiation effects are observed 
in both stages of ageing on the X-ray photographs 
of the alloy investigated, in the form of elliptical 
bands. These effects are very stable. According 
to the data given by Geisler and Hill they appear 
after prolonged natural ageing; according to 
Glocker they appear after heating at 150° for one 
hour. According to our figures they appear after 
15 min at 165° and do not vanish after 12 hr at 
200° or one hour at 300°. The full disappearance 
of the white bands was observed after 70 hr at 


415°. 
CONCLUSION 


1. Data from the electron microscope investiga- 
tion of the structural changes at various stages in 
the ageing of an Al-Ag alloy have been compared 
with change in the anomalous diffraction effects 
on X-ray photographs. 

2. A good correlation has been obtained between 
the dimensions of the zones on the electron pic- 
tures and those calculated from the X-ray photo- 
graphs. 

3. The structure of the r.a.d. corresponding to 
the zones of solid solution enriched with silver 
has been more accurately defined. 

4. The dimensions of the metastable y’- phase 
zones and particles corresponding to various 
stages of ageing have been determined by elec- 
tron microscope. 

5. The alloy structure corresponding to the maxi- 


mum hardening stage has been established. 
6. It is shown that recovery leads neither to the 


zones dissolving fully nor to a considerable num- 
ber of them dissolving. 

May we take the opportunity of thanking Profes- 
sor Dr. lu.A. Bagariatskii for his valuable re- 
marks during discussion of the results of our 


work. 
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The paper deals with the fundamentals of the rational choice of plasticity and strength 
constants for metals and the possibility of constructing a theory of plasticity, taking into 
account the possession by metals of individual mechanical properties, by means of two 


plasticity constants or parameters. 


WORK-HARDENING OF METALS AND ITS 
QUANTITATIVE ESTIMATION 


Plastic deformation starts in a metal at the 


moment when the yield points o, is reached. Further 


increase of the stress, causing plastic flow, is de- 


termined by the ability of the metal to work-harden. 


To estimate this capacity quantitatively, the 
work-hardening coefficient K is generally used; 
this has the dimensions of a stress, and is equal 
to the local tangent of the angle of inclination of 
true stress curve drawn in the co-ordinates s-e 
or s-g where e and q are the instantaneous values 
of elongation and of reduction of area as the test- 
piece elongates plastically. The coefficient K is 
express by the formulae: 


FIG. 1. a — relative increase of stress in metals 
A and B with identical coefficients 
of work-hardening K,; 
b — relative increase of stress in metals 
C and D with identical dimension- 
less coefficients of work-hardening 


N 


e 


* Fiz. metal. metalloved. 5, No.2, 293-303, 1957 
[Reprint Order No.5 POM 54]. 


If, in two different metals A and B, the coef- 
ficients K, are equal for equal strains, this does 
not yet signify that an identical increment of 
strain A e will produce the same relative incre- 
ment of stress. Thus, for example, for the incre- 
ment Ae (Fig. la) the stress in metal A increases 
twofold, but in metal B by only 30 per cent. 

The work-hardening capacity of a metal is con- 
veniently expressed by means of the dimension- 
less coefficients of relative work-hardening. 

Ke _ ds 1 


= 
de 


K 
(2) 


If in different metals C and D the coefficients 
N, are equal for equal strains (Fig. 1b), then such 
metals, under suitable external conditions, can de- 
form similarly, the true stress curve for one metal 
being found by multiplying the ordinates of the cor- 
responding curve for the other metal by a constant 
factor [1]. 

To determine the effect on the work-hardening 
coefficients of prior cold-work, it is necessary to 
discuss the nature of the testing of cold-worked 
metal. Let Fig. 2 represent the P — A / diagram 
for a test on un-cold-worked metal. Assume that 
the test-piece was plastically deformed to the 
point 2, nd that this was taken as the starting 
point for determining the mechanical properties of 
the cold-worked metal. 

In this case the instantaneous dimensions of the 
test-piece at point 2 must be taken as the initial 
dimensions. The diagram of plastic flow for the 
cold-worked test-piece is then shown on the test 
curve for unworked metal by the section 2 — 4. 

The mental process of taking the test-piece at 
point 2 as the starting point has no effect on the 
course of its further extension, and therefore the 
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FIG.'2. Test diagrams for un-cold-worked and 
cold-worked metals: 

P-Al diagram; 

s-e diagram; 

s-q diagram; 


true ultimate strength s,*, the work-hardening of 
the metal at the point P, ,, and the breaking stress 
Ss; in the test-piece neck will be identical in the 
cold-worked and un-cold-worked metal. 

Let the cross-sectional area and length of the 
unworked test-piece be denoted by Fy and Lo, the 
same parameters at point 2 on the P —Al diagram 
by fo and J, and at point P,.,, where the force 
reaches a maximum and uniform deformation comes 
to an end, let the area and length of the test-piece 
be and 


* The term true limit of strength must not be used here, 
since in the draft GOST it signifies the instantaneous 
stress in the neck at the moment of fracture. The terms 
“limit of strength” and “ultimate strength” will be des- 
cribed below. 


Additionally, let the mechanical properties of 
the unworked metal be characterized by a yield 
point o,,, ultimate strength o,,, uniform elonga- 
tion 5,,,, uniform reduction of area y,, and reduc- 
tion in the neck at fracture w,_. ‘lhe correspond- 
ing characteristics of the cold-worked metal will 
be given the same notation, but without the sub- 
script 0. 

Since the properties are defined as follows: 


we find that 
Sp = 399 (1 +4,5) = 3 (1 + 4,) = 


Spo 


=const, S, = 


and also 


In unworked metal some completely defined 
strain is required to reach the limit of uniform elon- 
gation 5, or the limiting reduction of area in the 
neck Veo . During prior cold-work, by rolling for 
exaupls, this strain is partially expended, and a 
reduction in these characteristics is therefore 
observed when cold-worked metal is tested. 

If the amount of prior cold-work is defined by 
the elongation e |, = 1,/Lo — 1, or by the reduc- 
tion of areag,, = 1 — fo/Fo, then by using the 
rules for addition of independent elongations or 
reductions [2], we obtain 


po 


Yor = + 


Gap 


’ 
whence 
+enyp 
Ypo 
Inp ; 
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From formulae (3), (6) and (7), we also find that 


(9) 


O49 (1 + egy) = 
dnp 


From the method of deriving formula (9), it fol- 
lows that it can only be used within the limits of 
variation of e, and Biven by the inequalities 
»? 0 and 0: In fact, if the degree 
of oma to which the metal is subjected during 
prior cold-work exceeds the limiting uniform strain 
of which it is capable, then when such cold-worked 
metal is tested we shall not observe any uniform 
elongation, and therefore the maximum stress on 
the P — Al diagram will no longer correspond to 
6}, but to the yield point of the highly cold-worked 
metal o*,. More detail on this will be given below. 

As follows from formulae (6) — (9), the mechanical 
properties of cold-worked metal o,, 5p» Wp» We 
are easily calculated, if the degree of coll strain 
of the metal and the values of ko 
for the un-cold-worked metal are known. 

The methods and formulae for calculating the 
yield point and elongation on 10d or 5d for cold- 
worked metal have been described previously, [3, 
11] and will not be cited here. 

Having considered the problem of testing cold- 
worked metal, we turn to an analysis of the true 
stress diagram. 

At any instant, the force is equal to the product 
of stress and cross-sectional area, i.e. P = sF. 
The elongation and reduction are respectively 
equal to e = 1/l, —1 = fo/f —1 and gq =1 — 
After differentiating these equations and manipu- 
lating them somewhat, we find that:- 


At the moment of max?mum force dP = 0, e = 
5, 7=Wp, and s = sp. Substituting these values 
in formula (a) and solving the equations obtained, 
we find expressions for the dimensional and di- 
mensionless coefficients of work-hardening at the 


point 
(l- = 5,, (10) 


= | 
(13) 

With increasing prior cold-work the values of 

and yy, are reduced; consequently, coefficients 
and increase and coefficients Ky, and 
Ny, decrease, although, as already stated, the 
me « hardening processes at the point s = s» are 
physically identical for cold-worked and unworked 
metal. Why then in this case should the se coef- 
ficients depend on the cold-work, whilst in the 
s —e and s — q co-ordinate systems they behave 
differently ? 

Differentiating the expressions for elongation 
and reduction, and proceeding from the differential 
to a very small increment, we obtain the following 
formulae: 


Having taken | per cent as the unit on the elon- 
gation and reduction scales, we note that this 
unit does not possess a constant value. Actually, 
identical increments Ae = Ag = 1 per cent, de- 
pending on the values of e and gq, give different 
increments of strain as reckoned relative to the 
incremental area of cross-section AF/, (Fig.3). 
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FIG. 3. Dependence of unit values on the ma- 
gnitude of the elongation and reduction 
scales. 


It can be seen that, with increasing strain, i.e. 
with increasing e and q, the magnitude of the unit 
of elongation decreases, whilst the reduction unit 
increases. 

This is also the cause of the relationship between 
the coefficients of work-hardening and the degree 
of cold-work, since in cold-worked metal the maxi- 
mum force on the P — Al diagram is reached at 
lower e and qg values than in unworked metal. 

It is characteristic that to each new degree of 
cold-work for one and the same metal there cor- 
responds a new curve on the true stress diagrams 
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(cf.Fig. 2). Increase in the prior cold-work moves 
the s, point on these diagrams horizontally to the 
left, first to the vertical axis and then beyond it. 

In the latter case the yield point of the cold- 
worked metal exceeds the true ultimate stress s). 
The Kerber rule still retains its force in this 
case, although certain authors disagree [4]. 

Fig. 2 shows on the left, in dotted lines, the 
hypothetical course of the true stress curves as 
prior cold-work increases. For curve 3 the prior 
strain exceeds the capacity of the metal for uni- 
form strain, i.e. 9,,>W po and e,,,>dpo. Thus, 
the peculiarities hens stress diagrams include 
the facts that:- a) they do not take into account 
the prior strain history of the metal; b) units on 
the horizontal axis of these diagrams are not cons- 
tant in value. 

The author has developed more convenient 
“radial” true stress diagrams, on which the most 
widely varying conditions of prior cold-work for 
one and the same metal correspond to a single 
curve. Prior cold-work only shortens this curve, 
moving its starting point, on the curve itself, from 
left to right. 

It should also be noted, that the s — e and s — 
g true stress diagrams do not give a functional re- 
lationship between stress and strain, since no 
function of elongation or reduction of area can 
have the dimensions of a stress. 

Consider yet another very interesting fact. 

It follows from formulae (12) and (13) that 


(16) 


It can be seen that the uniform elongation and 
reduction are functions of the capacity of the 
metal for relative work-hardening at the point 
s,, and by virtue of this, are functionally related 
to the ratio between yield point and ultimate 
strength [11). 

The dimensionless plasticity parameters 6 
and wy, , as can be deduced from research carried 
out by the author, have a further striking property. 
These parameters, and thus also the relative work- 
hardenability of the metal, are independent of the 
testing temperature, at any rate so long as the 
temperature change does not cause the metal to 
transform or recrystallize. 


| 


t recr ta 


FIG. 4. Schematic relationship between the uni- 
form elongation of cold-worked metal and the 
testing temperature 


Fig. 4 shows schematically the change in the 
uniform elongation of steel. Up to the recrystalli- 
zation temperature it is small, but recrystalliza- 
tion raises this elongation markedly. A new jump 
in elongation occurs as soon as the a~y trans- 
formation occurs. Tests to verify this independence 
of temperature in 5, and wW, are easily carried out 
by due analysis of the results of tests on metals 
at various temperatures, given for example in r VOL 
Tables 41, 47, 62, 63, 120, 140, 152 and others 5 
in the monograph by Romanov and Ver [5]. To do 195 
this it is necessary to calculate 5, from the values 
of 5,. and yy, given in the Tables, using the theo- 
retical formula developed by the author. 


(17) 


nV1+4, 
in which n = l/do, the length factor of the test- 


piece. For the calculation of 5p = f (5;, Wy, n) it 
is convenient to use a special graphical method 


{3}. 


+ 


THE COMPLEX OF NON-INTERDEPENDENT 
MECHANICAL CONSTANTS AND PARAMETERS OF 
METALS 


Amongst the parameters, which reflect the elas- 
tic properties of metals, there are included the 
two moduli of elasticity, E and G, the Poisson 
ratio yz, a new dimensionless coefficient of elas- 
ticity € [6] and the coefficient of compressibility 
x: For small strains these parameters are related 
by the equations: 

Five elasticity parameters are connected by three 
equations, so that only two of the parameters are 
independent. 


OY 
03 
02 
| 
= 1 = Ne, - 1, (15) 
|_| 
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From the full set of elasticity parameters it is 
useful to select one dimensional and one dimension- 
less, or two dimensional. 

The dimensionless elasticity parameters are 
independent of temperature [10]. 

Amongst the parameters of plasticity there are 
5p, Wp. They are related by 


included o,, op, Sp, 
the equations 


os/o, = po’ ) 
Sp = 5, 

Thus in this case also, the number of independent 
parameters is two. From the full set of plasticity 
parameters it is most convenient to select the true 
ultimate stress s,, which is independent of degree 
of cold-work, and the uniform elongation 5, or 
reduction ¥,, which is free of temperature effects. 
It is also possible to select two dimensional plas- 
ticity parameters. 

According to research, carried out by the author, 
the plasticity curves of any metals can be des- 
cribed by similar equations, since the parts of 
these curves between the points o, and s; always 
agree very accurately with second-order curves, 
drawn according to a particular law |11]. To cons- 
truct this, 0,,, 04. and 5,, must be known. How- 
ever, since os0/o4, = f(5,,) and 

Sho = (1 + Spo)» 

to construct che plasticity curve it is sufficieut 
to know two plasticity constants, sp and dp, or 
64, and dp. In order to find, on an already known 
plasticity curve, the final point, corresponding to 
the fracture point, it is sufficient to know either 
the ordinate of the point — the ultimate strength 
Ss, or the abscissa — the reduction wy or the de- 
rived reduction = d 5p) 

Thus, the complete estimation of the static 
properties of a metal gives two elasticity para- 
meters, two plasticity parameters and one strength 
parameter. 

Metals are met with, which undergo brittle frac- 
ture in tension. Grey cast-iron is one example. 
However, the plasticity parameters of such metals 
can be found indirectly, such as by plastic indent- 
ation with cones of different apex angles [7]. 
Hardness testing gives some indication of the di- 


mensional parameters of plasticity for such metals. 


As a parameter of the strength of brittle metals, 
one must take the “brittle strength” value q,,, or 
S;,, which may both be less than the yield point. 


It must be remembered that a metal which is 
brittle under one stress condition, e.g. in tension, 
may be ductile under another “easier” stress con- 
dition, as an example of which may be cited im- 
pression with a hard identor. 

Many of the widely used mechanical character- 
istics have no unique physical significance, and 
therefore they must not be used in calculations. 
Amongst the non-unique characteristics are in- 
cluded: elongation 5; on the gaugelength J, re- 
duction of area Wz, ultimate strength op, all 
hardness numbers, impact value etc. 

In the equation for elongation on ten diameters, 
for example, and also in the equation for reduction 
of area at the point of fracture, one specimen may 
be without a neck, whilst on another it will be 
very pronounced. Consequently, 5,9 and Wy, do not 
describe the change of form of the test-piece under 
identical conditions. The free uniform elongation 
5, and the derived reduction % = (Fp--F)/Fp, 
in adel the area F; in the neck of the fractured 
test-piece is compared with the area F,, in the 
uniformly strained section, are free from these 
defects. 

A complete picture of the change in shape of 
the fractured test-piece can be obtained, if 5 
and yy, are known; the first reflects the uniform 
strain and the second the local strain. 

The derived reduction yy, is independent of the 
degree of prior cold-work, since this does not af- 
fect the values of KF, and F,. The reduction wy % 
is therefore a most valuable dimensionless cons- 
tant of strength. 

A particularly unfortunate example of non- 
uniqueness is afforded by the o, value, equal 
to the maximum stress divided by the original 
cross-sectional area of the test-piece, i.e. the 
value op = Fyigh /Fo. For many decades this 
value was awe as “ultimate tensile strength”, 
but it was then considered inadequate and was 
changed to the still less suitable term “limiting 
strength”, which as the author states, introduces 
doubtful factors into the picture of the mechanical 
characteristics of metals. 

Let us turn to Fig. 5, which shows test dia- 
grams for metals with the same plasticity para- 
meters and different strength parameters. 

1. Let the test-piece fail at point 1; its dia- 
gram is represented by the straight-line section 
0-1.In this case o, = Pyi,1,/Fo is the “brittle 
strength” s,,. The first differential at point 1 
is positive and very large. The plastic strain in 
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FIG. 5. Tensile test diagrams for metals in the 
co-ordinates 


p 
NP high P high 


al 


FIG. 6. Idealized and actual tensile test dia- 
grams for highly cold-worked metal 


the test-piece is virtually nil. 

2. If the test-piece fractures at point 3 on the 
rising portion of the P - Al curve, failure is pre- 
ceded by considerable plastic strain, and op = 
Prigh/Fo i is the “ductile strength” of the metal, 
s,. The first differential at point 3 is positive 
and not very, large.* 

3. If the test-piece breaks at point 4, 0, = P,,,,/ 
F,, which from one point of view the “ductile 
strength”, and from another, a parameter of plas- 
ticity, since at point 4 the rate of work-hardening 
of the metal equals the rate of reduction of area, 
by virture of which the first differential at point 
4 is equal to zero. 

4. If the test-piece breaks at point 5 or at point 
6, 04= Pmax/Fo merely denotes a parameter of 
plasticity, bears no relationship to the fracture 
stress and is in no way a “limiting strength”. 

5. Let us suppose that the metal has been very 
severely cold-worked, up to point 5. In this case 
its test diagram is shown in Fig. 5 by the curve 
5°—5—6. Such diagrams are typical of piano or 
binding wire. Here op = Phigh/Fo is still not a 
parameter of plasticity, but in essence the yield 
point for highly work-hardened metal o,, where 
Os > Sp- 


* In cases (1) and (2) the plasticity constants o, = 
Pmax/Fo and gp) can only be determined by an in- 
direct method, such as on the basis of identing the 

metal with two cones of different apex angles. 


In actual test diagrams for binding wire (Fig. 
6), instead of the idealized diagram, in which the 
straight line 5—5’, showing the elastic strain, 
intersects the descending part of the curve, the 
recording apparatus produces a curve with a smooth 
arc at the top, in large part due to the inertia of 
the force-measuring and recording equipment of the 
machine. The first differential at point 5 in Fig. 

5 is negative. 

6. The ordinate of the furthest point to the right 
on the Al-P diagram, including point 6 inFig. 5, 
corresponds to the “ductile strength” s;,. The 
load P; at test-piece fracture on the descending 
part of the P- Al curve is not the maximum and 
the value o, is not determined. 

Arguments between proponents on the terms 
“limiting strength” and “ultimate strength” will 
obviously not end until one term — whether limit- 
ing strength or ultimate strength — is replaced by 
several terms, uniquely describing the physical 
nature of the phenomena. 


The term “ultimate strength” and the symbol VOl 
04 = Pmax/Fo must, in the opinion of the author, 5 
be restricted to the case when the force on the 19! 


P-Al diagram reaches a mathematical maximum, 
and the first differential at the maximum point is 
zero. Approach to the maximum force must neces- 
sarily be preceded by uniform strain in the test- 
piece, i.e. 5p must exceed zero. 


The term “limiting strength” and the symbol 


oh = Phigh/Fo must be reserved for the case when 
the an Minaiinins on the rising portion of the 


P-Al diagram. In the special case when the at- 
tainment of P};,), is not preceded by uniform plas- 
tic strain, o, becomes the brittle strength op,. 
The highest load reached in testing severely 
cold-worked metals, as already stated, cannot be 
taken as a maximum, since at the point of highest 
load the first differential is not equal to zero 
(cf. Fig. 6). If attainment of the highest force is 
not preceded by the development of uniform elong- 
ation, and plastic strain in the test-piece com- 
mences with necking, the quotient P}; gh/fo 
must be called the yield limit and deacted by 
o;. Point 1 on the test diagram shown in Fig. 6 
is never observed because ot its atypicality and 
nearness to point 2, which forms another basis 
for regarding Prigh/fo as the yield limit ag, 
determined on the basis of a very small plastic 
strain. 
As was shown above, the mechanical parameters 
of a metal in any cold-worked condition can be 
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calculated, given the strain due to cold-work and 
the parameters of the metal in the unworked con- 
dition. These parameters, which include 


Iho» Sh» Ogo> Wego» Vy, 
and s, must be regarded as the mechanical cons- 


tants for the metal. Their determination must be 
carried out at normal temperature, i.e. at + 20°C. 


THE DEVELOPMENT OF A THEORY OF PLASTICITY 
TAKING THE INDIVIDUAL MECHANICAL 
PROPERTIES INTO ACCOUNT BY MEANS OF 
PLASTICITY CONSTANTS 


The equation of the theory of elasticity usually 
contain two elasticity constants, the modulus of 
elasticity E, with the dimensions of a stress, and 
a dimensionless constant of elasticity p (or 2). 
The modulus of elasticity shows the relationship 
between stress and strain. The dimensionless 
constant of elasticity gives a picture of the rela- 
tionship between the stress tensor and the strain 
tensor. 

If the dimensionless constant of elasticity is 
not known, the strain tensor must be resolved into 
a deviator and a spherical tensor [6]. Similar 
elastic strains in different materials are only pos- 
sible if their dimensionless constants of elasti- 
city are equal [6]. 

The equations of plasticity theory usually con- 
tain only one variable defining the material, 
namely the plasticity modulus. According to ex- 
periment, under identical loading conditions not 
only the degrees but also the forms of plastic de- 
formation differ for different metals. They depend 
on the relative work-hadenability of the metal, 
i.e. on the uniform elongation 5,[3]. From theore- 
tical consideration it follows that similar plastic 
deformations are only possible in different metals 
when their dimensionless plasticity constants — 
uniform elongation 550 are equal [1]. 

There are grounds for expecting that in the 
plasticity field also the relationship between the 
stress and strain tensors will depend on a dimens- 
ionless plasticity constant. The introduction of 
this constant into plasticity theory calculations 
is absolutely essential. 

The author has more than once come up against 
the opinion, that in the range of final strains it is 
hardly possible to speak of any kind of definite 
mechanical constants. Are there any grounds for 
such doubts ? For an answer to this question let 
us turn to practice. 


It has already been pointed out above, that 
given the mechanical constants 


Sb» bo» Spo» Vs 
the mechanical properties of any cold-worked 
metals can be calculated. Knowing these const- 
ants, found from tensile tests, it is possible with 
fair accuracy to calculate the hardness values on 
the Brinell, Rockwell B and C, and Vickers scales 
[8]. The same constants can be used also to cal- 
culate the impact value of ductile metals [9]. 
However, the solutions mentioned are based in a 
number of cases on the use of dimensional analysis 
and experimental results, and are not the result 
of strict mathematical generalizations. These so- 
lutions bear witness to the value of taking into 
account the individual properties of metals by the 
use of plasticity constants and in this we include 
their fundamental value. In this connexion, the 
author does not doubt that a plasticity theory can 
be developed, on the basis of the evaluation of 
the mechanical properties of metals by two cons- 
tants for the plasticity of the material — one di- 
mensional, the other dimensionless. 


CONCLUSIONS 


The mechanical properties of un-cold-worked 
metals are determined by means of five mutually 
independént mechanical constants, including two 
elasticity constants, two plasticity constants 
and one strength constant. The mechanical cons- 
tants are divided into dimensional and dimension- 
less; the first of these express the relationship 
between the magnitudes of stress and strain. 

The dimensionless elasticity and plasticity 
constants determine the division of the strain 
tensors into deviators and spherical tensors, in 
both the elastic and, apparently also, the plastic 
ranges. Within the limits of a given phase and 
physical condition for the metal the dimension- 
less elasticity and plasticity constants do not 
react to temperature changes. 

The independence of certain plasticity and 
strength constants from the degree of prior cold 
strain of the metal makes it possible to compute 
all the mechanical properties of any cold-worked 
(cold-rolled) metals, given the degree of cold strain 
and the values of the mechanical constants, charac- 
terizing the metal in the un-cold-worked condition. 
Knowledge of the mechanical constants, found 
from tensile test, also makes it possible to cal- 
culate any hardness numeral for metals, and also 
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in some cases their impact value. 3. 
The facts enumarated above show the possibi- 
lity of developing a plasticity theory, taking into 4. 
account the mechanical properties of metals by 
means of two plasticity constants, the dimension- 5. 
less constant determining, in conjunction with 
the other conditions, the size and shape of the 6. 
plastically deformed body and the distribution of 7. 
strain in the body. 
8. 
9. 
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TRANSFORMATION OF SUPERCOOLED AUSTENITE * 
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The first transformation of austenite in the in- 
termediate and martensitic regions of types 5552 
and ShKh15 steels causes abrupt acceleration of 
the intermediate transformation at higher tempera- 
tures and considerably retards the pearlite trans- 
formation. 

Powerful retardation of the intermediate trans- 
formation is observed in type 55S2 steel at low 
temperatures under the influence of partial decom- 
position in the upper part of the intermediate 
region. 

The results obtained cannot be attributed solely 
to the concentration changes in the austenite and 
the nucleation effect of previcusly formed phases. 
The changes in the fine structure of austenite 
(micro-stresses) which arise during the marten- 
sitic type transformation play an important part in 
the kinetics of staged transformation. 


INTRODUCTION 


The majority of the published works on the in- 
vestigation of super-cooled austenite have been 
devoted to isothermal transformation or to trans- 
formation occurring during continuous cooling. 
Certain works have investigated the influence ex- 
erted by holding at various temperatures within 
the incubation period on the magnitude of this 
period at other temperatures [1-4]. 

At present, however, no detailed figures exist 
for the interaction of the austenite transformation 
products obtained at various temperatures, or for 
the effect of the decomposition in a single tem- 
perature range on the kinetics of the transforma- 
tion at other temperatures. More detailed infor: 
mation only exists for the interaction between the 
products of the intermediate and martensitic trans- 
formations. In particular many authors find a re- 
duction of the Ms occurring after the partial trans- 
formation of austenite in the intermediate region 
(5 —8 et al]. 


Acceleration of decomposition in the inter- 


* Fiz, metal. metalloved. 5, No.2, 304 — 317 (1957) 
[ Reprint Order No. 5 POM 55]. 


mediate region after partial martensitic transfor- 
mation has also been observed [7 — 12 et al]. 
Only incomplete data, which do not always agree 
with one another, exist for the remaining problems. 

Reference [13] revealed the phenomenon of the 
stabilization of the intermediate transformation 
which occurs after preliminary holding at higher 
temperatures. A.I. Stregulin and F.S. Kotsin [14] 
discovered that the partial decomposition of aus- 
tenite in the pearlite region in a hypo-eutectoid 
carbon steel with precipitation of ferrite slows 
the intermediate transformation, while similar de- 
composition in a euctoid steel does not affect the 
rate of intermediate decomposition. Jolivet and 
Portevin [15] also found that the partial trans- 
formation at 600° in a chromium-nickel-molybdenum 
steel containing 0.65 per cent carbon does not 
affect the course of the transformation at 250°. 
These authors found that the pearlite transforma- 
tion is greatly retarded under the influence of par 
tial decomposition at 400°. On the contrary, 
Popov [16] indicates that the formation of a 
ferrite-carbide mixture in alloy structural steel 
greatly retards the intermediate transformation, 
but accelerates the formation of the ferrite-car- 
bide mixture. 

The question of the interaction of transforma- 
tion products obtained in different temperature 
ranges is of great theoretical and practical im- 
portance. Study of this question may provide 
valuable information as to the mechanism and 
kinetics of decomposition, and may become the 
basis for the development of more effective steel 
heat-treatment methods. 

This article covers investigation of the staged 
decomposition of austenite in types 55S2 and 
ShKh15 steels by thermo-magnetic, metallographic 
and X-ray methods, attention being mainly con- 
centrated on the intermediate transformation region. 


MATERIALS AND RESEARCH METHODS 


Types 55S2 and ShKh15 steels, whose chemical 


compositions are given in Table 1, were selected 


for investigation. 
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TABLE 1. 


Composition by elements (%) 


Cc | Mn | Si 


55S2 0.53 
ShKh15 


0.75 1.71 
04 0.29 0.23 


The following considerations led to the selec- 
tion of these types of steel. Type 55S2 steel is 
hypo-eutectoid, alloyed by a non-carbide-forming 
element. Type ShKh15 steel is hyper-eutectoid, 
alloyed by a carbide-forming element. Comparison 
of the research data may give an idea as to the de- 
gree to which the results obtained are common to 
low-alloy steels containing different amounts of 
carbon and alloying elements. Both types of steel 
are widely used in works practice and are often 
isothermally hardened. 

Figs. 1 and 2 show the S-type curves for these 
steels. As can be seen from the graphs, two iso- 
thermic transformation ranges, pearlite and inter- 
mediate, show up clearly for both the steels. The 
isothermic transformation rates in these steels 
are such as to allow the kinetics of the staged 
decomposition easily to be studied. 

Akulov’s anisometer [17], which possesses 
a number of advantages over other instruments, 
was used for thermo-magnetic research into the 
kinetics of staged decomposition. In order to in- 
vestigate the staged decomposition, the authors 
redesigned the feed mechanism of the tilting fur- 
naces to allow the anisometer to be supplied by 
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FIG. 1. Diagrammatic representation of the iso- 
thermic transformation of austenite in type 55S2 
steel. 


three furnaces instead of two, while maintaining a 
high rate of transfer of the test-pieces from one 
furnace to another. 

Cylindrical 3mm diameter test-pieces 25mm long, 
preliminarily homogenized at 1150° in a vacuum, 
were used for the research. The test-pieces were 
chromium-plated during heating to avoid oxidation 
and decarburization. The austenitizing temperature 
was 1000°, holding time 5 minutes. Tin and Buda 
alloy were used as the isothermal medium. The re- 
search was carried out in an anisometer field equal 
to 1500 oersted. The anisometer readings were 
visually and photographically recorded. A hardened 
and tempered test-piece was used as standard. 

After the thermo-magnetic investigation the test- 
pieces were given the staged treatment to produce 
a staged decomposition structure. The holding 
times used were those necessary to provide 20-30 
per cent of the products of decomposition at the 
first temperature and 10- 20 per cent at the second 
temperature. Transformation was then interrupted 
by quenching the test-piece in water. The structur: 
produced enabled us to differentiate between the 
decomposition products at both temperatures and 
to draw conclusions as to their interaction. The 
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FIG. 2. Diagrammatic representation of the iso- 
thermic transformation of austenite in type ShKh15 
steel. 
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metallographic research was performed with a 
linear magnification of 2200. The change in the 
parameters of the residual austenite after the par- 
tial isothermic transformation was determined by 
X-ray, in order to clarify the influence of the con- 
centration changes on the kinetics of the staged 
decomposition. 


100 


S 


& 


Austenite decomposition, % 


S 


J 
10 15 25 
Time, min. 


FIG. 3a. The influence of the first decomposition 
on the kinetics of the transformation of austenite 
in steel type 55S2 at 300° 
1-300; 2-170-300°; 3,4 - 400-300; 
5-550-300° ; 6- 350°; 7- 450-350. 


/5 min. 


TEST RESULTS 


Thermo - magnetic Investigation 

The kinetics of the staged transformation of aus- 
tenite in types 55S2 and ShKh15 steels are illus- 
trated in Figs. 3-6. The dotted curves correspond 
to the first, and the unbroken curves to the final, 
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FIG. 3b. As for Fig. 3a, for ShKh15 steel. 
1-300; 2-80-300; 3,4 - 450-300°; 
5 - 400-300; 6 - 600-300". 


TABLE 2. 


Steel 55S2 


Steel ShKh15 


Staged treatment 


v 
regime (°C) (%/min) 


Staged treatment To v 
regime (°C) (min) |(%/min) 


300 
170 (55%) —300 
400 (25%) —300 
400 (44%) —300 
450 (48%) —300 
550 (40%) —300 
350) 


450 (50%) —350 
450 


210 (30%) —450 
300 (38%) —450 
350 (34%) —450 
550 (40%) —450 
450 (24%) —300 
(25 sec) —450 
550 
200 (45%) —550 
300 (22%) —550 
300 (42%) —550 
350 (20%) —550) 
450 (20%) —550 
450 (44%) 
600 


300 (48%) —600 


— 


Nom 


ON OR DOO 


SSR 


300 
80 (32%) —300 
400 (48%) — 300 
450 (15%) —300 
450 (48%) —300 
500 (40%) —300 
600 (40%) —300 

450 


100 (37%) —450] 

300 (52%) —450 

600 (25%) —450 

450 (20%) —300 

(25 sec) —450 
600 


100 (24%) —600 


cen 


Noo 
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300 (42%) —550 
500 
300 (56%) —500 
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FIG. 4a. The influence of the first decomposition FIG. 4b. As for Fig. 4a, for ShKh15 steel. 
on the kinetics of the transformation of austenite 1- 450°; 2- 100-450’; 3-300 -450°; 
in type 55S2 steel at 450°. 4- 600-450; 5- 450° (24 per cent) 
1-450°; 2-210-450°; 3- 300-450"; 4- 350-450"; - 300°, 300° (25 sec) -450°. 
5-550-450°; 6- 450° (24 per cent) -300° 
(25 sec) -450. 
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FIG. 5a, The influence of the first decomposition 
on the kinetics of the pearlite transformation of FIG. 5b. As for Fig. 5a, for ShKh15 steel. 
austenite in type 55S2 steel. 1-600; 2- 100-600°; 3,4- 300-600; 
1-550; 2- 200-550; 3,4 -300-550; 5- 250-600; 6- 450-600". 
5 - 450-550. 


transformations. The incubation period* ro after The relative acceleration of transformation 

the test-piece had reached the final transformation caused by the first decomposition in another rang: 

temperature, and the maximum volumetric transfor- of temperatures was calculated from the formula 

mation rate v, in per cent/min, at that temperature, = — x 100 per cent, where v is the maximum vol: 

measured by the angle between the tangent of the metric rate of isothermal transformation at the 

greatest angle of slope and the abscissa axis, specified temperature. The data obtained by 

were graphically determined for each curve. this means are given in Table 2. 

It should be noted that a sharp jump in the quan 

* The incubation period was ol;tained by extrapolation tity of the transformation products was revealed 
on the relative time axis at a point on the curve cor- (Fig. 5), followed by the incubation period and 
responding to v max, further transformation according to the pearlite 
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FIG. 6. The influence of the first decomposition 
at 300° on the kinetics of the pearlite transforma- 
tion in ShKh15 steel. 

1-300-500°; 2- 300-550; 3- 300-600". 


kinetics, on heating from the martensite and inter- 
mediate region temperatures to the pealite range 
temperatures in both types of steel. This jump is 
shown by arrows on the graphs. The size of the 
jump rose with reduction in the first holding tem- 
perature and also with increase in the amount of 
previously formed transformation products. 


Metallographic Investigation 
1. The influence of the products of the first de- 
composition on the structure of the lower part of 


the intermediate region. 
steel after staged treatment at 
Fig.7a illustrates the type 55S2 steel structure 550° - 300 - water; x 1760. 
obtained as a result of staged treatment at 450° - 
300° - water. It can be seen from the illustration 


FIG. 7a. The structure of 55S2 FIG. 8b. The structure of ShKh15 
steel after staged treatment at 


600° - 250° - water; x 1760. 


steel after staged treatment at 
450° - 300° - water; x 1760. 
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that the darker needles of lower bainite are mainly 
formed in isolation from the bright feathery forma- 
tions at 450°. Comparison with the structure for 
isothermal transformation at 300° shows that after 
staged decomposition at 450° - 300° the needles 
forming at 300° are considerably thinner than after 
isothermal transformation. On the other hand in 
steel type ShKh15, after similar staged treatment, 
we observe mainly the overgrowth of the sectors 
which appeared at 450° with needles precipitated 
at 300°, growing both parallel to and at an angle 
to them (Fig. 7b). The presence of pearlite has a 
different effect on the structures of both steels. 
The lower bainite needles in type 55S2 steel origin- 
ate independently of the pearlite grains (Fig. 8a). 
In type ShKh15 steel they form mainly around the 
pearlite grains, being engendered directly from 
them (Fig. 8b). With the formation of martensite 
the products of the intermediate transformation in 
both steels grow directly out of the martensite 
needles, normally at an angle to them. 

2. The influence of the products of the first 
decomposition on the structure of the upper part 
of the intermediate region. 


In the case of a first transformation at lower 
temperatures in the intermediate and martensite 
regions in type 55S2 steel, the products of trans- 
formation at 450° grow both directly from the 
existing formations and in isolation from them. 
Here the martensite and lower bainite needles, 
transferred to a temperature of 450°, are normally 
overgrown with the bright petal shapes character- 
istic of this temperature (Fig. 9). 


FIG. 9. The structure of 55S2 
steel after staged treatment at 
300° - 450° - water; x 1760. 


FIG. 10. The structure of 55S2 
steel after staged treatment at 
550° - 450 - water; x 1760. 


The principal formation of products of transfor- 
mation at 450° is observed in type ShKh15 steel 
around the needles which precipitated at lower de- 
composition temperatures. Where ferrite and pear- 
lite are present in type 55S2 steel, the pearlite 
formations appearing at 450° grow directly from 
the ferrite network with ao apparent dividing line 
between them; they may also form in isolation 
(Fig. 10). As a rule these formations are not con- 
nected with the pearlite grains. 


3. The influence of products of the first decom- 
position on the pearlite range structure. 


The metallographic investigation has shown that 
in every case of partial transformation in the in- 
termediate or martensite regions the grains of 


FIG. lla. The structure of 55S2 
steel after staged treatment at 
450° - 550° - water; x 1760. 
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FIG. 11b. The structure of ShKh15 
steel after staged treatment at 
250° - 600° - water; x 1760. 


pearlite in 5552 steel are mostly engendered at the 
already existing formations (Fig. lla). The bright 
petal-shape formations typical of transformation 
temperatures of 400° - 450° are observed in 5552 
steel, in staged treatments at 200° - 550° and 

300° - 500°, along with the structures typical of 
these latter temperatures. 

They are formed both around the existing needles 
and in isolation from them. The appearance of 
these formations evidently explains the jump in 
increases in the amount of austenite transformed 
which is observed on heating a test-piece to tem- 
peratures in the pearlite region. Owing to the great 
similarity between the pearlite and the upper in- 
termediate region structures, we did not succeed 
in revealing a similar phenomenon with Shkh15 
steel. 

The existence of martensite or intermediate 
structure in ShKh15 steel also leads to pearlite 
forming principally at the boundaries of existing 
needles and to filling up cf the interstices between 
them (Fig. 11b). Pearlite grains at the same time 
form in isolation. 
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TABLE 3. 


X-RAY INVESTIGATION 


The parameters of the crystal lattice of the resi - 
dual austenite in the steels being investigated 
were determined, in order to study the concentra- 
tion changes in the austenite under the influence 
of partial isothermal transformation. Exposures 
were made by the bombardment of iron using a 
silver standard. Calculations were made along 
the austenite (311) line, this ensuring an accur- 
acy of + 0.003 kX. A few figures from this investi- 
gation for 55S2 steel are given in Table 3. 

After partial transformation at 550° and 300°, 
and also with the high decomposition percentage 
(75 per cent) at 450° and 400°, the austenite lines 
are not found. 

In ShKh15 steel, at isothermal transformation 
temperatures of 450° - 350° and 250°, the residual 
austenite parameter varies between 3.603 and 
3.606 kX; this corresponds to a carbon content of 
1.22 - 1.28 per cent and is close to the carbon 
content of the residual austenite in a hardened 
test-piece (a = 3.604 kX). Some increase in the 
residual austenite parameter is observed after 
partial transformation at 300° (3.608 - 3.611 kX), 
which corresponds to a carbon content of 1.33 - 
1.39 per cent. 


DISCUSSION OF RESULTS 


1. The influence of pearlite on the kinetics of 
trans formation in the intermediate region. 

We should seek the cause of the different in- 
fluences exerted by the first decomposition both 
in the direct effect of the existing products of de- 
composition, and in those changes in the com- 
position and structure of the un-decomposed aus- 
tenite which the initial transformation may have 
caused. From this point of view it seems to us to 
be expedient to sub-divide the possible causes of 


Treatment 
Heating Isothermic 
temperature holding Cooling 
°C) regime (°C) 


Residual it 
Quantity of | austenite 
lattice content 

ecomposed| parameter 
(%) (kX) oe 


1000 450—4 min water 
1000 400—3.5 min 
1000 350—2.7 min 


1000 350—40 min 


50 3,600 1.15 
56 3,614 1.46 
50 3,612 1,42 
77 3,624 1,69 
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change in the kinetics of staged transformations 
as follows: 

I) the nucleating effect of the products of the 
first transformation; 

II) the change in carbon concentration in the 
austenite after partial transformation; 

III) change in the fine structure of the austen- 
ite (the appearance of deformations of types I and 
III and disintegration of the mosaic blocks). 

We can see from comparison of Figs..3 and 4 
with the data given in Table 2 that the influence 
of pearlite on the intermediate transformation 
differs for each type of steel at different tempera- 
tures. The elimination of the incubation period 
and acceleration of the transformation at 450° after 
a first decomposition at 550° in the case of 55S2 
steel may be explained by taking into account the 
first two factors. As the metallographic investi- 
gation showed, the products of transformation at 
450° in this case grow directly from the ferrite. 
Moreover, after the partial transformation at 550° 
the concentration of carbon in the austenite must 
be considerably less than at 450°; this is sup- 
ported by the X-ray data. Both these facts must 
lead to accelerated transformation. The acceler- 
ated transformation in ShKh15 steel when treated 
at 600° - 300° can also be explained from this 
point of view. The products of transformation at 
low temperature are mainly located around pear- 
lite grains by this treatment. The causes of a 
certain retarding of transformation with treatments 
of 550° - 300° for 5582 steel and 600° - 450° for 
ShKh15 steel are not altogether clear. Possibly 
in these cases change in the leading phase on 
transition from the pearlite to the intermediate 
range, in the absence of factors promoting acceler- 
ated transformation, exert an effect. 


2. The influence of partial transformation in the 
upper range of the intermediate region on the 
kinetics of intermediate trans formation at low 
temperatures. 

The data given in Fig.3 and Table 2 are evi- 
dence for the tendency towards retardation of the 
intermediate transformation under the influence of 
the decomposition at higher temperatures. This is 
forcibly expressed in 55S2 steel, where the rela- 
tive retardation of transformation at 300° and 350° 
after partial decomposition in the upper range of 
the intermediate region comprises 9] - 96 per cent 
(see Table 2). 


Reduction in the quantity of first decomposed 


austenite in 55S2 steel reduces the effect of 
retardation of transformation, and in ShKh15 steel 
even causes accelerated transformation. 

One of the causes of retarded transformation 
after staged treatments at 400°-300° and 450°-300° 
in 55S2 steel may be the enriching of the austen- 
ite with carbon during transformation at 400° and 
450° (see Table 3). However this cannot be con- 
sidered the basic cause. Evidence for this is the 
presence of a considerable slowing effect after 
treatment at 450° - 350° although, as the X-ray 
research shows, the identical percentage decom- 
position leads to a greater enrichment of the aus- 
tenite with carbon at 350° than at 450°. In this 
case the concentration factor must exert influence 
in the reverse direction, i.e. it must promote 
accelerated transformation. For this reason we 
should expect the accelerated transformation with 
treatment at 450° - 300° in ShKh15 steel which 
takes place with a small quantity of initially 
formed products of decomposition. In this case 
the nucleating effect of the products of the first 
decomposition at 450° (see Fig. 7b) must assist 
in accelerating the transformation. 

The basic cause of retardation in the inter- 
mediate transformation under the influence of the 
intermediate decomposition at high temperature 
should be sought in the alteration in the fine 
austenite structure during transformation (phase 
hardening). An increase in the quantity of initially 
decomposed austenite must lead to an increase 
in phase hardening, which subsequently increases 
the retarding effect. 


3. The influence of partial transformation in the 
martensite and intermediate ranges on the kinetics 
of intermediate transformation at higher tempera- 
tures. 

As our research has shown, partial decomposi- 
tion in the intermediate and, in particular, the 
martensitic regions leads to a sharp acceleration 
in the intermediate transformation at higher tem- 
peratures. This effect is particularly noticeable 
in ShKh15 steel, in which the rate of transforma- 
tion at 450° increases (when martensite is present) 
by almost 15 times, and after partial transforma- 
tion at 300° by over 6 times (see Table 2). In 55S2 
steel partial martensitic transformation more than 
doubles the intermediate decomposition rate at 
450°. Initial intermediate transformation at 300° 
and 350° in this steel hardly affects the rate of 


VOl 


transformation at 450°, but in this case the quan- 
tity of austenite decomposing at the accelerated 
rate increases considerably. The same also occurs 
after the initial martensite transformation. Partial 
martensite transformation exerts somewhat less 
influence on the rate of intermediate decomposi- 
tion at 300°. In this case there is a slight in- 
crease in the maximum rate of transformation in 
ShKh15 steel and a reduction in 5552 ateel. How- 
ever, the rates of isothermal and staged transfor- 
mation in 5582 steel are practically identical (see 
Fig. 3a, curves 1 and 2) for the same amounts of 
austenite transformed. It is characteristic that the 
intermediate transformation, after the first decom- 
position at lower temperatures, commences in 

both steels without an incubation period. 

The effect observed of acceleration of the inter- 
mediate transformation cannot be explained solely 
by the concentration changes in the austenite. 
Suffice it to say that in the case where accelera- 
tion is maximum, which occurs in ShKh15 steel 
after treatment at 100°-450°, the carbon concentra- 
tion in the austenite, as the X-ray data show, re- 
mains almost unchanged. Nor can this sharp in- 
crease in transformation rate be explained by the 
nucleating effect of the low temperature transfor- 
mation products. The metallographic investigation 
has shown that the formation of transformation 
products at a higher temperature proceeds not only 
around needles but also in isolation from them (see 
Fig. 9). Nor can the results of three-stage treat- 
ment at 450°- 300° - 450°, which was carried out 
with both steels, where the very fact of cooling to 
300° and subsequently heating to 450° had an ac- 
celerating effect on the transformation, be explain- 
ed from the point of view of the nucleation and con- 
centration factors. 

It may be supposed that the accelerated trans- 
formation effect we have described is associated 
with the existence of the type II deformations, 
which accompany martensitic type transformation, 
in the austenite [19]. The heating of this type of 
austenite will be accompanied by redistribution of 
the micro-stresses and by the occurrence of plas- 
tic slip panes [20]; this must in tum lead to ac- 
celeration both of the diffusion processes and of 
the martensite type y > a diffusionless lattice re- 
arrangement. The higher the differences between 
the first and final holding temperature isotherms, 
the less intensive will the course of the process- 
es indicated be. A similar effect was revealed in 
[21], where it was shown in particular that the 
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rate of isothermal martensitic transformation rises 
with increase in the rate and magnitude of the pre- 
liminary supercooling to lower temperatures. The 
authors of [21] proved that the acceleration effect 
is not associated with type I change in stresses, 
and also explained it by the influence exerted by 
type II stresses. 

Type II stresses must also occur in austenite 
in the case of three-stage treatment at 450° - 300° - 
450° as a result of volumetric phase changes with 
different coefficients of expansion (for the products 
of transformation at 450° and for the austenite). 
This explains the accelerated transformation effect 
after treatment of this nature. 


4. The effect of partial transformation in the 
martensitic and intermediate regions on the pear- 
lite transformation kinetics. 

A material reduction in the pearlite transforma- 
tion rate is observed in the steels under investi- 
gation under the influence of initial transformation 
in the martensitic and intermediate regions. 

Here it should be noted that the jump in the in- 
crease in the quantity of austenite decomposed, 
which is observed during heating to the pearlite 
region is associated (as metallographic examina- 
tion has shown) with the formation of products of 
intermediate type, and is the consequence of the 
accelerated intermediate transformation effect dis- 
cussed in the previous section. 

Extreme retardation of pearlite decomposition 
causes intermediate transformation at low tem- 
peratures (92 per cent in ShKh15 steel, and 86 per 
cent in 55S2 steel). In both steels the retardation 
process is intensified with increase in the quan- 
tity of austenite previously decomposed. Naturally 
the analogy can only be explained from the point 
of view of the changes in the fine structure of the 
austenite which accompany martensitic type trans- 
formation in steels of any chemical composition. 
The retardation effect decreases (see Fig. 5b) with 
an increase inthe pearlite tramsformation tempera- 
ture; this can be explained by the partial removal 
of phase-hardening at high temperatures. 

The results obtained agree with M.E. Blanter’s 
thesis that the phase hardening of austenite must 
retard the pearlite transformation [22, 23]. How- 
ever, M.E. Blanter’s assertion that a loss of 
“cohesion” at the austenite-pearlite boundary is 
the reason for the retarded pearlite transformation 
where there is phase hardening of the austenite 
does not, from our point of view, appear well- 
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founded. The experimental data and theoretical 
considerations which we present are evidence as 
to the fact that pearlite transformation, as distinct 
from martensitic and intermediate transformation, 
occurs without phase “cohesion” [11, 24]. The con- 
trary influence of decomposition at low tempera- 
tures on the kinetics of the intermediate and pear- 
lite transformations is extremely characteristic. 
The sharp acceleration of intermediate decomposi- 
tion after initial transformation at low temperatures 
may be explained by “martensitic” y ~ a lattice re- 
arrangements in thermodynamically unstable sectors 
of the austenite. The presence of micro-stresses 
must to a considerable degree intensify the part 
played by martensitic kinetics in the intermediate 
transformation. The lack of acceleration and, on 
the contrary, the retardation of the pearlite trans- 
formation under the same conditions are evidence 
as to the fact that a similar transformation mecha- 
nism is impossible in the pearlite range. In this 
case the formation of a new phase may evidently 
take place only by diffusion in the absence of 
regular linkage with the surrounding austenite. 
Initial decomposition at low temperatures leads 
to reduction or removal of the incubation period 
in the pearlite range (see Table 2). This circum- 
stance points to the fact that the rate of formation 
of nuclei in the pearlite region does not drop after 
initial decomposition, but rather rises. Retardation 
of transformation must be associated with reduc- 
tion in the rate of growth of the pearlite precipita- 
tions. Possibly this reduction is associated with 
alteration of the crystal lattice of the pearlite 
phases (ferrite and cementite) under the influ- 
ence of phase hardening. In this case the differ- 
ence between the free energies of the austenite 
and the pearlite is reduced, this leading to retard- 
ed transformation. Arkel and Bruggen [20] revealed 
a similar phenomenon when they proved that the 
growth of new grains during recrystallization is 
only possible where they are not deformed. A 
small degree of deformation in crystals which 
have formed led to a decrease in their capacity 
for growth. The retardation of pearlite transforma- 
tion in alloy steels, owing to increase in the tem- 
perature of recrystallization on introduction of the 
alloying elements and to the appearance of aus- 
tenite phase-hardening during the pearlite trans- 
formation, may also be associated with this effect. 
Thus the nature of changes in the fine austenite 
structure during transformation must be clarified 
in order fully to explain the features of the kinetics 


of isothermic and staged transformations. 


CONCLUSIONS 


1. The kinetics of the staged transformation of 
austenite in types 55S2 and ShKh15 steels are 
studied in this article. 

2. This investigation establishes that in both 
steels initial transformation of the austenite in 
the martensitic and intermediate regions causes 
a sharp acceleration of the intermediate transfor- 
mation at higher temperatures which commences 
without an incubation period. The acceleration 
effect increases with reduction in the initial de- 
composition temperature, and also with an in- 
crease in the temperature at which the final trans- 
formation takes place. 


3. The decomposition of austenite in the upper 
region of the intermediate range in 5582 steel 
causes material retardation of the intermediate 
transformation at low temperatures. Where the 
quantity of previously decomposed austenite is 
considerable, the remaining austenite is stabil- 
ized on reduction in temperature. The effect of 
similar treatment on ShKh15 steel is less pro- 
nounced and may lead, depending on the quantity 
of decomposition products previously formed, to 
acceleration or retardation of the intermediate 
transformation at low temperatures. 

4. The partial decomposition of austenite in the 
intermediate and martensitic regions, in both 
steels, leads to reduction in the pearlite transfor- 
mation rate, the degree of reduction increasing 
with the percentage of initial decomposition. The 
highest retardation is observed with initial 
decomposition in the lower region of the inter- 
mediate range. Increase in the pearlite transforma 
tion temperature leads to reduction in the retarda- 
tion effect (ShKh15 steel). 

5. The presence of pearlite may, depending on 
the type of steel and further transformation tem- 
perature, either accelerate or retard transformation 
in the intermediate region. 

6. The features of the kinetics of staged trans- 
formation cannot be satisfactorily explained by 
allowing for the concentration changes in austen- 
ite and the nucleating effect of the preformed trans- 
formation products alone. 

The basic reason for the influence of initial 
transformation in the intermediate and martensitic 
regions on the kinetics of transformation at other 
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temperatures appears to be the changes in austen- 
ite fine structure which accompany the formation 
of martensitic structures. 

The qualitative identity of the kinetics of the 
staged transformation of austenite for the steels 
investigated, which differ as to chemical compo- 
sition, structure, and nature of carbon redistribu- 
tion during transformation, is a convincing coirobo- 
ration of this deduction. 
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It has been established by means of experiment 
that the course of the curves “deformation resis- 
tance — composition” for low-melting alloys 
depends to a considerable degree on the condi- 
tions of deformation (speed and degree of deforma- 
tion). Views have also been reached relative to 
the boundaries within which Kurnakov’s rules are 
applicable for the relationship between the mech- 
anical properties and the composition of systems 
forming solid solutions. 


INTRODUCTION 


The basic types of diagrams for “composition 
properties” (electro-resistance, flow stress, 
solidity), determined by the nature of the inter- 
relationship of the components, were first estab- 
lished for dual alloy metals by Kurnakov and 
Zhemchuzhny [1, 2]. For systems, forming an 
uninterrupted series of solid solutions, the rela- 
tionship between the above-mentioned properties 
and composition is expressed by a curve bulging 
upwards, whereas for dual-phase systems the 
isotherms of these properties approximate to 
straight lines. 

In systems with limited solubility the proper- 
ties of the alloys in the region of solid solution 
change as concentration increases along a mono- 
tonously rising curve. 

The above mentioned course of the curves “pro- 
perties - composition” has been confirmed by many 
investigators during the study of a whole series of 
systems, mainly consisting of high-melting alloys. 

However before Kurnakov died it was establish- 
ed that in certain conditions of testing the course 
of the curves “properties — composition” departs 
from the rules described above. 

Gubkin and Zakharov [3] established, when 
studying hardness and specific flow curves in the 
alloys Cu—Zn at various temperatures, that an 
alloy containing 12 per cent zinc displays the 
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highest mechanical properties at low speeds of 
deformation, although, as is known, the region of 
homogeneous alpha-hard solution in this system 
extends to 32 — 39 per cent Zn. 
Savitskii [4] confirmed Gubkin’s findings in the 
main. Shishokin [5] points out that “ as tempera- 
ture rises the relative increase in the solidity 
declines; moreover the solidity of solutions can 
become less than the solidity of components”. 
According to data given in [6] heating to 500° 
actually proved sufficient for the characteristic 
solidity maximum for Kurnakov’s curve to shift 
along the axis of concentration and become much 
less pronounced. r VOL 
Borzdyka [7] established that the maximum 5 
disappears on the curves of solidity and maximum 195 
creep tensions of Fe—Cr—Ni system alloys when 
they are heated to 600—700°. 
A large influence is exercised by the interdis- 
tribution of the structural components on the course 
of the curves “mechanical properties — compos- 
ition” in metal alloy mixtures [8]. 


In all the above cases the departures from 
Kurnakov’s rule« were observed as the tempera- 
tures at which investigation was carried out were 
raised. It should be noted that Kurnakov himself 
well understood the relative nature of his rules. 
He wrote: “On an analogy with liquid solutions, 
a rise in temperature must make the isotherms 
flatter and displace the minimum point (on the 
curve of electro-conductivity) towards the com- 
ponent possessing the least electro-conductivity... 

“Under the same conditions the solidity maxi- 
mum (on the curve of solidity) will be shifted in 
the direction of the hardest component of the 
alloy” [9]. 


Analysis of the available experimental date 
enabled Bochvar to conclude that there is no well- 
defined relationship between composition and pro- 
perties [6]. He raised the question of the need 
“for a degailed experimental investigation of the 
whole complicated problem of the relationship 
‘composition—properties’ which merges into the 


problem of the relationship ‘properties— 
composition—structure—external conditions’ ” [10]. 

The aim of the present research was to eluci- 
date the influence of the speed and degree of de- 
formation on the course of the curves “deformation 
resistance to compression—composition” for a 
series of high-melting and low-melting solid solu- 
tion alloys. At the same time certain opinions 
are expressed about the boundaries within which 
Kurnakov’s rules are applicable when studying 
the mechanical properties of solid solutions. It 
must be pointed out that the influence of deforma- 
tion speed on the relationship between chemical 
composition and solidity has been established by 
Shishokin and Telitsyn [11] in eutectic type 
systems, by Shishokin and Vikhoreva [12] during 
research into solid solutions in the Pb—Hg sys- 
tem, and Shishokin and Ageeva during research 
into solid solutions in Pb—Bi, Pb—Sn and Cd—Hg 
systems [13]. 


MATERIAL AND METHOD OF RESEARCH 


High-melting alloys of the Cu—Ni system and 
low-melting Pb—Hg and Pb—Bi systems were 
selected for the research. 

Copper-nickel alloys were smelted down in a 
high-frequency furnace, homogenized and forged 
into rods of a diameter of 10—11 mm. Pigs having 
a diameter of 22 mm were cast from lead alloys, 
and after a certain amount of forging were com- 
pressed through a standard orifice with a diameter 
of 7.00 + 0.01 mm. 

Specimens for compression were prepared from 
the rods of these and other alloys. The specimens 
had a length of 11.0 + 0.01 mm and a diameter of 
7.00 + 0.01 mm, and were given optimal tempering. 
The copper-nickel alloys contained: 23.9; 44.0; 
61.8 and 75.3 at.% nickel. Pure copper and nickel 
were investigated as well. The lead alloys con- 
tained: 3.2; 10.3; 15.4 and 20.0 at.% mercury, 
and also 3.0; 9.8; 14.5 and 19.6 at.% bismuth. 
Pure lead was also investigated. According to 
the data given by various authors [14-17], all the 
alloys investigated belong to solid solution-type 
alloys. 

The copper-nickel alloy specimens were tested 
by compression on an Amsler machine with an 
average speed of 0.35 mm/min or 3.1 per cent/min 
and tested dynamically on a drop hammer with a 
drop weight having an average speed of 1 m/sec 
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or 5. 10§ per cent/min. 

The lead alloy specimens were compressed 
statistically on an IM-4A machine with speeds of 
0.05 mm/min (0.45 per cent/min) and 6 mm/min 
(55 per cent/min), and also dynamically under the 
same conditions as described above. 

The compression forces during dynamic deform- 
ing were determined by differentiating the curve 
describing the work of dynamic compression. The 
true tensions o were calculated in all cases on a 
cross-section of the specimen at each given 
moment. 


o = Ph/V, 


where P = the compression force, h = the height 
of the specimen at each given moment, Vo = the 
volume. 

The relative deformation ¢, as usual, is calcu- 
lated from the formula: ¢ = Ah/ho, where Ah = 
absolute reduction, and h = the original height 
of the specimen. 


RESULTS OF THE EXPERIMENTS AND DISCUSSION 


Figs. 1 and 2 show the curves of the relation- 
ship between the true deformation resistances to 
compression and the composition of the copper- 
nickel alloys. The various curves relate to the 
different degrees of reduction ¢ = 5, 10, 20 and 30 


per cent. 


S 
S 


True tensio: 


Atomic per cent Ni 


FIG.1. The relationship between resistance to 
statistical compression (V, ~ 0.35 mm/min) and 
composition in copper-nickel alloys:- 

5%; = 10%; = 
=20%; 4—e = 30%. 
In analysing the course of these curves 
attention must first be drawn to the scatter of the 
points relating to the alloy with 24 per cent Ni. 
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FIG.2. The relationship between resistance to 
dynamic compression (V; ~ 1] mm/sec) and com- 
position in copper-nickel alloys:- 


1—s=5%; 2—e= 10%; = 20%; 
4—2=30%. 


We are inclined to ascribe this to microscopic 
segregations which appear in this alloy when cool- 
ed at low speed after homogenization (cooling with 
the furnace, which was the method adopted in our 
case). Slavinskii points out [18] that when cupro- 
nickel contains more than U.04 per cent carbon, 
the latter can in individual cases emerge from the 
solid solution, and sharply change the properties 
of the alloy. It is possible that this is what 
happened in our experiment. 

Alloys containing about 60 per cent Ni have the 
largest value of deformation resistance both during 
statistical and during dynamic reductions, which 
corresponds with the data obtained by the majority 
of the other research workers [19 — 22]. 

In analyzing the curves in Line Drawiags 1 and 
2 attention must also be paid to the fact that the 
nature of the curves “deformation resistance— 
composition” does not change when the transfer is 
made from statistical to dynamic testing, although 
the speed of deforming changes by 10°. The 
appearance of the curves is similar to the one 


which was shown by Kurnakov for an uninterrupted 
series of solid solutions. 

When the degree of deformation increases, 
regardless of its speed, the difference between the 
tension values for pure metals and their alloys 
grows greater and greater, and the incline of the 
curves describing the relationship between tension 
and concentration (particularly in the case of 
copper) rises as the degree of deformation increas- 
es. 

This change in the slope of the curves shows 
that the difference in the mechanical properties 
of metals and alloys is determined in the first 
place by the difference in the course of the pro- 
cesses of toughening and softening, which accom- 
pany plastic deformation (23). 

Table 1 shows the values Ag/Ae for the dif- 
ferent copper-nickel system alloys at different 
degrees of deformation. Although the slopes of 
the flow curves fall in the case of all the metals 
and alloys tested as the degree of deformation 
increases, they are always greater for alloys than 
for pure copper. 

If we take into consideration that the degree of 
slope of the flow curves is determined by the 
inter-relationship between the magnitudes of 
toughening and relaxation, in accordance with the 
theory of toughening and relaxation, then on the 
basis of our data toughening is expressed to a 
greater degree, and softening to a lesser degree, 
in the alloys than in the pure metals. This also 
leads to an increase in the difference in the mag- 
nitude of the deformation stress for the alloy and 


_ for the pure metal as the degree of deformation 


mounts. 

Figs. 3—5 show the curves describing the 
relationship between the true compression stress 
and the composition of lead-mercury alloys when 


TABLE 1 


The values Ag /Ae.10° for copper-nickel system alloys 
at various degrees of deformation 


Statistical Testing 


Dynamic Testing 


Specimen 
tested e=15% | ex 25% 


e=x=7,5% e=35% 


Cu 
Cu+44%Ni 
Cu+62% Ni 

i 


144 101 
196 167 
194 184 
214 173 
220 167 


110 
600; 
700\-— 
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VOL 
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| 
134 79 48 31 75 45 
196 147 75 45 103 52 
210 149 77 44 141 | 40 
200 155 79 43 138 sn 
299 134 83 52 142 83 
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FIG.*. The relationship between resistance to 
statistical compression (V, ~ 0.05 mm/min) and 


composition in lead-mercury alloys:- 
J~—e= 5%; 2—# = 10%; = 20%; 
30%; 5—2=40%. 
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FIG.4. The relationship between resistance to 
statistical compression (V,; ~ 6 mm/min) and 
composition in lead-mercury alloys:- 
1-—€ 5%; 2—€ = 10%; 3 —€ = 20%; 
4—€=30%; 5 —€=40%. 


they are deformed at different speeds. Fig.3 refers 
to a speed of 0.05 mm/min (0.45 per cent/min), 
Fig.4 to a speed of 6 mm/min (55 per cent/min) 
and Fiig.5 to the dynamic speed. Qualitatively 
analogous curves were obtained for Pb—Bi system 
alloys also. As in the case of the copper-nickel 
alloys, the different curves on each drawing relate 
to the various degrees of deformation. 

As is shown in Fig.5, during dynamic deforma- 
tion, resistance to reduction increases more or 
less smoothly as the concentration of the alloy 
increases — the course of the curves is similar to 
Kurnakov’s curves for limited solid solutions. As 
the speed of deformation declines this smooth rise 
is more and more disturbed, and a maximum appears 
which shifts towards the low concentrations (see 
Figs.3 and 4). 

The nature of the relationship between deforma- 
tion resistance and composition is also determined 
by the degree of reduction. When this increases, 
as may be seen from Figs.3 and 4, the monotonous 
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course of the curves is increasingly disturbed, and 
the maximum as it appears also shifts towards the 
low concentrations. 


90 


g/mm 


True tension k 


Atomic per cent mercury 


FIG.5. The relationship between resistance to 
dynamic compression (V,; ~ 1 mm/sec) and com- 
position in lead-mercury alloys:- 


1—€ 5%; 2—€h 10%; 3—€ = 20%; 
4 —€= 30%; 5 —€= 40%. 

These laws governing the change in resistance 
to compression, in accordance with the compos- 
ition of the alloy and the conditions of deforma- 
tion, are naturally determined by the nature of the 
flow curves of these alloys. 

In copper-nickel alloys, as in the pure metals 
copper and nickel, resistance to compression at 
room temperature during statistical and dynamic 
deforming increases monotonously according to the 
degree of deformation. Due to the increased role 
of relaxation (softening) during the rise in the 
degree of deformation the slope of the flow curves 
somewhat declines. However, the flow curves of 
alloys of differing concentrations never intersect, 
which shows that the processes of toughening and 
softening in high-melting metals and alloys dep- 
end on the conditions of deformation in a more or 
less identical way, when they differ quantitatively 
only to a slight extent. 

As for the higher mechanical properties of solid 
solution alloys, it is known that, unlike their pure 
components, they show the result of distortion of 
the crystal lattice by the solvent, and sometimes 
also by the increase in the ipter-atomic coupling 
forces during the formation of the solid solution. 

We pointed out above that the way in which the 
properties of high-melting copper-nickel alloys 
depend on their composition remains unchanged 
during changes in the speed and degree of deforma- 


/ 5 a0 
soft 
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tion. The latter is evidently a result of the com- 
paratively low intensity of the processes of 
toughening and softening in these alloys when 
tested at room temperature. 

Low-melting lead alloys also have the same 
monotonic course of the flow curve as copper- 
nickel alloys only during dynamic deforming 
(Fig.8). As the speed of deformation decreases 
the flow curves become flatter, and at a speed of 
0.05 mm/min (0.45 per cent/min) some alloys, 
such as lead, even show a fali in true resistance 
to compression when the degree of deformation is 
high (see Fig.6). 


40 


& 


S 


~ 
S 


True tension kg/mm 


10 20 30 40 30 60 
Relative Compression % 


FIG.6. The flow curve of lead-mercury alloys 

(V, ~ 0.05 mm/min). 1 — pure Pb; 2—3.2 at.% Hg; 

3 — 10.3 at.% Hg; 4 — 15.4 at.% Hg; 5 — 20.0 
at.% Hg. 


This course of the flow curves may most pro- 
bably be explained by the comparatively large part 
played by relaxation (the process of distortion 
removal, the process of softening) during deforma- 
tion of these alloys. It follows from the theory of 
toughening and relaxation [23] that the deformation 
resistance o can be determined from the following 
expression: 

=% 
where h, = the original height of the specimen, 
h = the height of the specimen at the given moment, 
V =the speed of deformation, b = the coefficient 
of toughening, a = the coefficient of relaxation, 
and go = the constant of the material. 

The coefficient of relaxation a depends to a 
considerable extent on the temperature at which 
testing is carried out and the degree of deforma- 
tion, and increases as they do [24]. External 
tension also acts as a stimulant to the intensitiv- 
ity of the relaxation processes [25]. The lower the 


temperature at which the metal melts, the greater 
is the relative role of relaxation in the process of 
plastic deformation, and the greater is the value 
of the coefficient a and the greater its dependence 
on the conditions of deformation [23]. In low- 
melting metals and alloys such a relationship 
between the values 8, a and v is also possible at 
room temperature, moreover the expression b — a/v 
becomes less than zero. In this case we observe 
a fall in the magnitude of o as the degree of de- 
formation increases. Physically this means that 
from this moment not only the distortions which 
arise during the actual process of deforming will 
be removed, but also those which arose during its 
previous stages, as a result of the increase in the 
stimulating action of tension. 

Naturally, as the speed of deformation v falls 
(and as the temperature of testing rises), a fall in 
o for the metal in question must be observed, with 
lower degrees of deformation. A comparison of 
Figs.6 and 7 confirms this. 


6. 
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FIG.7. The flow curve of lead-mercury alloys 

(V, ~6 mm/min): 1 — pure Pb; 2 — 32 at.% Hg; 

3 — 10.3 at.% Hg; 4 — 15.4 at.% Hg; 5 — 20.0 
at.% Hg. 


When the solid solution alloy is formed the 
intensivity of relaxation (softening) in all pro- 
bability declines. This is indicated, for example, 
by the increased temperature at which the alloy 
recrystallizes. When the alloy is more highly 
concentrated, changes in the melting point may 
also have an influence on the intensivity of the 
relaxation processes. 


If when the alloy is formed the melting point 
falls, we have a simultaneous action of two fac- 
tors in different directions. On the one hand, the 
alloying itself and the formation of the solid solu- 
tion facilitate a reduction in the intensity of 
relaxation. The fall in the melting point, on the 
other hand, gives rise to a speed up in the proces- 
ses of relaxation. Therefore when the alloy is 
considerably concentrated (if the melting-point 
falls when it is formed), the intensity of the relaxa- 
tion processes in the alloy may be very great and 
exceed the intensity of the relaxation processes 

in pure metal. 


Such a situation prevails in the lead-mercury 
alloys too. With the formation of a solid solution 
lead-mercury (3 per cent Hg) the commencement of 
the fall in compression resistance on the flow 
curve shifts towards the high degrees of deforma- 
tion (for comparison with lead, see Fig.6), as a 
result of the decline in the intensity of relaxation. 
With further increase in the concentrations of 
mercury the intensity of relaxation increases more 
and more, and the fall in compression resistance 
on the flow curve begins at low degrees of deforma- 
tion, as a consequence of the considerable fall in 
the melting point. 


The fact that the course of the flow curve in low- 
melting metals and alloys is not always identical, 
and the considerable extent to which it depends on 
the conditions of deformation, means that in these 
alloys there is also no identical relationship 
between properties and composition. Only during 
dynamic deformation, that is, when the relative 
part played by relaxation is small, does this 
relationship remain the same for the various 
degrees of deformation and correspond with 
Kurnakov’s rules for limited solid solutions. 
Departure from the monotonic course of the 
Kurnakov curve is more marked in proportion as 
the degree of deformation increases and the lower 
is its speed, that is, in proportion as the role of 
relaxation under the conditions in question is 
greater. 

In high-melting copper-nickel alloys, during the 
deformation of which the relative role of relaxa- 
tion is small (at room temperature), the curves 
“properties—composition”, as has already been 
pointed out, are like Kurnakov’s curves over a 
wide range of speeds and degrees of deformation. 
It must however be said that the above division 
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FIG.8. The dynamic conipression curves of lead- 

mercury alloys (V; ~ 1 mm/sec). 1 — pure Pb; 

2 — 3.2 at.% Hg; 3 — 10.3 at.% Hg; 4 —15.4 
at.% Hg; 5 — 20.0 at.% Hg. 


of metals and alloys into low-melting and high- 
melting 1s to a considerable extent conditional. 
As the temperature of deformation rises the role 
of relaxation increases more and more. At high 
temperatures of testing and low speeds of deform- 
ation the same departures from Kurnakov’s rules 
will be observed in high-melting alloys as are 
observed in low-melting alloys at room tempera- 
ture. 

It may be assumed on the basis of the data 
produced here that the relationships between the 
mechanical properties of solid solution alloys and 
their composition experimentally established by 
Kurnakov are in the main correct only when the 
processes of softening play a relatively small 
role. 

I express my gratitude to Professor Dr. M.A. 
Bol’shanina for discussing the results of my work 
and reading my manuscript. 
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THE CONDITION OF THE SURFACE LAYER OF A MONOCRYSTAL OF ZINC 
AFTER POLISHING AND ANNEALING * 
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We investigated monocrystals of zinc subjected to polishing along the cleavage plane at 
room temperature and at the temperature of liquid nitrogen, and subsequently annealed at 


various temperatures. It transpired that the surface layer of the monocrystal breaks up into 
small grains, which are more strongly disorientated than when work-hardening is carried out 
at the temperature of liquid nitrogen. Annealing does not restore the monocrystal system in 
the surface layer, but leads to recrystallization with the growth of grains inside the mono- 
crystal. Under the recrystallized zone a layer occurs in which the monocrystal consists of 
blocks having a orientation close to the original one. The depth of these layers increases as 
the temperature of annealing rises. In crystals deformed at the temperature of liquid nitrogen 
and annealed at 200° C, an undistorted monocrystal appears only as a result of etching to a 
depth of 300 micron. In crystals deformed at room temperature and then subjected to the same 


The structure of the surface layer of a crystal 
after it has received mechanical treatment has 
been studied by many research workers, mainly 
by the methods of electron diffraction and X-ray 
analysis. The overwhelming majority of the ex- 
periments was carried out on polycrystalline 
specimens, and therefore produced information 
only about the nature of th: stressed condition of 
the surface and the magnitude of the region of co- 
herent scattering. More detailed information about 
the surface when subjected to work-hardening was 
obtained by studying the processes accompanying 
treatment of monocrystals with abrasives [1, 2]. 
The results of these researches made it possible 
to establish the presence of disorientation on the 
crystal surface after such treatment. The magni- 
tude of the distorted layer, corresponding to the 
depth to which deformation had penetrated into 
the interior of the crystal, was estimated in the 
reference works referred to above as being within 
the range of 1 —10 micron. 

Work-hardening caused by polishing activates 
the diffusion processes, which in this instance 
may proceed very intensively even at room temper- 
ature [3]. Therefore it was thought to be worth- 
while to subject specimens to treatment and 
photography in conditions where these processes 
would be excluded or at least weakened. With 


form of annealing, the depth of the distorted zones is still greater. 
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this purpose we polished monocrystals of zinc at 
the temperature of liquid nitrogen (— 196°). An 
X-ray diffraction picture of the specimens was 
taken immediately after polishing with warming 
to room temperature, and also after “annealing” 
at room temperature or at higher temperatures 
(100, 150, 200°). A comparison of the structure of 
the surface layer of the zinc specimens polished 
respectively at —196° and at room temperature 
made it possible to explain the influence of 
mechanical properties on the processes occuring 
in the specimen when pdiished. As a result of 
annealing the specimens we discovered certain 
details in the condition of the lattice in the sur- 
face layer of the specimen after it had been pol- 
ished, details which had remained unobserved in 
former experiments, in which the specimens had 
been both work-hardened and investigated at room 
temperature without thermal treatment. 


POLISHING A MONOCRYSTAL OF ZINC AT ROOM 
TEMPERATURE 


The cleavage plane of a monocrystal of zinc, 
revealed by the cleavage, was polished in one 
direction at room temperature on emery cloth hav- 
ing a dimension of the abrasive grain of 10 micron. 
Laue-grams were taken of the polished section 
using unfiltered iron radiation. The choice of 
this radiation was determined by the fact that 
when the monocrystal is orientated so that the 
basal plane is perpendicular to the X-ray beam, 
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the plane (104) and the planes structurally equiva- 
lent to it are in a position not more than 20’ dif- 
ferent from that corresponding to the Bragg 
condition for wave-length FeK . This makes it 
possible to record the emergence in the monocrys- 
tal of blocks weakly orientated in relation to the 
original structure. A small orientation-spread 
leads to anomalous scattering and the appearance 
on the Debye ring of reflections from the mono- 
chromatic radiation. [ 4] 

The X-ray picture of the polished surface has 
the characteristic appearance for a polycrystal 
with texture. The surface layer which has been 
polished is broken up into small grains with 
considerable orientation spread around the 
original. This layer is shallow, and etching off 
the layer to a depth of 10 - 20 micron fully 
reveals the surface of the monocrystal from which 
the ordinary Laue — gram is obtained. However, 
the distortions are not confined to the broken-up 
layers, but extend into the interior of the mono- 
crystal, gradually dying out as the distance from 
the surface increases. Distortions which are not 
revealed by the Laue- gram taken after removal of 
the broken-up layer are clearly visible if the 
specimen is annealed without removing this 
layer. Recrystallization begins on the surface, 
which possesses maximum energy, and the mono- 
crystal adjacent to it recrystallizes to a 
considerable depth. The presence of individual 
grains with arbitrary orientation is revealed on 
the X-ray pictures taken after annealing at 200° 
for 30 minutes and removal of the surface layers 
of the crystal to a depth of up to 300 micron. 
Beneath the recrystallization zones (during the 
conditions of annealing in question, up to a 
depth of 700-900 micron), there is a zone of 
weakly disorientated blocks, in which the angle 
of scattering gradually diminishes and size 
gradually increases. This zone merges into the 
undistorted monocrystal. 


POLISHING MONOCRYSTALS OF ZINC AT THE 
TEMPERATURE OF LIQUID NITROGEN 


After polishing the monocrystal of zinc in a 
bath with liquid nitrogen, its surface is found to 
be strongly broken-up into randomly orientated 
small] grains. If the broken-up surface of the 
specimen is etched off to a depth of 20-30 mic- 
ron, and it is immersed for a short time in acid 


cooled to below 0°, then it might be concluded 
from the appearance of the Laue —gram that at 
this depth undistorted monocrystal already 

exists. However, as was found when the polishing 
was done at room temperature, the monocrystal 
possesses surplus energy at a considerable 
distance from the surface, which is revealed 
during annealing. If the deformed layer is not 
removed, then warming to room temperature is 
sufficient to occasion recrystallization, accompan- 
ied by a growth of grains on the surface and to a 
depth of 40 micron. This process takes place at 
high speed. When the temperature of annealing is 
increased, the recrystallization zone extends to 

a great depth — up to 100 micron at an annealing 
temperature of 200°. Beneath the region of re- 
crystallized grains with arbitrary orientation lies 
a region of disorientated blocks. This extends to 
a depth of 150-350 micron (depending on the 
temperature of annealing). In X-rays of this layer 
of blocks, unlike those of the layer of randomly 
orientated grains, reflections are absent on all 
the Debye rings, except (104), and on that there 
are six arcs, the width of which is greater the 
higher the degree to which the blocks are dis- 
orientated. The blocks become larger and less 
disorientated the further the distance from the 
surface: the arcs on the X-ray diffraction pictures 
contract and break up into individual reflections 
and then they tighten into points and the X-rays 
take on the usual appearance for an ordinary mono- 
crystal. By way of an example Fig. 1 shows 
X-rays of the surface of a monocrystal of zinc 
taken after it had been polished at the temperature 
of liquid nitrogen and tempered for 30 min at 150° 
(Fig. la), and finally after it had been etched to a 
depth of 75 and 125 micron (Fig. 1b and Ic). 


| 
FIG, la 


Surface layer of a monocrystal of zinc 


FIG. 2. Microphoto of the cleavage plane of zinc, 
revealed by the cleavage and tempered at a temper- 


ature of 350°. 
a - the appearance of the blocks which have form- 


ed, 6 - the Laue diffraction pattern of such a sur- 
face has a complex structure. 


monocrystal. After tempering at 350° formation of 
, blocks was observed as well on the surface of a 
(c) monocrystal of zinc which had been weakly cold- 
FIG. 1. X-ray diffraction pictures of the cleavage hardened by cleaving along the cleavage plane 


plane of a monocrystal of zinc after polishing at (Fig. 2a and 2b). 
—196° and tempering for 30 minutes at 150°C. 
a - the surface, b - at a depth of 75 micron, c - CONCLUSIONS 


at a depth of 125 micron. 
A monocrystal, the surface of which is polished, 


The broken-up and also strongly deformed anal is a form of grain which as a result of work-harden- 
layer of the polished ing is in a heterogeneously-stressed condition. 
— stal er the er of recrystallization, and The nature of this heterogeneity in this case is 
during heating they i the heen by which well-known: the surface is broken up into small 
the layer of grains with arbitrary ee grains, which are disorientated the more strongly, 
If the surface layer of small deformed grains is . 

; the greater the work-hardening. The degree of 
etched off from the specimen, then subsequent 
: work-hardening, and consequently the orientation- 
annealing leads to the formation of a structure di ; 

; ; spread, increase as the deformation temperature 
different from the one which occurs when the falls, as a result of the increase in the strength 
crystal is annealed without removal of the strong- rae , 

a a ; of the crystal and the rise in the magnitude of the 
ly deformed surface. Recrystallization of the in- : ft 
deformation energy stored in it [5]. In the deeper 
ternal layers of such a specimen during annealing ‘ ; 
. layers of the specimen the monocrystal system is 
leads to the appearance of a layer of weakly dis- > S 

Mocks, into the not disturbed, but the stress gradually dies out 

= y as the distance from the surface increases. An- 
nealing does not restore the monocrystal system 
in the surface layer, but leads to recrystallization 
with growth of grains inside the monocrystal. The 
processes of recrystallization proceed differently 
in different parts of the deformed layer near the 
surface of the monocrystal. After annealing, in- 
dividual arbitrarily-orientated grains are visible 
in the layer adjacent to the actual surface; in the 
deeper layers the grains have an orientation close 
to the orientation of the original monocrystal. The 
depth of these layers grows as the temperature of 
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FIG.3. The structure of a monocrystal of zinc at 

various distances from the surface of the polished 

section, after polishing at — 196°C and tempering 

at various temperatures. 
A - the boundary of the broken-up layer before 
tempering 

] - the recrystallized zone; /] - the zone of weak- 

ly disorientated blocks; ///] - monocrystal. 


tempering increases (Fig. 3). In crystals deformed 
at room temperature the depth is considerably 
greater than in crystals deformed at the temperature 
of liquid nitrogen. The formation of individual 
grains near the surface of the specimen is not 
bound up with the growth of a new phase from the 
nucleae which emerge during annealing in the de- 
formed original monocrystal. The randomly- 


orientated grains in the surface layer are formed 
by collective recrystallization of fragments which 
appear on the surface of the specimen as a result 
of polishing. This is evident from the X-ray 
picture shown at Fig. 4. Pines [6] drew attention 


to the fact that such a process probably occured 


during the annealing of plastically deformed 


metals. The formation of weakly disorientated 
blocks in the deeper layers is connected with the 
break-up of the stressed monocrystal into blocks 
which are free from tension, and is one of the 
mechanisms by which stress is removed during 
annealing. The formation of such blocks is not 
connected with the considerable increase in the 
surface energy, since surface tension is an un- 
interrupted function of face direction [7] and is 
not great on the boundary of two closely orientated 
blocks. This evidently occasions the growth with- 
in the monocrystal of grains predominantly with 
an orientation close to that of the original mono- 
crystal, and the emergence of weakly disorientat- 
ed blocks during the annealing of crystalline 
bodies subjected to slight deformation. 


Thus a study of the condition of the surface 
layer of a monocrystal of zinc after polishing and 
annealing enables it to be confirmed that in this 
instance recrystallization consists of a combin- 
ation of two processes: 1) collective recrystal- 
lization of fragments formed as a result of fragmen- 
tation connected with deformation, and 2) poly- 
gonization, that is, the formation from the stres- 
sed monocrystal grain of blocks which are free 
from stress and have an orientation close to that 
of the original grain. 


FIG. 4. Collective recrystallization of fragments, 
obtained during polishing of the surface of a mono- 
crystal of zinc: 
a — the surface after polishing at — 196 {X-ray 
photograph without warming to room temperature). 
The continuous Debye ring shows that the surface 
layer is broken-up into smal] fragments; b - c - 
and d - photographs of the same surface after 
warming to 20, 150 and 200°C respectively. The 
Debye rings have broken into individual reflexes, 
that is, collective recrystallization occurs. 
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We know that the surface layer of a metallic 
body possesses entirely different mechanical 
properties after mechanical processing from those 
of its core. The alteration in the hardness and 
other mechanical properties of the surface layer 
is governed by the facts that during mechanical 
processing the crystalline grains are broken down, 
micro-stresses arise, the crystal lattice is dis- 
torted, and the phase structure alters. It is taken 
as assumed that during annealing above the re- 
crystallization temperature the distortions which 
occur during mechanical treatment are removed. 
However, as we show below, after annealing, even 
at high temperatures, the layer of metal next to 
the surface of steel test-pieces behaves quite 
differently under load from the metal of the body 
as a whole. 

The load —lattice deformation diagram gives 
some idea of the behaviour of the surface layer, 
since the relationship between the mean crystal- 
line lattice deformation in the small thickness 
layer (about 0.02 mm) and the mean stress over 
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FIG. 1. Load—lattice deformation diagrams. 

]- diagram for test-piece of normal cylindrical 

shape; 2- diagram of test-piece with hyperbolic 

groove; lattice deformation was determined at the 
groove apex. 
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the whole cross-section of a test-piece in simple 
tension can easily be established from a diagram 
of this nature [1-3]. 


Fig. lis a typical load—lattice deformation 
diagram for a cylindrical steel test-piece of 
normal shape under simple tension (diagram 1). 
The diagram has a well-defined straight-line 
sector OA corresponding to the elastic Hooke 
section of the load-deformation-diagram obtained 
by the simple extension of a test-piece on a 
testing machine. The inter-planar distance in the 
lattice is reduced in the sector OA, since the de- 
formation is measured by X-ray in a direction al- 
most normal to the surface. The elastic limit of 
the surface layers of test-pieces made from 
materials with a yield point (the diagram in Fig. 1 
is for a 40 Kh steel test-piece annealed at 750°) is 
typified by point A. Beyond the elastic limit in 
the sector AB - in the yield point region - the 
lattice deformation lessens with increase in the 
total deformation of the test-piece. The hardening 
region is typified in the diagram by the sector BC. 
In this sector of the diagram, lattice deformation 
decreases very little; it merely increases slightly 
with increase in loading, or remains constant and 
even decreases. When the load is removed from the 
test-piece, the lattice deformation alters linearly 
(sector CD), while after the removal of loading 
the crystal lattice acquires the residual deforma- 
tion of the opposite sign, OD. 

The nature of and conditions for the occurrence 
of residual lattice deformation, sectors AB and 
OD in the diagram, are of great interest [1-3]. 
However, neither the scientific nor, even more, 
the practical importance of the phenomena dis- 
closed by the diagram have yet been fully evalu- 
ated, and many of its details have not been 
studied. 

The authors have tried in this work to clarify, 
on the basis of the analysis of a number of load— 
lattice deformation diagrams for steel test-pieces, 
certain features of the behaviour of the surface 
layer, in a wider sense than was done in [4, 5]. 
The basic outlines of the procedure employed in 
the work have been described before [4, 5], so 
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we will merely examine th 
performed. 


e results of the tests 


TEST RESULTS 


1, The results of tests performed on ten 45 and 
40 Kh steel test-pieces are given in Table 1. The 
test-pieces differed from one another only in rough- 
ness of surface. After complete preparation they 


were annealed in a vacuum and only then were 
they tested on the machine; this machine was 


equipped with a special device for back reflection 
X-ray photographs which were taken from the same 


sector of the surface [4, 5]. 
The angle a formed between the line OA and 


the ordinate axis (Fig. 1) along which the values 
of the mean stress opp are set, is characteristic of 


the section OA in the diagrams which were ob- 


tained. It is assumed that here the stress is the 
same over the whole cross-section. The angle a is 


determined by the equation ,,,, or the 


equation: 


pe 
ER 


om 


(1) 
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where ¢2— is the lattice deformation in a direc- 
tion almost normal to the surface, measured by 
the inter-planar distance 4310) ; Om is the mean 
macroscopic stress in an axial direction; «+ —is 
the total relative macroscopic deformation of the 
test-piece in a direction normal to the surface; pp, 
and E isotropic are the Poisson ratio and modulus 
of normal elasticity obtained by the customary 


tests. Assuming the values p,, = 0.28 and 


E isotropic = 21,000 kg/mm?, we obtain values for 
&~ / ®m Which are determined by the anisotropy of 
the lattice and by the fact that €} is actually the 
sum of the elastic and a certain additional re- 
verse deformation. The latter may easily be cal- 
culated if we substitute y,, = 0.25 for y,, in the 
equation given above [7]. 

The data given in Table 1 prove that the angle 
of slope a in the diagrams for steels 45 and 40 Kh 
test-pieces, and the ratio®p in reference 
[4]) have no fully determined constant value, al- 
though test-pieces in each series were made of 
the one type of steel and given the same heat treat- 


ment. 


Elastic 
limit tana= 
Test- Mater-| Final processing Thermal | (yield ah € R | tana 
piece ial of surface before treatment point) et wees 
No. thermal treatment Ce 
(kg/mm?) 
I—1 |St. 45 Iron oxide polished. Vacuum 31.1 2.20 1.65 11.28] 1.72 
Surface cleanliness | annealed 
14, according to at 750°, 
GOST 2789 - 51 2 hours, and 
Ground by emery 31,3 1.32 | 0,99 ]1,12] 1,18 
stone on grinding (32,2) 
machine. Surface 
cleanliness 6a, 
1-3| ,, | Machined by cutting 30.9 1.72 | 1,29 11,04] 1.65 
tool in a lathe, 
surface cleanliness 3. 
I—5 " Hand polished with " 29.5 2.08 1.56 |1.28] 1.63 
E80 emery paper, (31.2) 
surface cleanliness 6b. 
II—1 | St. | Iron oxide polished, " 35.0 1.48 1.11 |1,.42] 1.04 
40Kh |'surface cleanliness 14 
" " " 35.0 1.52 
" " 33.6 1,8! 1.36 }1.00] 1.82 
II—6 " " " 36.4 1.56 1.17 [1.20] 1.30 
Machined by cutting " 35.2 1.42 1.07 1.28] 1,11 
tool in a lathe 
surface cleanliness 3. 
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The overall range of values for eR/tn is quite 
great: 1.65 - 0.99. It is greater for St. 45 than for 
St 40 Kh test-pieces; it is rather less for polished 
test-pieces than for those with rough surfaces. In 
all, however, the data in Table 1 do not enable us 
to establish any connection between the value of 
tan a and the roughness of the surface, and thus 
do not confirm the thesis stated in [4] that the 
lower value of ¢,/¢> in test-pieces with a rough 
surface than in test-pieces with a smooth surface 
and made of the identical type of metal is govemed 


by the deconcentration effect of micro-irregularities. 
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FIG. 2. Diagrams for normal shape test-pieces 

with differently treated surfaces. Test-piece 1-5 

- manually polished with E80 emery paper; 1-3 

- machined by cutting tool in a lathe; 1-2 - 
ground by emery wheel in a lathe. 


The yield point is well shown in the diagrams 
for three St 45 test-pieces with rough surfaces 
(Fig. 2), which have identical angles of slope a, 
just as in all the other diagrams. Beyond the elas- 
tic limit - at the yield point - the relative deforma 
tion of the lattice €g decreases irregularly with 
increase in the stretching of the test-piece. This 
is displayed in the inconsistency of change in 
lattice deformation which is shown in one of the 
diagrams in Fig. 2 by the numbering of the measure- 
ments made. The inconsistency indicated is prob- 
ably governed by uneven distribution of the plas- 
tic deformation zone through the test-piece. 

After removal of the load, we obtain the section 
OD on the diagrams; this section relates to the re- 
verse sign residual lattice deformation. The angle 
of slope a between the line CD and the ordinate 
axis is less than the angle a in all the diagrams. 
According to the data given in Table 1, the mean 
value of tan a’ is 1.20 + 0.10, and is evidently 
little dependent on the type of steel and altogether 
independent of the smoothness of the surface. As 
we know, on repeated loading the lattice deforma- 


tion changes along the line DC; the results ob- 
tained may therefore be interpreted in the sense 
that the surface layer acquires certain different 
qualities after a certain degree of plastic deforma- 
tion. The surface layer of test-pieces is elastic- 
ally deformed initially in different ways depending 
on the mechanical and subsequent thermal treat- 
ment, and is in any case not identical with the 
material across the whole section. It is only de- 
formed identically across the whole section after 
a certain amount of plastic deformation. 

2. Figures are given in Table 1 for the testing 
of six polished test-pieces. The surface layer, it 
tumed out on the diagrams for five of them, “slips”, 
i.e. plastic deformation sets in prematurely in the 
surface layer at a stress, the elastic limit of the 
surface layer, 0m(s.},) , Which is lower than the 
mean stress ¢ at which plastic deformation sets in 
across the whole cross-section. Two such diagrams, 
clearly showing the surface layer “slip”, are given 
in Fig. 3. 

According to Davidenkov, Glikman and their 
colleagues [8], the cause of the appearance of resi- 
dual lattice deformation - the sector OD on the 
load —lattice deformation diagrams - is this very 
“slip” of the surface layer which we found. However 
in actual fact, as is clear from the diagrams given 
in Fig. 2 (and other similar diagrams), residual 
lattice deformation also occurs in cases where no 
premature “slip” takes place. Thus, residual lattice 
deformation is not governed by macroscopic hetero- 
geneity of plastic deformation over the cross-sec- 
tion, i.e. by the slip of a “weakened” layer, and 
the lattice deformation produced is insufficient for 
the system of macroscopic stresses [2]. In cases 
where “slip” occurs, it merely increases the total 
elastic deformation of the lattice or has no effect 
whatsoever on the residual deformation value ob- 
tained, as follows from the diagrams in Fig. 3. 
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FIG. 3. Diagrams for identical polished test- 

pieces. The angle of slope a and the surface 

layer elastic limit @¢ /s,/,) differ in the diagrams. 
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The values of oe(s.1.) at which surface layer 
“slip” begins are given in Table 2. This table also 
shows the values of ge/e(s.].) and tan a/tan a (mean) 
which coincide. Thus it is established that the 
commencement of plastic deformation in the surface 
layer of polished test-pieces is determined by the 
angle of slope a in the diagrams. 

It was pointed out earlier that “slip” was found 
in five out of six polished test-pieces. As regards 
the diagram for the sixth test-piece (No. II-1 in 
Table 1) in which no “slip” was found, as far as 
can be judged from the value of tan a/tan a’ this 
was govemed by the fact that it might commence 
close to 7,. Thus, the “slip” was evidently unre- 
corded on the diagram owing to an insufficient 
number of experimental points. — 

3. Three further diagrams for St 45 test-pieces 
are given in Fig. 4. Test-pieces Nos. III-1 and 
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FIG. 4. Diagrams for test-pieces annealed at 

600° for one hour. Test-pieces III- 1 and III-2 

- polished surfaces; III-3 - surface ground by 
E80 emery paper. 


III- 2 were iron-oxide polished; No. III-3 was 
polished with E80 emery paper, after preparation 
and treatment. They were then annealed in a vacuum 
at 600° for one hour. The yield point of these test- 
pieces was higher than that of test-pieces in the 
first series (see Table 1). The angles of slope a 
tumed out to be practically identical in the dia- 
grams produced — 1.56; 1.64; 1.64 —and were lower 
than those in the samples of the first series. Sur- 
face layer “slip” was not found in polished test- 
pieces in this series or in the rough test-pieces of 
the first two series. The yield point here is shorter, 
and the change in lattice interval with increase in 
load is extremely inconsistent. The angle of slope 
a’ differs in all the diagrams [4], while the angle a’ 
was greater than a on the diagrams for the two test- 
pieces which were unloaded after relatively little 
plastic deformation (No. III-3 and No. III-2). The 
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angle a’ was less than a and tumed out to be close 
to the mean value on the diagrams for test-pieces in 
the first two series only on the diagram for test- 
piece No. III-3, whose yield point was lower and 
from which the load was removed after greater plas- 
tic deformation. 


DISCUSSION OF THE RESULTS 


It seems to us that the results given above are 
sufficiently conclusive evidence that the behaviour 
of the surface layer in the elastic region is deter- 
mined on the one hand by the mechanical treatment 
and the smoothness of the surface, and on the other 
by the thermal treatment. Finally the tests estab- 
lish the influence exerted by plastic deformation in 
the extension process on the further behaviour of 
the surface layer. 

The state of the surface layer determines its 
behaviour under a load applied to a body, and is 
typified by a, the angle of slope of the line OA in 
the load — lattice deformation diagrams. We will 
therefore try to establish what governs the magni- 
tude of a. 

As has already been indicated, the angle of slope 
a is determined by two ratios: &3}9 / * “isotropic and 
*m/E isotropic The value of the latter ratio is 
governed by the material of which the test-pieces 
are made. It changes little from test-piece to test- 
piece for jdentical thermal treatments and is little 
dependent on the type of steel. As regards the first 
ratio, it is determined by the lattice anisotropy and 
therefore also has a more or less constant value. 

The structures of the surface layers in test-pieces 
of the same type of steel may differ, even after 
practically identical mechanical treatments and sub- 
sequent thermal treatments, owing to the greater 
sensitivity of the crystalline grains in the surface 
layer to the thermal treatment conditions. A certain 
amount of carbon is burned out in the surface layer, 
even when annealing is carried out in a vacuum, in 
the thermal treatment. Therefore the value of 


£310 
€ 
isotropic 

mined not only by the elastic anisotropy of the 

lattice and the elasticity constants of the material 

but also by the structural features of the surface 


layer. If we express the influence of the behaviour 
of the surface layer by K, we get: 


which we call s, is deter- 


(2) 


tana = sK 


The authors of (5) tried to analyse the process of 
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stress redistribution in a stress concentration zone 
during the transition of the surface layer across the 
elastic limit. Two load—lattice deformation dia- 
grams for test-pieces of steel 40 Kh, vacuum-an- 
nealed at 750° for two hours and cooled with the 
furnace, are shown in Fig. 1. Diagram 1 is drawn 
from the test data for a test-piece of normal cylin- 
drical shape, diagram 2 from the data for a test- 
piece with a circular hyperbolic groove shape 1 [5]. 
The test-piece surfaces were identical: cutting-tool 


finished in a lathe. The coefficient of concentration 


K, = tan a (normal sample) / tan @ (hyperbolic sample) 
at the apex of the slot, which tured out to be 3.1, 
was established from a, the angle of slope of the 
sector OA of the diagrams given in Fig. 1. Com- 
parison of this coefficient with the coefficient of 
concentration obtained for the given shape of notch 
by the Neuber theory was unsatisfactory, though 
fully satisfactory agreement was obtained with a 


notch of different shape (shape 2): Kr = 2.5, Kn=2.3. 


Since plastic deformation sets in at identical 
stresses in the surface layer in a concentration 
zone and in a normal test-piece [5], the coefficient 
of concentration is easily determined not only from 
the angle a in the diagrams but also from the value 
of the ratio Ge (normal sample) /Oe (k, sample) - Thus 
we obtain a coefficient of concentration of 2.2 for a 
test-piece with a notch of shape 2, 2.4 for a test- 
piece with a notch of shape l, i.e. we obtain en- 
tirely satisfactory agreement with the values ac- 
cording to Neuber. 

The over-high coefficient of stress concentration 
obtained from the angle a in a test-piece with a 


notch of shape 2, and the completely satisfactory co- 
efficient of concentration in a test-piece of shape 1, 


are governed by the identical surface layer con- 


dition alone, although the test-pieces had been iden- 


tically machined. This is confirmed in particular by 
the results of the testing of a steel 45 test-piece 
with a notch of shape 2, the surface of which test- 
piece was carefully polished at the top of the cut 
with iron oxide powder, and which was then given a 


similar thermal treatment to that undergone by the 
test-pieces in the first two series (Table 1). The 
diagram for this test-piece is given in Fig. 5. The 


Steel 40 Kh 
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FIG. 5. Diagram for test-piece with hyperbolic 
groove. Lattice deformation was determined at 
the apex of the groove. Surface polished in the 


groove. 


premature onset of plastic deformation is clearly 
visible on the diagram. It is similar to the “slip” « 
the surface layer in normal cylindrical test-pieces 
(see Fig. 3). The very large angle of slope a bear: 
witness to the high coefficient of stress concen- 
tration in the polished surface layer at the groove 
This coefficient is the resultant quantity of the 
notch concentration coefficient - 2.8 according to 
Neuber - and the concentration effect of the surfa 
layer. Thus in equation (2) K has the sense of a 
stress concentration coefficient and typifies the 
behaviour of a surface layer in the elastic region. 


At the onset of plastic deformation, a redistri- 
bution of stresses takes place in notched test- 
pieces; this causes alteration in the coefficient 
of concentration [5]. Analogously, in cylindrical 
test-pieces plastic deformation reduces the con- 
centration effect of the surface layer; the angle « 
gets less, and a’ becomes approximately constan 

The data given in Table 2 on the commenceme 
of the plastic deformation of the surface layer in 
polished test-pieces, i.e. the values of Ge/de(s.1 
and of tan a/tan @ mean, typify the stress con- 
centration in the surface layer; they therefore 
agree well. 


TABLE 2. 


Test- Elastic limit 
piece Material (yield point) 


Nos. oe(kg/mm?) 


Surfece layer 
elastic iimit 


Fe (s.1.) (kg/mm?) 


tana 
7 
tan @ mean 


Steel] 45 

1--4 | Steel 45 
1J—2 | Steel 40 Kh 
Ill -5 | Steel 40 Kh 
II1—6 | Steel 40 Kh 


30 
E 20 
= 
16 
VOL 
5 
| 
31.1 17.0 1 1.83 
31.5 19.8 1,58 1.57 
33.6 20.5 1.64 1.52 
36.4 27.5 1.32 1,30 


The behaviour of the surface layer of metals subjected to mechanical and thermal processes 


The experimental data examined above show 
that the surface layer, which acquires specific 
mechanical properties and structure during 
mechanical treatment, loses them on the one hand 
during annealing in a vacuum at a temperature 
above the recrystallization temperature, and on 
the other hand acquires new properties which are 
well revealed on the load—lattice deformation 
diagrams. These new properties are displayed to 
a lesser degree after annealing at 600° for one 
hour, probably owing to the insufficient action of 
temperature and time for their formation. If the 
properties of the surface typified by the co- 
efficient K were governed by decarburization or 
by the features of the crystalline grain sub-struc- 
ture, there would be no concentration effect. The 
effect of high-temperature annealing would be 
different, as would the correlation of a and a’ and 
the alteration in the size of a after a certain 
amount of plastic deformation. As regards the 
surface layer “slip”, a simple link would scarcely 
be established between the commencement of plas- 
tic deformation of the surface layer and the con- 
centration coefficient K. 


We have at present at our disposal no data from 
which to classify the structural features of the 
surface layer which determine its behaviour. We 
can only suppose that the sub-micro-cracks which 
appear in the surface layer during mechanical 
treatment [9] coalesce during high-temperature 
annealing, and become stress concentrators on 
reaching certain critical dimensions. In plastic 
deformation, at the same time as the sub-micro- 
cracks are being generated, the larger micro- 
cracks “close up”, and the concentration effect 
is thus reduced. Owing to the fact that the 
generation of sub-micro-cracks and their sub- 
sequent coalescing are determined to a great ex- 
tent by the mechanical treatment conditions and 
the subsequent thermal treatment regime, it ap- 
pears that the surface layer acquires very differ- 
ent concentrating capacities under practically 
identical mechanical and thermal treatment con- 


ditions. 


The tests have also shown that no surface 
layer “slip” is to be seen on the diagrams for 
test-pieces with rough surfaces, even when the 
concentration effect is very high. Evidently the 
roughness plays a definite part here. However the 
essential nature of the effect of roughness was 
not explained during our work. 


CONCLUSION 


It has been proved in our work that the load— 
lattice deformation diagram provides a good 
demonstration of certain features in the behaviour 
of the surface layer of metallic bodies on loading, 

Investigation was made of the behaviour of the 
surface layer in test-pieces of steels types 45 and 
40Kh after mechanical treatment on a lathe and 
further grinding, machining and polishing; they 
were then annealed in a high vacuum for two hours 
at 750° or for one hour at 600°, then being cooled 
with the furnace. 

The criteria for the state of the surface layer a, 
the angle of slope of the Hooke section of the 
load —lattice deformation diagram and a’, the 
angle of slope of the straight line portion of the 
diagram on removal of the load. The surface layer 
develops in different ways during loading depend- 
ing on the smoothness of the surface, the mechan- 
ical treatment conditions and the subsequent 
thermal treatment regime. Plastic deformation of 
the surface layer sets in at a lower mean stress 
in polished test-pieces annealed at 750° than the 
stress at which plastic deformation begins over 
the whole cross-section; it sets in simultaneously 
over the whole cross-section in similar rough-sur- 
faced test-pieces and in polished and rough-sur- 
faced test-pieces annealed at 600°. The value of 
tan a/tan a’, and that of o¢/Ge(s,],) , i.e. the re- 
lationship between the elastic limit (yield point) 
of the test-piece as a whole and the elastic limit 
of its surface layer, is a quantitative expression 
for the stress concentration effect in the surface 
layer. 
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THE EFFECT OF OVERHEATING ON THE PROPERTIES OF HEAT TREATED 
STRUCTURAL STEELS * 


I.E. KONTOROVICH and B.M. VOSHEDCHENKO 
Moscow Aviation Technology Institute 


Study of the effect of preliminary overheating 
on the properties of heat-treated steel is very im- 
portant to the selection of the optimum hot-working 
schedules for ensuring that the properties and 
quality of components are raised [1] -6]. Notwith- 
standing the great successes achieved in this 
field, a number of rules and principles remain un- 
disclosed or are still in dispute. Not a single 
opinion has been published, in particular, on the 
influences of the initial austenite grain on the 
microstructure, fracture and mechanical proper- 
ties of steel after repeated recrystallization. 

The purpose of our work was to establish a con- 
nexion between the nature of the micro-structure 
and the appearance of fractures, and the mecha- 
nical properties of certain structural steels after 
preliminary overheating followed by recrystalliza- 
tion over a wide range of temperatures. 


EXPERIMENTAL SECTIONS 


Research was carried out on steels types 
12Kh2N4A, 18KhNVA and 40KhNMA, whose che- 


mical compositions are given in the Table. 


(Received 15 May 1956; in edited form, 15 October 1956) 


TABLE 1. 


placing the critical brittleness ranges to higher 
temperatures. Comparison of impact strength 
figures for alloy structural steels after dual re- 
crystallization (high and normal) [7-9] led us to 
the conclusion that preliminary heating in the 
900 - 1200° range and subsequent quenching from 
various temperatures down to 1200° at a given tem- 
pering temperature did not reduce the impact 
strength, provided that the fracture was fibrous. 

Heat-treatment schedule and test temperatures 
were therefore selected in order to clarify the 
impact strength relationships after dual recrystal- 
lization, such that the impact strength values cor- 
responded to a semi-brittle state in the steels 
being investigated. 

Concomitant precipitations at austenite grain 
boundaries (carbides, nitrides, etc.) during slow 
cooling after high-temperature tempering probably 
facilitate the delineation of the austenite grain 
boundaries for micro-analysis. 

Standard test-pieces with longitudinal fibre 
direction (four or five impact and two tensile ) 
were cut from each heat-treated plate. 


Composition by elements (% ) 


Steel type 


P Mo 


12KhZN4A 
40KhNMA 


0.13 
18KhNVA 0.19 | 0.32 | 0.54 | 0.010 
0.40 


0.015 | 1,49 | 3,67 
0.018 | 1.62 | 4.40 —_ 0.82 
0.020 | 0.75 1.48 | 0.25 _ 


100 x 60 x 12 mm plates were heated for 75 min 
at 900, 1000, 1100, 1200 and 1300° and cooled in 
the air. They were then oil-quenched through each 
100° from 800° to 1250°, tempered for 90 min at 
650° and then furnace-cooled at a rate of 50-100° 
per hr. 

The slow cooling of the test-pieces after high- 
temperature tempering was for the purpose of dis- 


* Fiz. metal. metalloved. 5, No.2, 340-348, 1957 
[Reprint Order NO. 5 POM 59]. 


The mechanical properties were determined by 
static tensile test at room temperature. 

Impact-testing of the steels was carried out at 
room temperature, also at -196° to study the crys- 
talline fracture texture. The semi-brittle state 
was reached for type 12Kh2N4A and 18KhNVA 
steels at room temperature. Test-pieces of 
40KhNMA steel were impact tested in the semi- 
brittle state at -100°. 

The mechanical properties determined when 


_ 


128 Effect of overheating on the properties of heat treated structural steels 


extending type 12Kh2N4A steel test-pieces 
(Fig.1) show that the yield strengths and yield 
points rise somewhat both with increase in the 
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FIG. 1. The influence of the temperatures of two 
recrystallizations on the mechanical properties 
of 12Kh2N4A steel test-pieces (tempering at 
650° for 2 hr, cooled with the furnace, tested at 
20°). 
Preliminary normalizing at 1100° 
Preliminary normalizing at 1200° 
Preliminary normalizing at 1300° 


preliminary normalization temperature to 1100- 
1300° and with increase in the final quenching 
temperature. The elongation hardly changes. The 
reduction in area after the second recrystalliza- 
tion at 850-950° drops with increase in the degree 
of overheating, but further increase in the quench- 
ing temperature leads to equalization of the re- 
duction in area values. The strength and ductili- 
ty of 18KhNVA steel test-pieces changes in a 
similar way with change in the treatment condi- 
tions: 

oy (tensile strength) 94.5- 101.0 kg/mm’, 

os (yield strength) 82-89.5 kg/mm?, 

5, (elongation) 22.0-18.5 per cent, 

y (red. in area) 71.0-66.5 per cent. 

On the other hand the impact strength at test 
temperatures corresponding to the semi-brittle 
state of the steels depends considerably on the 
preliminary overheating conditions and the second 
recrystallization temperature (Fig.2 a-c). 


The impact strength is linked with the type of 
fracture. For the steels which were studied, which 
were subjected to preliminary normalization at 
low temperatures (900-1100°), the grain size in 
the fracture and the impact strength depend on the 
quenching temperature alone. Drop in the impact 
strength commences with the growth of new aus- 
tenite grains and the fracture coarsening associat- 
ed with this. 

There is scatter in the results for quenching 
temperatures between 1050° and 1250°, since the 
critical brittleness range increases as a conse- 
quence of new austenite grain growth [10]. 

With high preliminary heating temperatures 
(1200-1300°) and subsequent hardening (850- 
950°) stone-like fracture is observed in 12Kh2N4A 
steel (Fig.3). After the treatment indicated, only 
isolated and very small slip bands appear in the 
background of ductile fibrous fractures in 
18KhNVA steel. With the given thermal treatment 
conditions we did not succeed in obtaining a 
stone-like fracture in 40KhNMA steel. 

The stone-like fracture aspect, which over- 
heated steel retains after a normal quench, af- 
fects the impact strength of 12Kh2N4A and 
18KhNVA steels, increasing the scatter of the 
values obtained (Fig.4). For example, after 
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FIG. 4. Change in the impact strength of 12Kh- 
2N4A and 18KhNVA steels with relation to the 
preliminary overheating temperature (final oil 
quench from 850°, tempering at 650°, furnace- 

cooled; tested at 20°). 
1 — 12Kh2N4A steel; 
2 — 18KhNVA steels 
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\ SS \N FIG. 2. The influence of the temperatures of two 
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\ \\ normalizing at 1100° 
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FIG. 3. Change in fracture aspect of 12Kh2N4A steel after two recrystallizations and tempering 
at 650° with subsequent cooling with the furnace; tests performed at 20°. 
I — final quenching from = 850°; 
II — final quenching from _1050°; 
III — final quenching from  1250°; 
a — preliminary normalizing at 1200°; 
b — preliminary normalizing at 1300°. 


(a) (b) 


preliminary normalization at 1300° and quenching 
from 850°, the impact strength values for 12KH- 
2N4A steel fluctuate between 7.0 and 22.0 kg- 
m/cm?. The existence of a stone-like fracture 
does not provide consistent results on impact 
testing, evidently owing to the fact that the 
fracture crack occurs both along the old over- 
heated grain boundaries and through the grains 
themselves, altering its direction in different 
test-pieces. 

Quenching from 1000°- 1050° leads to an altera- 
tion of the appearance of the fracture; instead of 
being stone-like it becomes finely crystalline, 
and the scatter in impact strengths becomes less. 
Further increasing the final quenching tempera- 
ture leads to a normal increase in the grains in 
the fracture and to a drop in impact strength. 

The micro-structures of the steels were studied 
on sections made from the halves of the impact 
test-pieces after etching in a saturated ether 
and water solution of picric acid. Fig.5 shows the 
micro-structures of 12Kh2N4A steel test-pieces, 


in which the stone-like fracture was very apparent. 


The appearance of the stone-like fracture shown 
in Fig. 3, al and Fig. 3 bl is associated with the 
retention of old austenite grains, and their orient- 
ation, in the microstructure, in spite of the final 
quenching from 850°. New austenite grains are 
formed within the old grains with linear bounda- 
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ries. Individual stages in the breakdown of the 


FIG. 5. The influence of recrystallization on the structure of 12Kh2N4A steel (etched in an ether 
and water solution of picric acid); x 160: 


old grain boundaries are clearly visible in Fig. 

5. Fine new austenite grains appear in the bounda- 
ry zones or at the junctions of three grains, while 
within the grains they are coarser. 

On rehardening from 1000° and above, the old 
austepite grain boundaries in overheated 12Kh- 
2N4A steel are broken down much more, and inter- 
crystalline fracture takes place along the bounda- 
ries of the new austenite grains. Equalization of 
the dimensions of the outer and inner new grains 
goes on as the final quenching temperature is 
raised. 

The arrangement described for the breakdown 
on the old austenite grains is applicable for over- 
heated steel, whose stone-like fracture is easily 
corrected by subsequent heat treatment on heat- 
ing to 1000- 1050° [2,6]. 

Examination of 12Kh2N4<A fractures through a 
binocular microscope at various stages in the de- 
velopment and correction of the stone-like nature 
showed that two types of crystalline grain were 
present: primary, changing with the preliminary 
heating temperature and corresponding to the di- 
mensions of the old austenite grain, and second- 
ary, the size of which is governed by the second, 
re-crystallization temperature and which corres- 
ponds to the dimensions of the new austenite 
grains. 


a — preliminary normalizing at 1200°, quenched 
from 850° in oil, tempered at 650°, furnace 


cooled; 


b—the same, but preliminary normalizing at 


1300°. 
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FIG. 6. The influence on the structure of over-'heated 12Kh2N4A steel on the aspect of the 
fracture and the nature of the formation of austenite grains after final thermal treatment (pre- 
liminary treatment — heating at 1250°, final quench from950"); x 320. 
a—structure of overheated steel] martensite- 
troostite; 
b — structure of overheated steel ferrite-pearlite. 


FIG. 7. Micro-structure of (a) 18KhNVA steel, and (b) 40KhNMA steel, after two recrystalliza- 


a at 1350° for 2 hr, furnace-cooled; oil-quenched from 850°, tempered at 650°, cooled 
in air); x 80. 
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The surface of the old grains is shiny or matt; 
this evidently indicates the propagation of frac- 
ture cracks along the boundaries of the new aus- 
tenite grains or between the initial old austenite 
grains. 

In connexion with the fact indicated in ref. 

[2] concerning the effect of the rate of cooling 
from overheating temperatures on the type of 
fracture developing after a second normal recrys- 
tallization and high temperature tempering, tests 
were made directed at studying the changes in 
micro-structure and type of fracture depending 
on these factors. 

The micro-structure of 12Kh2N4A steel sub- 
jected to dual recrystallization (1250° and 950°), 
with the difference however that the rate of cool- 
ing from the overheating temperature was different, 
is shown in Fig. 6. 

On quenching to martensite or upper needle- 
shaped troostite after superheating, a stone-like 
appearance is observed (Fig. 6 a) in fractures of 
the refined steel; the microstructure looks like 
that described above (see Fig.5). 

There is no stone-like appearance in fractures 
of overheated steel after refining if the initial 
structure was ferrite-pearlite, though the over- 
heated structure is slightly overlooked both in 
the fracture and the microsections; the old aus- 
tenite grains are completely broken down; the 
new austenite grains are very fine. It should be 
emphasized that the austenite grain size in 
12Kh2N4A steel which has not been subjected 
to preliminary overheating is much larger, at a 
selected second recrystallization temperature, 
than the dimensions of the new austenite grains 
in a preliminarily overheated and siowly cooled 
steel. 

Tests carried out on 18KhNVA and 40KhNMA 
steels overheated at 1350°, cooled in the furnace 
and subsequently refined quenched from 950°, 
tempered at 650°) confirm the relationship of the 
final structure and the nature of the fracture to 
the structure of the overheated steel. 

The microstructure of 18KhNVA steel test- 
pieces (Fig. 7a) after two recrystallizations re- 
presents large old austenite grains within which 
new grains have formed, which differ considera- 
bly as to dimensions in the boundary zones and 
the centres; fractures are of stone-like appearance. 

New very fine and homogeneous austenite grains 
are found after the described recrystallizations 
40KhNMA steel (Fig. 7b), whose austenite de- 


composes during cooling with the furnace into 
a ferrite-pearlite mixture; the fracture is fine 
crystalline. 


DISCUSSION OF THE RESULTS 


Comparison of the mechanical properties by 
tensile and impact testing under conditions in 
which a fibrous fracture without traces of crystal- 
linity is produced shows that the properties either 
do not alter or improve somewhat with increase 
in the preliminary heating and final quenching 
temperatures. 

On the other hand, in the case of the impact 
testing of structural steel test-pieces at tempera- 
tures of semi-brittleness, inter-granular segrega- 
tions, as well as the structure of the austenite 
grain through which rupture occurs in fibrous 
fracture, exert an influence. 

The part played by the segregations in reduc- 
ing the impact strength increases with decrease 
in test temperature below the critical point. 

If we create the proper conditions (rate of de- 
formation, test temperature, shape of test-piece, 
etc.) under which crystallinity appears in the 
fracture surface of the failure, the effect exerted 
by overheating will also be displayed in tensile 
tests. In other words, the effect of preliminary 
overheating on the mechanical properties when 
conducting tensile and impact strength tests may 
be more sharply defined if the proper tempering 
and testing conditions are selected, ensuring the 
appearance of crystalline portions at the surface 
of the failure,i.e. if the steel is in a semi-brittle 
state. 

Turning to the consideration of the causes of 
the formation of stone-like fractures, it should 
be noted that with high ovefheating temperatures 
a definite orientation within the large austenite 
grains becomes noticeable. 

Two structural groups may be formed, depend- 
ing on the subsequent rate of cooling: 

1. Martensite-troostite, with a definite orienta- 
tion relative to the crystallographic planes of the 
original austenite grain. 

2. Ferrite-pearlite, the regularity of whose 
orientation relative to the austenite grain is less 
defined. 

The second recrystallization above 4 leads 
to the appearance of very fine new austenite grains, 
mostly having the orientation of the initial primary 
grains, within the old grains of the overheated 
steel, which has a martensite-troostite structure. 
The boundaries of the old austenite grain are 
clearly seen. 
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Recrystallization commences with the appear- 
ance of colonies of new austenite grains along the 
boundaries of the large initial grain, this being 
explained by the presence of existing interfaces. 
The total volume of the old grain then undergoes 
the a + y transformation. 

The rate of growth of the new austenite grains 
located in the boundary regions of the old grains 
and within them differs. The formation of large 
new grains in the centres of the old grain, and 
the preservation of the much finer grains in the 
boundary regions, can evidently be explained by 
the presence of different degrees of phase cold- 
hardening within each old grain. On heating above 
a specific temperature intensive breakdown of the 
old austenite grains and of the former orientation 
takes place. 

We have established, on the basis of numerous 
comparisons, that. the presence of preservation 
of the old austenite grain boundaries, to one de- 
gree or another, always corresponds to the same 
degree of retention of the stone-like fracture and 
macrographic overheating texture. 

The mechanism whereby these boundaries and 
the overheating structure are broken down appears 
to us to be a process associated with the growth 
of new austenite grains mainly above the recrysta- 
llization temperature. 

The secondary recrystallization of overheated 
steel of a ferrite-pearlite structure is accompanied 
by the appearance of a large quantity of new fine 
austenite grains, uniformly distributed throughout 
the metal. The boundaries of the old austenite 
grains are broken down, mainly during the a > y 
transformation, and fractures are not of a stone- 
like aspect. Nonetheless, crystalline fracture runs 
through the cores of the old grains, whose orienta- 
tion may be partially retained. 

At the temperature at which new austenite grain 
growth is intensive, a temperature higher than for 
steel test-pieces which have not undergone pre- 
liminary overheating or have not been sufficiently 
intensely overheated, the overheating structure is 
evidently finally broken down owing to the growth 
of new grains with their own orientation. 


CONCLUSIONS 


1. A connexion between the preliminary and 
final recrystallization temperatures, the micros- 
tructure, the aspect of fractures and the mechani- 
cal properties of 12Kh2N4A, 18KhNVA and 40Kh- 
NMA steels has been shown. 

2. It has been established that the breakdown 
of the old boundaries of austenite grains and of 
their orientation, boundaries and orientation ob- 
tained as a result of overheating at high tempera- 
tures, takes place owing to the growth of new 
grains above the recrystallization temperature. 
The different size of the new grains is governed 
by the differing degrees of phase cold-hardening 
within the old grains. 
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The reasons for secondary hardening of structural steels are considered in connexion 


with an experimental! investigation of the change in lattice constant of the residual aus- 


tenite. 


With certain structural steels, as well as tool 
steels, tempering at temperatures of 500 — 600° 
brings about secondary hardening, i.e. the trans- 
formation of residual austenite into martensite on 
subsequent cooling [I]. 


The secondary hardening of steels is observed 
on tempering only when the steel has been quench- 
ed under such conditions as to ensure a partial 
transformation of austenite in intermediate tem- 
perature ranges. Thus, the secondary hardening 
effect is observed in the steels 40 KhN3 and 
35 KhGS on cooling after tempering at 500 — 
550°, if a partial transformation has been previ- 
ously carried out at 400°. With the steel 70 KhN3 
this phenomenon has been observed even under the 
usual quenching conditions (without partial trans- 
formation in the intermediate range) after temper- 
ing at 450, 500 and 550° [1]. : 


Investigations of the transformation of austenite 
in the intermediate range show that it is connected 
with the redistribution of carbon, as a result of 
which the residual austenite in steels of the 
structural type becomes to a considerable degree 
enriched in carbon [2]. In this connexion it might 
be assumed that such residual austenite, which is 
considerably enriched in carbon, would tend to 
reject cementite on tempering at 500 — 550°, hence 
the concentration of carbon in the residual aus- 


TABLE 1. 


Composition (% 


Melt No. Marking C Si Mn Gr Wi 


1845 34KhGS2 | 0.34 | 2.5 | 1.08 | 1.89 ~ 


861 73KhN3 0.73 | 0.3 | 0.78 | 0.7 3.48 


* Fiz. metal. metalloved. 5, No.2, 349-354, 1957 
[Reprint Order No. 5 POM 60]. 
** Students O.V. Geizer and I.B. Kekalo contributed 
to the work. 


tenite would be lowered, the martensite formation 
temperature would be raised, and on cooling, after 
tempering, a partial martensite transformation would 
occur. 

The investigations of the phenomenon of second- 
ary hardening were carried out on specimens of 
the steels 34KhGS2 and 73KhN3. 

The heat treatment of the chromium plated 
specimens (of dimensions 3 x 5 x 25 mm’) was 
carried out in baths of a torque magnetometer. 

The specimen, fixed in the torque magnetometer, 
was heated in the furnace at 1000° (specimens of 
steel 73 KhN3 at 900°) for 6 min, transferred to a 
lead bath maintained at an intermediate tempera- 
ture range (300 — 400°), held there for a definite 
time and cooled in oil. Two specimens were iden- 
tically treated in this manner. Then, one of the 
specimens was heated in a lead bath of the torque 
magnetometer to 500 — 550°, held there for a cer- 
tain time, and cooled in the disconnected bath to 
280°, after which it was transferred to an oil bath 
of the same temperature and cooled in it to room 
temperature. Under such conditions of slow cool- 
ing to below the martensite formation temperature, 
a maximum amount of residual austenite remained 
in the specimen, which facilitated the measure- 
ment of the crystal lattice constant. 

During cooling of the specimen, the light ray 
deflection of the torque magnetometer was register- 
ed, and on the basis of these data, cooling curves 
(ray deflection against temperature) were construct- 
ed. These curves were compared with the cooling 
curve obtained for a specimen of the same steel, 
containing 100 per cent magnetic phase. The in- 
flection in the cooling curve proved the presence of 
the secondary hardening effect. 

After treatment, the specimens were etched in 
acid and examined in the X-ray ionization ap- 
paratus URS — 50 — I at room temperature. The 
austenite lattice constant was measured before 
and after tempering along the plane (200). The ac- 
curacy was within 0.0026 kX. 


Secondary hardening of structural steels 


EXPERIMENTAL RESULTS 


Steel 34KhGS2 


On the isothermal transformation of austenite 
diagram the average transformation region is given 
in the temperature range 300 — 400° (Fig. 1). 


700 — 


Ty] 


‘ 


(°C) 
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Temperature 


3 0 035 10 W 
seconds minutes hours 


Time 


Isothermal transformation diagram of 
austenite for the steel 34 KhGS2. 


From the analysis of the cooling curves (Fig. 
2) it follows that if the hardening is carried out 
under conditions of transitional partial interme- 
diate transformation, then during cooling after 
tempering at 500 — 530° a new martensitic trans- 
formation of residual austenite is observed. The 
latter is marked by an inflection on the cooling 
curves. 

If quenching is carried out without holding in 
the region of intermediate transformation, then 
such an effect is not observed on cooling after 
tempering (Fig. 2, curve 3). 

In Table 2 are given the results of measurement | 
of the residual austenite lattice constant after 
quenching of the specimens, as well as after tem- 
pering and cooling to room temperature. Quenching 
with partial transformation in the intermediate 
range brings about a considerable rise in carbon 
concentration in the residual austenite. For ins- 
tance, the partial transformation in the interme- 


TABLE 2. Steel 34 KhGS2 


Hardening Practice 


cons- 
No. of Isothermal tant 
treatment soaking after 
variables time hard- 
ening 
a, kX 


Increase 


Lattice 


in 
carbon 
content 


Change in 
carbon 


in resi- 
dual 
auste- 
nite as 
a result 
of soak- 
ing 


Tempering 
pract- 
tice 


Austenite 
lattice 
constant 
after 
temper- 
ing a, kX 


content of 
residual 
austenite 
as a re- 
sult of 
tempering 
*(%) 


in the 
inter- 
mediate 
range 
(%) 


1000 in oil 3.578 


in oil 3.586 3.586 


1000 


in oil 3.595 3.596 


1000 


1000 in oil 3.595 3.590 


in oil 3.596 0.40 3.595 


1000 


1000 in oil 3.596 0.40 3.590 


1000 in oil 3.596 0.40 3.589 


in oil 3.599 0.47 3.591 


1000 


* In lattice-constant changes errors of below significant dimensions are not indicated 
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diate range at 400° leads to an increase, in the 
course of one hour, of the lattice constant resi- 
dual austenite from 3.578 to 3.599 kX, which cor- 
responds to an increase in carbon concentration 
of about 0.5 per cent. Subsequent tempering at 
500 — 550° causes a noticeable decrease in lat- 
tice constant. It should be noted that in our ex- 
periments we determined the change in carbon con- 
tent in the residual austenite, resulting from tem- 
pering after cooling the specimen to room tempera- 
ture, i.e. after the transitional secondary marten- 
sitic transformation of the particles of residual 
austenite of extremely low carbon concentration. 

Therefore, the mean concentration of carbon in 
residual austenite is lowered as a result of tem- 
pering to a more significant extent than appears 
from the measurements. 

The good agreement between the extent of lower- 
ing in carbon concentration of the residual aus- 
tenite as the result of tempering, and the intensi- 
ty of the secondary hardening effect (deflexion of 
cooling curves), should be noted. 


4 
= 


a 


aX. 


a 

Ag 

0 


40 300 200 100 
Temperature (°C)’ 


FIG. 2. Cooling curves for steel specimens 34- 

KhGS2 after various treatments. Preliminary 

treatment:- 

1 — standard (100 per cent a- phase); 

2— 100° > 350° 1 hr + cooling in oil > 550° 
Methods 3 to 10 are given in Table 2. 


Treatment by method 8 (Fig. 2) leads to a lower- 
ing of carbon concentration in the residual aus- 
tenite as the result of tempering by approx. 0.2 
per cent. Also, a noticeable secondary hardening 
effect can be observed. 

In the case of alternative methods correspond- 
ing to curves 5 and 9, when tempering leads to 
impoverishment of the austenite in carbon, say 


by 0.12 per cent, the secondary hardening effect 
is undiminished. 

The secondary hardening effect in this steel 
is not observed in treatments by the following 
methods:- 

1. Quenching without soaking in the interme- 
diate range and tempering at 500° for 3 min; as a 
result of tempering a small increase in lattice 
constant is observed (Fig.2, curve 3). 

2 Quenching with partial transformation in the 
intermediate range (at 300° for 5 min), and temper- 
ing at 500° for 10 min; thereby quenching leads to 
some rise in carbon content on the residual aus- 
tenite (0.2 per cent); however, on tempering the 
carbon concentration does not decrease (Fig.2, 
curve 4); 

3. Quenching with partial transformation in the 
intermediate range (350° for 1 hr) and tempering at 
500° for 10 min (Fig. 2, curve 7); 

4. Quenching with partial transformation of aus- 
tenite in the intermediate range (375 for 1 hr) and 
tempering at 450° for 1 hr (Fig. 2, curve 10). 

In both the last cases quenching leads to a 
considerable increase of carbon concentration in 
the residual austenite (about 0.4 per cent); how- 
ever, the carbon concentration of austenite does 
not change as a result of tempering. 

It is also interesting to note the following fact. 
When quenching was carried out with partial trans- 
formation at 375° for 1 hr, then, as already indi- 
cated, the carbon concentration of the residual 
austenite increased by about 0.4 per cent. Sub- 
sequent tempering at 450° (method 10) does not 
lead to a change in carbon concentration in the 
residual austenite; tempering at 500° for 10 min 
(method 9) causes a lowering in carbon concentra- 
tion by approximately 0.13 per cent, and tempering 
at 550° for 10 min (method 6) — by 0.15 per cent. 

Consequently with treatment by method 10, no 
secondary hardening effect can be observed. With 
treatment according to methods 6 and 9 a notice- 
able secondary hardening effect can be observed 
on cooling curves. 

In the course of tempering, there occurs, ap- 
parently, not only a separation of excess cementite 
from austenite but also a pearlite decomposition, 
proof for which is furnished by the increase in 
magnetic induction of the specimen on tempering. 
In Fig. 3 the curve representing the change in 
magnetic induction is given for a specimen (which 
had been quenched after soaking at 400° for 1 hr) 
during tempering at 500° and on subsequent cool- 
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FIG. 4. Isothermal transformation diagram of pri- 
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FIG. 3. Change in magnetic induction of steel 
specimen 34 GS2, which is soaked in the course 


of hardening at 400° for 1 hr:- mary and residual austenite in the steel 73 Kh- 


a — in the course of tempering at 500°, N3:- 
b—in the course of cooling after tempering. o — primary austenite, A — after partial trans- 
formation to martensite (30 per cent austenite). 


ing to room temperature. The pearlite decomposi- 
tion leads probably to a redistribution in the aus- 
—| 


tenite, not only of carbon, but also of alloy ele- ee ae 


ments. 

A comparatively long tempering treatment at é 
550 — 600°, leading to a considerable degree of Va 
austenite decomposition excludes the secondary 
hardening effect on cooling. 

A certain increase in lattice constant of the 
residual austenite in the steel specimen 34KhGS2, 
which had been quenched without soaking in the 500 USD 350 250 200 15D 100 30 
intermediate range (method 3), is connected, ap- Temperature (°C) 
parently, with the separation of hypo-eutectoid ; 
ferrite. If, however, the specimen, in the course me 

hN3 after hardening and tempering:- 
of quenching, has experienced a partial transfor- a — standard (100 per cent a - phase); 
mation in the intermediate range, then the compo- b — 900° > cooling in oil + 550°; 
sition of the residual austenite changes substan- c:— 900° + cooling in oil + 500°. 
tially in the direction of carbon concentration in- 
crease and then on tempering the separation of 
the excess carbide phase becomes possible. 
Steel 73KhN3 

In this steel the occurrence of secondary hard- 
ening after tempering can be observed without 
prior soaking of the specimen at intermediate observed after tempering at 550° for 2 min, and 


TABLE 3. Steel 73 KhN3 


temperature ranges [1]. The diagram of the iso- 
thermal] transformation of primary and residual 
austenite is given in Fig. 4. After quenching, the 
specimens contained 30 per cent residual aus- 
tenite. The secondary hardening effect can be 


Lattice Lattice Decrease in 
constant constant carbon con- 
Temperature after Tempering after tent of aus- 
a Cooling | quenching method tempering tenite as 
a, kX a, kX the result 
of tempering 


Hardening method 


3.586 3.581 0.11 


3.586 3.579 0.16 


900 i 
za 
7 /0 
i 
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at 500° for 2 min (Fig. 5a-b). As a result of such 
tempering the carbon concentration of the residual 
austenite decreases by about 0.1 — 0.15 per cent 


(Table 3). 


CONCLUSIONS 


1. The secondary hardening effect is connected 
with a decrease in carbon content (and possibly 
also in alloy elements) of the residual austenite 
on tempering at 500 — 550°. A close relationship 
between the extent of carbon concentration de- 
crease in the residual austenite on tempering, 
and the intensity of the secondary hardening ef- 
fect is observed. 

2. In structural steels, the preliminary condition 
for a secondary hardening effect on tempering is a 
partial transformation of austenite in the inter- 
mediate range on quenching. Such quenching leads 
to a considerable increase in the concentration of 


carbon in the residual austenite; in connexion with 
this, on subsequent tempering at 500 — 550°, the 
carbide phase may separate out from the residual 
austenite; as a consequence of which the lattice 
constant of the residual austenite decreases. 

In a steel with higher carbon content (73KhN3), 
the intermediate transformation on quenching is 
not a necessary condition for the precipitation of 
the carbide phase in tempering at 500 — 550°. 

It is possible that during the development of 
the secondary hardening phenomenon, relaxation 
processes occurring on tempering also play a 
definite role. 
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As is well known, cooling in the presence of 
a magnetic field (thermomagnetic treatment — 
t.m.t.) leads, ia the case of certain ferromagnets, 
to a uniaxial anisotropy of magnetic properties 
[1]. The physical nature of this phenomenon has 
as yet not been ascertained, although several 
theories for its clarification have been proposed. 
Thus, according to Bozorth [2], the uniaxial 
anisotropy arises as the result of removal, at a 
high temperature, of magnetostriction stresses 
which are oriented by an external field. However, 
this theory is not in quantitative agreement with 
experimental results [3], and does not take into 
consideration any structural changes, which appear 
to occur on thermomagnetic treatment [4]. 

On the basis of existing experimental data, 
according to which t.m.t. is effective mainly in 
alloys of the ordered solid solution type, efforts 
were made to correlate the mechanism of t.m.t. 
with order-establishing processes, assuming that 
under the influence of a magnetic field these pro- 
cesses occur directionally. According to Kaia’s 
theory [5], anisotropy of the demagnetizing field 
arises. According to Chikazumi’s theory [6], such 
directional order-establishing causes anistropy of 
internal stresses, leading to anisotropy of mag- 
netic properties. However, it has been shown 
recently [7] that neither of the two theories can 
give the correct dependence of the magnitude of 
uniaxial anisotropy on the concentration of the 
alloy. 

Finally, Neel [8] and Taniguchi and Yamamoto 
[9] have recently indicated that in the ferromag- 
netic solid solutions below the Curie point there 
must exist, within the limits of each phase, an 
“oriented superstructure” of a particular kind, on 
account of the dipole moment effect of the atoms 
on one another. The axis of this “superstructure” 
in each phase is directed along the vector of 


* Fiz. metal. metalloved. 5, No.2,355 — 360, 1957, 
[Reprint Order No.5 POM 6)]. 


magnetization, /,. At a high temperature in the 
presence of a magnetic field, the vectors /,, and 
hence also the axes of the “superstructure” estab- 
lish themselves along the direction of the field. 
On cooling, this structure becomes fixed. As a 
result of this, after t.m.t. a uniaxial anisotropy of 
magnetic properties is obtained at room tempera- 


ture. 


Thus, at present, there exists a series of 
assumptions about the relationship between the 
t.m.t. and the phenomenon of order establishment. 
However, there are no convincing experimental 
data, indicating the existence of such a relation- 
ship. That is exactly why, for the whole problem 
of t.m.t., the study of this effect in alloys in which 
order establishes itself, having the aim of ascer- 
taining the relationship between the mechanism of 
t.m.t. and the phenomenon of order establishment, 
is of great importance. 


In order to solve the given problem, the tempera- 
ture range in which t.m.t. is effective, and the 
influence of this treatment on the temperature 
dependence of the magnetic saturation, were 
determined in several ferro-magnetic alloys in the 
present work. The choice of the given problems 
to be studied is determined by the following 
reasons. If processes of order establishment play 
a considerable role in the mechanism of t.m.t. then 
this treatment must be effective only at tempera- 
tures below the critical order establishment tem- 
perature T,. There are few data in the literature 
with regard to this problem, and, besides, they are 
contradictory. Thus, for the alloy 66-Permalloy it 
was found that the t.m.t. is effective only in the 
temperature range 500 — 400°C, i.e. below 7, [2]. 
In the case of the alloy 76-Permalloy, it was 
demonstrated that this interval lies in the tempera- 
ture range 540 — 510°C, i.e. above T, [5]. If 
t.m.t. leads to a new structural condition, then one 
should expect this to be able to lead to a change 
in the temperature variation of magnetic saturation. 


INVESTIGATED SPECIMENS AND METHOD OF 
MEASURING 


The following ferromagnets were investigated:- 
66-Permalloy (66 per cent Ni, 34 per cent Fe) and 
Perminvar (34 per cent Ni, 29 per cent Co, 34 per 
cent Fe, 3 per cent Mo), which were subjected to 
very strong t.m.t., and 78-permalloy, in which the 
processes of order establishment were most fully 
investigated. Besides, a study of the alloy 
Permendur (49 per cent Co, 49 per cent Fe, 2 per 
cent V) was carried out; this, as opposed to the 
other alloys, possesses both a high Curie point 
and a high order establishment temperature 7,; 
also, an iron-aluminium alloy, containing 12 per 
cent aluminium was studied. In order to be able 
to judge the effectiveness of t.m.t., the saturation 
magnetostriction, As, and the coercive force, H,, 
were measured, which makes judgement of mag- 
netic texture possible. The coercive force, the 
saturation magnetization and its temperature vari- 
ation were determined with the help of a vertical 
astatic magnetometer. The saturation magnetiza- 
tion was measured in a field of 200 oersted. In 
this field the specimens practically achieved 
saturation. Whilst measuring the temperature 
variation of the magnetic saturation, the speci- 
mens, placed in an evacuated quartz tube, were 
put, together with this tube, into the centre of the 
magnetizing solenoid of the magnetometer. Heat- 
ing was carried out with the help of a resistance 
furnace, the bifilar winding of which was applied 
to the quartz tube. Measurements of /, were 
carried out after the temperature of the specimen 
had reached a predetermined value, and remained 
constant for 5 minutes. The saturation magneto- 
striction was measured in a field of 1700 oersteds 
with the help of an apparatus working on an opti- 
cal lever system. 

The specimens were made in the form of strips 
of the following dimensions:- 60 x 4 x 0.2 mm.* 
Order establishment was brought about by a 
lengthy annealing treatment (up to 100 hr) at a 
temperature somewhat below 7. The temperature 
was kept constant within + 1°C. Disorder in the 
specimens was brought about by quenching from 
700 — 800°C. The thermomagnetic treatment con- 
sisted in slow cooling from a temperature above 
the Curie point in a magnetic field of 50 — 200 
oersted, and it was possible, in the course of 
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treatment, to quench the specimen from any tem- 
perature. 


DETERMINATION OF THE TEMPERATURE RANGE 
IN WHICH THE THERMOMAGNETIC TREATMENT 
IS EFFECTIVE 


A careful determination of the temperature range 
in which the t.m.t. is effective has been carried 
out on the alloys 78-Permalloy, 66-Permalloy and 
Perminvar. This determination was conducted in 
the following manner. The specimens to be 
investigated, which had been previously annealed 
at 1100°C for 3 hours, were reheated to 700°C, i.e. 
above the Curie point, and subsequently cooled at 
the rate of 200°C per hour. As cooling proceeded, 
individual specimens were quenched from differeat 
temperatures, 7, in the temperature range 700 — 
400°C. Subsequently, 1, and As were measured, 
and on the basis of the results obtained, the 
dependence of these properties on the quenching 
temperature was ascertained. Again, these speci- 
mens were exposed to annealing for 3 hours at 
1100°C, which led to the restoration of the original 
properties. Thereafter, as before, the specimens 
were cooled from 700°C, at a rate of 200°C per hour, 
down to the same temperatures, and quenching was 
carried out from temperature 7. The whole treat- 
ment was administered in the presence of an exter- 
nal magnetic field of 50 oersted. Measurments of 
H, and Ag were repeated on these specimens. The 
results obtained were subtracted from those ob- 
tained before (cooling without field). The calcu- 
lated differences, AH, and AdAg, are characteristic 
of the change in magnetic properties, which is due 
only to the application of a magnetic field on c ool- 
ing from 700°C to temperature 7. As a result of 
these measurements the dependence of AH; and 
Ads on temperature was established, and is rep- 
resented in Figs. 1, 2 and 3. 


AH,, oerst. Change 1n scale Ads. 10° 
2 


T 


r 
24, ! 


cost 


400 450 500 550 600 
Quenching temperature (°C) 


FIG.1. Decrease in coercive force and saturation 
magnetostriction on t.m.t. in 78 - Permalloy, 
against quenching temperature 
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FIG.2. Decrease in coercive force and saturation 
magnetostriction on t.m.t. in 66 - Permalloy, 
against quenching temperature 
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FIG.3. Decrease in coercive force and saturation 
magnetostriction on t.m.t. in Perminvar, against 
quenching temperature 


Here, the temperature down to which the speci- 
mens were slowly cooled from 700°C in the 
presence of a magnetic field, and from which they 
were quenched, js plotted along the axis of the 
abscissae. Along the axis of the ordinates, the 
value of AH, and Adg are correspondingly plotted 
with these temperatures. 

From Fig.1 it can be seen that in alloy 78- 
Permalloy the decrease in H, and Ag, which is 
caused only by the presence of the field, commen- 
ces already at a temperature of 540°C. The main 
change of H, occurs in the range 540 — 500°C, 


i.e. above the critical order establishment tempera- 
ture T, which is 490°C [10]. The saturation 
magnetostriction continues to decrease also at 
lower temperatures. This indicates that the forma- 
tion of a uniaxial anisotropy on t.m.t. occurs also 
at lower temperatures. From these results it 
undoubtedly follows that t.m.t. is effective also 
above the critical temperature of order establish- 
ment 7. This conclusion is confirmed by the 
data given in Fig. 2, which were obtained for alloy 
66- Permalloy, in which 7, = 480°C [10]. In the 
alloy Perminvar the main change in H, and Ag, 

i.e. the formation of a magnetic texture, occurs in 
the temperature range 600 — 525°C (Fig.3). Cool- 
ing to below T,, which for this alloy is 525°C 
[11], does not lead to any further change in proper- 
ties. 

In order to determine whether heating to above 
T, is necessary in order to carry out t.m.t., or 
whether treatment will be effective also at lower 
temperatures, a t.m.t. of specimens of the alloys 
78-Permalloy, 66-Permalloy, and Perminvar was 
carried out, by heating to 480°C, soaking for 30 
min., and subsequently cooling in a magnetic field 
of 50 oersted at a rate of 200°C per hour (480°C is 
below the 7, of all three alloys). 


In Table 1 the obtained results are given, and 
also, for comparison of the values, the H, and Ag 
of the specimens, which were cooled in the field 
from 700°C to T, and quenched, are quoted. 

From Table 1 it follows that in the alloys consider- 
ed the t.m.t. leads to practically the same results 
both when the field is applied only above 7,, and 
when it is present only below 7,. In the alloy 
Permendur, in which order establishes itself con- 
siderably faster than in the alloys considered 
above (12), somewhat different results have been 


TABLE 1 


Magnetic properties after the following treatments 


Annealing at 
1100°C, soak- 


T.m.t.: cooling 
in the field from 


T.m.t.: cooling 
in the field from 


ing for 2 hours, 
slow cooling 


480°C to 20°C 
at the rate of 
200°C per hour 


700°C to T, at 
the rate of 200°C 
per hour 


oerst. | As10° 


He oerst. | Ag 10° 


He oerst, As 10° 


66-Permalloy 
78-Permalloy 
Perminvar 


0.200 14. 
0.100 
0.380 12. 


0.025 4, 
0.040 2. 
0.080 


0.030 
0.035 
0.090 
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42 
600 
10 
Qn 4 
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= 
5 
2.6 
2.0 


obtained. On this alloy different t.m.t.s. were 
carried out on heating both above and below the 
T, (705°C). Besides, with the aim of retarding 
the establishment of order on cooling, one of the 
treatments in the magnetic field was carried out 
at an increased cooling rate —500°C per hour. 
The results of the measurements of H, and A, 
after different t.m.t.s are given in Table 2. 


TABLE 2 
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Magnetic properties | H, oerst.JA, 10° 
Treatment 


Annealing at 800°C, soaking for 


3 hours, furnace cooling 2.0 63 
Annealing at 700°C in a field of 100, 
oerst., and cooling in this field at 

the rate of 100°C per hour 1.70 51 


Annealing at 800°C for 30 min. in a 
field of 100 oerst., and cooling 

this field at the rate of 100°C per 
hour 
Annealing at 800°C for 30 min., in 
a field of 100 oerst., and cooling 
in this field at the rate of 500°C 
per hour 


From Table 2 it can be seen that the t.m.t. of the 
alloy studied, on heating to below T,, perceptibly 
changes its magnetic properties. However, heat- 
ing to above 7, leads to a more pronounced change 
of these properties, and this change is the greater, 
the faster the cooling rate. T.m.t.s were carried 
out on an iron - 12 per cent Al alloy, in which order 
is established even more rapidly than in Permendur 
[13], starting from temperatures both below 7, 
(550°C), and above T, (the field was applied from 
700 — 500°C and quenching was carried out), and 
also on cooling from 700°C to room temperature. 

In all three cases the presence of the magnetic 
field did not make any difference, and the same 
properties were obtained as those with correspond- 
ing thermal treatment without field. 

On the basis of the measurements carried out 
the following conclusions can be made. Thermo- 
magnetic treatment can be effective when a mag- 
netic field is applied at above the critical tempera- 
ture of order establishment, 7,. In alloys in 


which order establishment is slow (Permalloy and 
Perminvar), t.m.t. can be effective at temperatures 
both below and above 7,. In a rapidly order- 
establishing alloy (Permendur), t.m.t. at tempera- 
tures below 7, is little effective. In an alloy 
where order is established very rapidly (iron with 
12 per cent Al) t.m.t. is not effective at any tem- 
peratures, below as well as above the critical 
temperature of order establishing, 7,. 


TEMPERATURE DEPENDENCE OF MAGNETIC 
SATURATION 


The results of the change of temperature depen- 
dence of the magnetic saturation in specimens of 
the alloys 78-Permalloy, 66-Permalloy and 
Perminvar, having different initial structures, are 
given in Figs. 4 and 5. 

Is 
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FIG.4. Temperature variation of saturation magnet- 
ization of the previously ordered specimens 78 - 
Permalloy (a), 66-Permalloy (b) and Perminvar (v) 


In Fig.4 the temperature change of magnetic 
saturation, /,, on heating the specimens from room 
temperature to 700°C (above the Curie point) — 
upper curves; and on subsequent cooling to room 
temperature — lower curves, is given. Here, the 
curves a, b, and c refer to specimens of alloys 78- 
Permalloy, 66-Permalloy and Perminvar, respec- 
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tively. In their initial state the specimens had an 
ordered structure, which had been obtained by way 
of lengthy annealing at a temperature of 480°C 
(below 7,). On heating the specimens to above 
the temperature 7, disorder is established in the 
alloy. Soaking at 700°C for 30 minutes leads to 
complete disorder. Therefore the lower curve 
(cooling curve) corresponds with a disorder state, 
since there is not sufficient time, during the cool- 
ing process, for order to be established in the 
specimens. We have obtained this information 
about the structural state of alloys after different 
thermal treatments by measuring their magnetic 
characteristics. From Fig.4 it can be seen that 
the heating curve (order state) reaches higher than 
the cooling curve (disorder state), and at high 
temperatures the difference between them increas- 
es. This fact shows that the given alloys, in the 
ordered state, posses higher /, and Curie points 
than in the disorder state. The results obtained 
for Permalloys agree with those known from the 
literature [13]. For Perminvar these results have 
been obtained for the first time. Thus, in the 


heating 
gps cooling 
700 200 300 WOO 300 BOD 700 


Temperature (°C) 


FIG.5. Temperature variation of saturation magnet- 

ization of the specimens 78-Permalloy (a), 66- 

Permalloy (b) and Perminvar (c), previously 
exposed to t.m.t. 


alloys considered by us, it is possible to judge, 
by the temperature dependence /,, about the 
presence or absence of an ordered structure in 
ferromagnetics. 

Further, the temperature dependence /, of the 
specimens having undergone t.m.t. and exhibiting 
a sharply defined magnetic texture, has been 
recorded. The results obtained are given in Fig. 
5. Here, as also in Fig.4, the curves a, b and c 
refer to 78-Permalloy, 66-Permalloy and Permin- 
var, respectively. The heating curve corresponds 
to the state which is established after t.m.t. 

This state persists on heating up to the Curie 
point. After 30 minutes’ soaking at 700°C the 
magnetic texture disappears, and the cooling curve 
corresponds to a disorder state, devoid of magnet- 
ic texture; to which conclusion one comes by con- 
sidering the magnitude of H, and dg after measur- 
ing the temperature dependence /,. From Fig.5 it 
can be clearly seen that the heating curves coin- 
cide with the cooling curves. This indicates that 
after t.m.t. the /, and Curie point of the alloys 

are the same as those of disordered material. This 
result partly indicates that there is no noticeable 
degree of phase-order establishment in ferromag- 
netics by t.m.t. 


CONCLUSIONS 


The experimental results obtained permit the 
conclusion that the phenomenon of order estab- 
lishment does not play a vital role in the mechan- 
ism of t.m.t. This becomes clear from the fact 
that t.m.t. can be effective under conditions such 
that the development of ordering is excluded 
(t.m.t. above the temperature T,). Besides, 
measurements of the temperature dependence of 
magnetic saturation show that an alloy which has 
undergone t.m.t. does not posses an ordered phase 
to any noticeable extent. Apparently order estab- 
lishment plays a secondary role in the presence of 
t.m.t., which leads, as can be seen from experi- 
ments, with Permendur and an iron - 12 per cent 
aluminium alloy, to the establishment of an obs- 
tacle to the formation of a magnetic texture. 
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STATIC AND CYCLICAL STRENGTH OF METALLO-CERAMIC HARD 
ALLOYS OF TUNGSTEN CARBIDE - COBALT* 
G.C. KRAMER, A.I. BARONOV and O.S. SAFONOVA 
All-Union Scientific Research Institute for Hard Alloys 
(Received 8 June 1956) 


1. The hard alloy WC-Co has a structure which 
consists of very hard grains of tungsten carbide, 
embedded in a continuous matrix of a softer, 
plastic “cementing” metal, generally cobalt, in 
which a small quantity of tungsten carbide is 
dissolved [1]. 

The resistance to deformation of similar struc- 
tures (steel, non-ferrous alloys) - their yield 
strength, hardness, and tensile strength - varies 
in linear relation with the logarithm of the mean 
spacing between the hard particles, traced through 
the continuous softer phase, i.e. deformation re- 
sistance decreases with the increase of this 
spacing [2-4]. Consequently, as the cobalt con- 
tent and the size of the carbide grains increase, 
i.e. as the thickness of the cobalt interlayers in- 
creases, the hardness and the tensile strength of 
the WC-Co alloy must continuously decrease. For 
hardness, such a relationship has been experimen- 
tally confirmed [5]. Nevertheless, curves relating 
tensile strength to cobalt content, grain size and, 
generally, to the thickness of the cobalt inter- 
layers exhibit peaks [5-6]. With the increase in 
cobalt content or size of WC grain to a certain 
degree, tensile strength is not reduced but in- 
creased, after which the converse relationship 
ensues. The anomaly is explained by one author 
[7] as due to the effect of the plasticity (or rather 
microplasticity) of the cobalt interlayers on their 
strength. Fine cobalt interlayers, included between 
grains of tungsten carbide, whose hardness and 
modulus of elasticity are both very high, (as is 
found in similar structures [8- 16]) occur in 
“block-form”; the plastic deformability of these 
interlayers is checked, so that their strength in- 
creases but their plasticity declines [1-17]. The 
finer the cobalt interlayer, the greater the degree 
of block formation [15-17], and the greater must 
be its strength and brittleness. Nevertheless, the 
factor of local stress concentration under load in- 
creases with the growth of brittleness, and 
nominal tensile strength decreases very markedly. 


* Fiz. metal. metalloved. 5, No.2, 361 — 364, 1957 
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The peaks of the curves are explained by the in- 
fluence of two opposing factors. Experimental 
evidence for this viewpoint was adduced by the 
authors of the present article in another paper 
[17], in which bending strength tests were made on 
metallo-ceramic hard alloys of tungsten carbide- 
cobalt containing 6 per ceat cobalt (VK6), relative 
to test temperature and carbide grain size. It was 
apparent that with any of the grain sizes used in 
the tests (1—4 microns) the “temperature tensile 
strength” curves have a clearly defined peak at 
200°. Since in any specific case the relative phase 
content, grain size, type of contact and other simi- 
lar factors remain unchanged, and only the 
plasticity of the cobalt interlayers can basically 
change with a change in test temperature, the 
above-mentioned view of the effect of plasticity 
on strength is effectively endorsed. Baron and 
Savitskii [18] have, simultaneously and independ- 
ently of us, found that peaks in the “temperature - 
tensile strength” curves are present in a whole 
range of brittle metals and alloys, especially the 
intermediate compounds. Furthermore, as expected, 
hardness decreases steadily as temperature rises. 
Baron and Savitskii explain this as we do. 

We felt it would be advantageous to start tests 
in fresh directions which might directly or in- 
directly confirm the above opinions. One of these 
directions is the study of the cyclical strength of 
hard alloys of tungsten carbide cobalt, in relation 
to the thickness of the cobalt interlayers, (cobalt 
content for a constant grain size, or size of car- 
bide grain for a constant cobalt content), and con- 
sequently to their plasticity as well. It may be ex- 
pected that, under cyclical load the degree of 
plasticity of the cobalt interlayers must exert no 
less, if no greater, effect on its strength, than 
under static loading, since under cyclical loading 
as distinct from static loading, the factor of stress 
concentration is known to have a very marked in- 
fluence. According to the hypotheses, which find 
the cause of breakdown under cyclical load in a 
gradual “scarifying” of the structure, leading to 
disturbance of its continuity, the degree of 
plasticity characterizes the degree of the resist- 


ance of the material to continuing disturbance for 
a given total plastic strain [19]. 


2. To determine fatigue limits, the rotary 
bending method was selected, the specimen being 
fixed to an arm. The test cycle was symmetrical. 
Tests were carried out on test-rig UKI-10. Com- 
posite test pieces of the hard alloy under study 
and low-carbon steel were used (Fig. 1). 


FIG. 1. Composite test-piece of metallo-ceramic 
hard alloys for fatigue strength test. 


Specimen bars of rectangular section (dimen- 
sions 6 x 6 x 45mm) were pressed into cylindrical 
billets with round holes; the steel portions of the 
test pieces were then finished to fit the motor- 
chuck and loading device. The test-piece thus 
prepared was set up in a lathe, where, by means 
of a special device, a notch was cut in the hard 
alloy part with a carborundum wheel. 

The working portion of the test-piece, after 
shaping, consisted of a cylinder 4.5mm in dia. 
and 5—7 mm in width, according to the width of 
the carborundum wheel. To avoid cracks the 
grinding of the test-piece was carried out with 
small feeds, under cooling. After grinding to re- 
move scratches, the working part was honed along 
its axis with boron carbide of 320 grain-size. 

Test basis used was 5 x 10° cycles. Fatigue 
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strength was determined by Berler’s curves. 
Curves were constructed for 10—15 test-pieces. 

In addition to fatigue strength other mechanical 
properties of the test-pieces were also determined , 
i.e. bending strength and hardness (see Table 1). 

Alloy VK6 (94 per cent WC, 6 per cent Co) with 
varying mean grain size, was selected for the tests. 
The magnitude of coercive force was used to in- 
dicate the size of the WC grain (see Table). The 
higher the coercive force, the less the mean size 
of grain, and consequently, the less the thickness 
of the cobalt interlayers. This is clearly illus- 
trated by 


TABLE l. 
Physico-mechanical properties of VK6 alloy of various grain sizes 


Preparation 
Speci- regime for Specific 
men the WC + Co gravity 
mixture 


Tensile 
strength 


Coercive online Hard- | Fatigue 

force eneiis ness | strength 

(oersteds) }endin g HR, | (kg/mm?) 
0; (kg/mm?) 


ground for 72 hours 


Coarse-grain WC, 77_14.91| 100—105 139.1 89.2 | 70—72 
ground for 36 hours 
77—14.03] 195~198 127.9 89.5 | 68—70 


ground for 72 hours 


g | Coarse-grain WC, 7614.86] 133—142 | 122.6 90.0 65 
ground for 120 hours 
4 Fine-grain WC, 79~14.93] 213-216 | 118.1 91.3 | 64 
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FIG. 2. Microstructure of specimens of alloy 
(94% WC + 6% Co) 


Specimens 1, 2 and 3 were obtained from iden- 
tical starting material (tungsten carbide and 
cobalt) by varying the length of grinding the mix- 
ture in a ball mill and by subsequent sintering 
under identical conditions. To obtain the ex- 
tremely fine-grain alloy 4, a very fine-grain, 
separately produced, tungsten powder was used, 
and tungsten carbide was prepared from it. 

The table shows that fatigue strength falls 
with decreasing grain-size in the same way as 
static strength, although less sharply than the 
latter. 

The results obtained can be assumed to corres- 
pond fully to a situation where decline of plasti- 
city of the cobalt interlayers with their decreasing 
thickness leads to decline in their strength and, 
along with this, to a decline in the tensile strength 
of the alloy as a whole. 
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THE MANY-ELECTRON THEORY OF IONIC CRYSTALS* 


M. SH. GITERMAN 
Urals People’s University im. A.M.Ger’kii 


The present paper discusses the calculation of 
elementary excitation spectra for atomic semi- 
conductors, given in a paper by Vonsovski and 
others [1], for the ionic crystal case. An ideal 
crystal lattice is considered, with two types of 
lattice site, f and g, occupied respectively by ions 
of opposite charge, which are considered to be im- 
mobile. Confining the discussion to lattices of 
cubic symmetry, we shall assume that the crystal 
is built up from two perfect sub-lattices f and g, 
interpenetrating each other. We further assume 
that in the ground state the electron density distri- 
bution is at maximum non-uniformity; around the 
type g (positive) lattice sites there are no elec- 
trons whatever, whereas around each type f (nega- 
tive) lattice site there are two electrons of anti- 
parallel spin in the lowest energy level. Degenera- 
tion of the f site electrons with respect to magnet- 
ic quantum number is not considered. Any disturb- 
ance of the system is accompanied by reduction of 


the non-uniformity of charge distribution: some of . 


the electrons are transferred from f sites to g sites 
and by virtue of translational symmetry, these ex- 
citations can be freely transmitted through the 
crystal**, [In other words, in the ground state, half 
the lattice sites in the crystal are “electron-pairs” 
and half “holes” (2); excitation is a process of 
destroying an “electron-pair” to form the “simple 
electrons”, which can move about the crystalt. 


(Received 19 March 1957) 
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** In forming a crystal of the NaCl type, the valence 
electrons of the Na atoms go over to the C] atoms, 
thus producing a stable combination of Nat and C]- 
ions with closed spin states. The type of excita- 
tion referred to is more marked in this type of crys- 
tal than for example exciton excitations, since in 
the first place the least strongly held electron of 
the negative C]- ion does not have excited states 
of the atomic type, i.e., on excitation the electron 
abandons the ion, whilst in the second place the 
energy of excitation for Nat is greater than the 
energy of removing an electron from Cl-. 


t This variant of the polar mode! was first given in 
{2] and discussed in a slightly different form for 
metals by Vonsovski and Paduchev [a]. 


Our model, although reflecting the typical proper- 
ties of ionic crystals, nevertheless makes no pre- 
tensions to describing quantitatively the actual 
properties of real crystals, because of the approx- 
imate nature of the assumptions made, as discus- 
sed in more detail at the end of the paper. 
As is known [4], the energy operator in the 

secondary quantization equation has the following 


form: 
H= Hy + L (aa) a 


1 , , 


Here the summation is made overt the indices a 
passing through the f and g sites of the lattice, 
and over the spins wu. 

For an approximate solution to the problem, we 
shall split (1) up according to three parameters of 
magnitude: ¢, a parameter taking Into account 
small deviations of the system from the ground 
state; o and A, integrals for the overlapping of the 
wave functions for adjacent sites in the same 
sub-lattice and the different sub-lattices respec- 
tively. The wave function of the system in the 
secondary quantization equation is developed in 
powers of the parameter ¢, which determines the 
statistical weight of the exited states: 


C(ng...3 mg...) = 00,00...) 4 


+e YD PC,(10,11...; 10,00...) + 


+e* PP'C,(10, 10, 11...; 10,10,00...., 
PP’ 
S=0, 1,2 (2) 


where C, is a function of the ground state of the 
system, and C,, C; are functions of the singly and 
doubly excited states respectively. The first set 
of numbers in the arguments of these functions 
denotes the pairs of occupation numbers for the 
sub-lattice f sites (with anti-parallel spin direc- 
tions), and the second set refers to sub-lattice g. 
Summation over P denotes the possible permuta- 
tions of arguments between excited and non- 
excited sites and summation over the total spin 

S of the system denotes the possibility of transi- 
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tions with or without change in the spin direction 
The expansion (2) only determines the relative 
value of the function with various numbers of 
excited sites and in no way determines the actual 
number itself. 

The problem of finding the energy states of the 
system boils down to the solution of the equation: 


(H EB) C(ny...; mg...)= 0. (3) 


In this connexion, in order to find the energy 
spectrum of weakly excited states, it is sufficient 
to diagonalize the operator H and write it in the 
form of the arithmetic sum of operators for the 
energy of unit excitations (oscillators), thus ref- 
lecting the aggregate properties of the many- 
electron system, the intrinsic values of which are 
still determined singly. 

The expansion of H in powers of ¢, 5 and A, 
using the symmetry properties introduced in the 
coefficients of (1), is carried out in the same way 
as in [1]. The calculation is taken to an accuracy 
of terms of the third power in e, 5, A inclusive. 
The obvious form of the Hamiltonian to this approx- 
imation is not written out here because it is so 
complicated. To diagonalize H it is convenient 
to introduce the operator for a hole in sub-lattice 
f 47, and 87; = 2, (for uniformity we change 
the symbols: 4@,,=8,, and ay, =). 
Further, using the condition for weak excitation 

<! and Bes !, we obtain: 


g,¢ 


+ t+ = 
fff’, gts’ 
8,8 
Here H, is the energy of the ground state; A(f) and 
B(g) are the excitation energies for holes in f 
sites and electrons in g sites, which are indepen- 
dent of the number of such sites; A(ff) = A(f—f’) 
and B(gg’) = B(g —g’) are combinations of trans- 
fer integrals; M(fg) = M(f—g) are combinations of 
matrix elements connecting states in sub-lattices 
f and g. 
The diagonalization of (4) was carried out in {1}. 


As a result we have: 


B (gg') 8g + 


H=H,+ (x) E2(k) , ol» (5) 


where € and ¢ are the Fermi operators for unit ex- 
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citations, which are linear combinations of the 
Fourier components of the operators Bfg and Bgg; 
K are the crystal momentum of unit excitations; 

E’ is a certain addition to the energy of the ground 
state, including the activation energy. 


1 
E, (k) — D(n) + 


1 . 
= “> | D(x) — C + 


View MAL , (6) 


whilst C(K), D(K) and M(K) are connected to the 
integrals introduced in (3): 


CK) + exp [ix ; 


D (x)= + — [ix @— Mw) = 


M(f—g) exp [i «(¥—¢)] . 


(f-8) 
Thus, according to (3) and (5), the energy of the 
system of interacting electrons takes the form of 
the sum of the energies of unit excitations of the 
Fermi type £,(K) and E,(K) for numbers of 
occupied sites equal to 


M1 Ke and 


We shall now formulate some conclusions which 
follow from equations (5) to (7), stating for com- 
parison the corresponding results for the single- 
electron theory: 1) the unit excitations obtained 
correspond formally to the ordinary conduction 
electrons and “holes” of the single-electron 
theory, but the present “quasi-particles” are 
aggregate excitations of the entire system; (2) as 
in the single-electron theory, a finite activation 
energy is required to produce a unit excitation; 

3) the energy spectrum of the system is zonal: 
two resultant energy branches E,(k) and E,(k) were 
obtained. We note that even when we neglect the 
coefficients in (1) which describe the interactions 
between the electrons, (6) shows interactions 
between the energy branches of the unit excita- 
tions without any positive assumptions - this is 
not so in the single-electron theory (for more 
detail on this see [5]; 4) it can be shown, in a 
similar manner as in [1], that for small values of 
k, there is, correctly, a quadratic relationship for 


dispersion E = A + Nk?; 5) the phenomenon of 
electrical conductivity can be discussed within 
the framework of the model used [6,3]. Fora 
system with a quadratic dispersion law, as in the 
single-electron theory, a linear relationship is 
obtained between the logarithm of electrical con- 
dictivity and the reciprocal of temperature; 6) 
quantitative characteristics of the energy spec- 
trum, such as the width of the allowed and forbid- 
den bands, the effective mass etc., are functions 
of very complicated integrals which cannot be 
evaluated numerically. 

Thus, on the basis of the many-electron theory, 
even with the highly simplified model used, it 
has been possible to derive the basic properties 
of the energy spectrum of ionic crystals (without 
impurities) from considerably more generalized 
premises than in the single-electron theory. 

The essential defects cf the present preliminary 
study are that, first, the approximation of the 
motion of the ions is not considered at zero when 
the interactions between the electrons and this 
oscillation are not small (see, for example, the 
polaron theory [7]); secondly, it considers only 
ideal lattices, whereas the presence of defects 
and impurities is of importance for the properties 
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of ionic crystals; thirdly, no numerical estimates 
are obtained. These questions require special 
consideration, which will be the subject of further 
work. 

In conclusion I express thanks to S.V. Vonsovskii, 
E.A. Turov, and Iu. P. Irkhin for valuable discuss- 
ions. 
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AUTORADIOGRAPHIC STUDY OF THE EFFECT OF SMALL ADDITIONS OF ANTIMONY 
ON SILVER DIFFUSION IN POLYCRYSTALLINE COPPER 
V.I. ARKHAROV, S.M. KLOTSMAN, A.N. TIMOFEEV. 
Institute of Metal Physics, Urals Filial, Academy of Sciences U.S.S.R. 
(Received 12 February 1957) 


Paper [1] gives a qualitative study of the ef- 
fect of small admixtures of antimony on the 
character of silver-diffusion in polycrystalline 
copper, carried out by the microstructure method. 

A section of the diffusion zone, parallel to the 
direction of diffusion, was studied. The diffusion 
zone was exposed by etching a section with a 
specially-selected reagent. 

It was shown that, during the diffusion of an- 
timony in copper a smooth diffusion front is form- 
ed, but in an alloy of copper with 0.3 - 0.4 per 
cent antimony the diffusion front has projections 
along the grain boundaries. We did not require 
special experiments to explain the effect of an- 
timony additions on the development of the dif- 
fusion zone of silver in copper in etched sections, 
and therefore had the opportunity to dispose of 
the difference found in the character of silver- 
diffusion in pure copper and in copper with 0.4 
per cent antimony, through the difference in the 
etchability of the copper-silver, and copper- 
antimony-silver solid solution. T o prove the re- 
sults obtained, an earlier autoradiographic study 
was made of silver-diffusion in copper and in 
copper 0.4 per cent antimony alloy. 

Specimens were given the same treatment as in 
paper [1] before diffusion-annealing, i.e., after 
forging annealing at900°Cfor 5 - 6 hours. Ag**® 
was dusted on to the surface in vacuum under 
standardized conditions. Diffusion annealing was 
carried out in vacuum for 50 hrs. at 650°C. After 
annealing, the specimens were ground off, paral- 
lel to their active surfaces. 

Sections of the diffusion zone were thus studied 
perpendicular to diffusion direction, unlike those 
in paper [1]. The thickness of the layer removed 
was accurate to + 0.002 mm. Figs. 1 and 2 are 
autoradiographs of cuts taken at identical depths 
from the active surface (0.] mm). It is apparent 
that in pure copper the cuts show projections of 
the diffusion front along the grain boundaries 
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FIG.1.. Diffusion of Ag*° in pure copper at 
650°C, 50 hr. Depth of cut — 0.1 mm. Exposure 
150 hr; x 20 


FIG. 2. Diffusion of Ag™® in alloy of Cu — 0.4% 
Sb at 650°C, 50 hr. Exposure 150 hr; x 20 


which are not shown up by the microstructure 
method of paper [1]. However, in an alloy of 
copper with 0.4 per cent antimony the cuts show 
up these projections especially clearly. Although, 
in copper, silver shows up in the studied cut 
sections only along a few boundaries, in the al- 
loy the distribution of active silver completely 
delineates the grain boundaries. This result ful- 
ly confirms the qualitative findings of paper [1]. 
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TEMPERATURE - MAGNETIZATION RELATIONSHIP IN ALLOYS OF 
Mn 30 at.%, Ge 70 at.% * 


S.D. MARGOLIN and I.G.FAKIDOV 
Institute of Metals Physics, Urals Filial, U.S.S.R. Academy of Sciences 


This paper gives the results of previous studies 
of temperature-magnetization relationship in alloys 
of Mn 30 at.% —Ge70 at.% in a temperature range 
from that of liquid nitrogen to 120°C, with magnetic 
fields of from 20 to 2400 oersteds. 

Schwickert, Jahne and Schubert [1] studied the 


constitutional diagram of the Mn — Ge alloy system, 


and showed that the compounds Mn; Ge, and Mn,Ge; 
are strongly ferro-magnetic at low temperatures. 
Gastelliz, in his paper [2], makes some study of 
magnetism in Mns Ges. In [3] also there is informa- 
tion about residual magnetism and coercive force 

in Mns Ge, and Mn;Ge,. Fakidov, Grazhdankina 

and Novogrudskii [4], whilst studying the electric- 
al conductivity of alloys of the Mn — Ge system, 
found that some of them had two temperatures of 
ferro-magnetic transformation. The alloy Vin 30 
at.% — Ge 70 at.% studied by us was prepared 
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from 99.8 percent pure electrolytic manganese, 
purified by sublimation in a high-frequency fur- 
nace, and from 99,997 per cent germanium with a 
specific resistance of 1.4 ohm/cm. The alloy was 
obtained from a mixture of manganese and german- 
ium, mixed in a quartz ampoule, under a vacuum of 
10° mm of mercury. The quartz ampoule, with con- 
tents, was heated in a furnace to a temperature 
200° higher than the alloy’s melting point (con- 
forming to its constitutional diagram), and held 
for 2 hours; the melt was then cooled to 50°C be- 
low melting point, held there for 2 hours, then 
slowly cooled, together with the furnace, to room 
temperature. Specimens were prepared from the 
alloy having dimensions 0.402 x 0.302 x 2.0cm. 
Magnetic measurements were made ballistically. 

It is apparent from the temperature — magnetiza- 
tion curves at Fig. 1 that the alloy Mn — 30 at.%, 


x H,= 2432 oerst. 
on 2/28 ” 
Aa» (900 » 
e » » 
(409 
» » 
76 


Magnetization (gs) 


Temperature (°K) 


FIG. 1. Relation between temperature and mag- 


netization of an alloy of 30 at.% Mn, 70 at.%Ge 


with varying intensity of magnetic field. 
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Ge — 70 at.%, with intensities of magnetic fields 
up to 2400 oersteds, has two temperatures of mag- 
netic transformation. One of them is about 10°C, 

and is independent of magnetic field intensity, but 
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the other is found in the range - 125 to- 143°C, and 
depends on such intensity. Maximum magnetization 
occurs at 100°C for all field intensities. 


(gs) 


0 222 °K 


/Y6°K 


77°K 


l 


/ 310 erst. 


FIG. 2. Magnetization curves of an alloy of 30at. 
% Mn, 70 at.% Ge at varying temperatures. 


Fig. 2 gives magnetization curves for the alloy 
Mn30 at.% —Ge70 at. % at various temperatures; 
these indicate that in the range of magnetic field 


intensity of up to 2400 oersteds (at the temperature 
of liquid nitrogen) magnetization varies linearly 
with such intensity. To arrive at the physical 
causes of these two temperatures of ferro-magnetic 
transformation in the alloy of Mn — 30 at.%, Ge—70 
at.% and other alloys of this system, we will con- 
tinue our studies with stronger magnetic fields 

and at lower temperatures. 
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DETERMINATION OF THE ACTIVATION ENERGY OF RECONSTRUCTION PROCESSES 


IN PHASE TRANSFORMATIONS IN SOLID SOLUTIONS * 


L.N. ALEKSANDROV 
Mari People’s Pedagogic Institute 


To calculate the critical curve for phase trans- 
formation in a solid solution, it it necessary to 
know the energy of activation U for the process 
of reconstruction of the crystal lattice. To deter- 
mine this value experimentally (e.g., as in [1, 2]) 
it is necessary to know the complete transfor- 
mation diagram for the solid solution. U can be 
determined approximately either from the rate of 
nucleation of centres of the new phase, n(7), or 
from the rate of growth of new phase nuclei, 

v(T, t), From the representations developed by 
B.Ia. Liubov [3] for the rate of growth of nuclei 
of the new phase during isothermal decomposition 
of a solid solution, it is possible to estimate the 
value of activation energy from the known value 
of the growth rate v(7,t), where 7 is the trans- 
formation temperature and ¢ the aging time of a 
grain. 

The growth of centres of the new phase is 
limited in the first place by the rate of lattice re- 
construction, since the supply of solute compo- 
nents of the solid solution, which is made avail- 
able by diffusion in the initial phase, only begins 
to limit the rate of grain growth when the latter 
have reached a sufficiently large size - p );,. 

In the case of a spherical centre of radius 
P< P Jim,» the growth rate is determined as fol- 
lows: [3 ]:- 


dt’ Oh pA Fy RT 


where A F, is the free energy change accompany- 
ing the formation of unit volume of the new phase; 
d is the diameter of the solvent atom; A is Planck’s 
constant. 

The experimentally observed growth rate of a 
centre, v( 7, t), is determined either by equation 
(1), or, if at the time ¢ the observed grain size 
has already reached p;;,,, then the limiting fac- 
tor is the diffusion of solute component, and the 
rate is smaller than indicated by equation(1). 
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Thus in the general case: 
A Fo 
9h 


(: = (= 
ap) 2 , t) . (2) 


Since 20/AR, defines the critical size of a 


nucleus, it is obvious that p 7;m,/,is much less 


than unity and decreases as ¢ increases. Thus 

the effect of the value of surface tension a is in- 
significant in the determination of U by this meth- 
od. 

Writing w( 7, t) for the factors outside the ex- 
ponential in equation (2), we obtain for the energy 
of activation 
w(T, t) 


U<RTIn (3) 


Let p be the time for a growing centre to reach 
lim. {4], which can be determined from the 
equation p ;;,, = 2B yDt, where D is the diffusion 


coefficient and B a coefficient determined by the 
growth kinetics [5]. 


w(T, f) 

Then, when oe 
en tert U=RT In 2) 

d h U wT. ?) 
and when <= n 


We shall use the expressions given above to 
discuss the isothermal decomposition of austen- 
ite in carbon and alloy steels. In this case the 
free energy change A F, can be calculated from 
equation (4) given in [6]. 

AF, = Np, + 


+ (10500—3,425T) +A Fy + (4) 


where Np., Nc and N; are the molar concentra- 
tions of iron carbon and alloy additions; K; is an 
alloying constant, determined by the alloy pres- 
ent and dependent on temperature; A F, is con- 
nected with ordering in the solid solution and is 
negligibly small; AFL;* (the free energy 
change for the transformation Fe y + Fe a) is found 
from tables, for the required transformation temper- 
ature (see, for example, [6]). 
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We shall take the value given in [7] for the 
rate of growth of ferrite grains during the iso- 
thermal decomposition of austenite in carbon 
steel with 0.5 per cent carbon. If 7 = 720° C, then, 
att =5 sec and t= 10 sec, v( 7,2) is 8.1075 and 
6.5. cm/sec respectively. 

Calculations from equation (3) give for the 
upper limit of U the values of 37.3 kcal/mol and 
36.7 kcal/mol respectively. The shorter the time 
interval ¢t, the nearer the calculated value of U 
approaches the true value. Extrapolating the value 
of the growth rate to t= 1 sec, we obtain Y 35 
keal /mol.for the activation energy of reconstruc- 
tion Fe ) + Fea in this steel. Consideration of 
smaller values of t is meaningless in view of the 
existence of an incubation period for transfor::3- 
tion. In this case the effect of the magnitude of 
o on the value of the functior w(T7, t) does not 
exceed ] per cent, even fora ~ 107 and this 
does not affect the value of U foun4. 

For alloy steels the value of growth rate for 
the ferrite grains has been determined at various 
temperatures [8 | for corresponding holding times. 
For example, for chromium steel Kh3, containing 
2.6 per cent Cr and 0.76 per cent carbon, the rate 
is 2.5. 10-* cm/sec at 720° C and 8.4. 10-5 cm/sec 
at 680° C. 

This gives 43 and 40 kcal/mol. respectively for 
the value of U. We can put U at 40 kcal/mol. 

It should be noted, that the reduction of free 


energy A F, due to alloying reduces the value of 
the function w(7, t), which explains the fact that 
the activation energy U increases to a less ex- 
tent than might be expected from a consideration 
of the reduction of only one rate of growth. 

The calculated values for U are in good agree- 
ment with the values found in other papers (see, 
for example, [ 2, 8,9]). 

The method given above can also be used to 
estimate the value of the activation energy of 
diffusion, from the rate of growth of centres of 
the new phase in the range ¢ > 7, which deter- 
mines the etfect of diffusion of the solute. 
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Internal Friction (1/Q. 10°) 


NEW INTERNAL FRICTION PEAKS AT LOW TEMPERATURES * 


V.A. PAVLOV, N.F. KRIUTCHUKOV andI.D. FEDOTOV 
Institute of Metal Physics, Urals Filial, U.S.S.R. Academy of Sciences 


These studies deal with the measurement of in- 
ternal friction in pure aluminium and in an alloy of 
aluminium with 3 per cent magnesium at low tem- 
peratures. 

This was carried out by transverse vibration at 
frequencies of 1200-1300 cycles, on a device 
further described in [1]. Specimens were prepared 
in the form of round bars 200 mm in length and 
11mm in diameter. 

Measurements revealed the existence of two in- 
ternal friction peaks, in the range from room tem- 
perature to that of liquid nitrogen, at -50 to -90, 


(Received 22 July 1957) 


= T T T T T T 
~~ 
2 
\ 
+ 
5° 
1 
T 


-/60-165-170 -175 -180 -185 -/90 -195 


S 


/ 


FIG. 1. a-b. 1-pure aluminium, 2- alloy of alu- 
minium with 3 per cent magnesium. 
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and - 170 to - 180°C. Approaching the temperature 
of liquid nitrogen, internal friction increases, 
which suggests the possible existence of an in- 
ternal friction peak at temperatures lower than 

— 196°C (Fig. la, b). 

Internal friction peaks at - 170 to - 180°C were 
also observed in a series of metals, and were 
attributed to dislocation movement due to stress 
influencg [2]. For the first time, an internal fric- 
tion peak at -50 to -80°C, and increased internal 
friction at - 196°C, have been observed. 

It is difficult to attribute such internal friction 
peaks to dislocation movement, since a fairly close 
relationship is found between peak-height and 
previous heating temperature. 

From these findings the activation energy of the 
processes corresponding to internal friction peaks 
was determined. For the internal friction peak at—50 
to —80°C, activation energy was 0.5 eV, for the 
peak at - 170 to - 180°, 0.14 eV and for internal 
friction in the - 196°C zone, about 0.05 eV. 

According to the mobility classification of crys- 
tal lattice defects [3] it is very reasonable to 
suppose that the internal friction peak at - 50 to 
180°C corresponds to the diffusion of single 
vacancies, the peak at - 170 to 180°C corresponds 
to the diffusion of groups of vacancies, and the 
increase of internal friction at - 196°C to the 
diffusion of more mobile defects, possible inter- 
stitial atoms. 

The fact that the normal number of crystal 
lattice defects in aluminium -magnesium alloys is 
greater than in pure aluminium requires considera- 
tion. Further research should enable the causes 
of internal friction peaks to be clarified. 
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THE PROBLEM OF THE SPECTRUM OF A SYSTEM OF ELECTRONS 
IN AN EXTERNAL FIELD* 


G.G. TALUTS and S.A. SHULIAT’EV 
Institute of Metal Physics, Urals Filial, U.S.S.R. Academy of Sciences 
(Received 5 February 1957) 


In [1,2] the frequency of oscillation of the 
electron gas in a constant and uniform electrical 
field F is found by using the kinetic equation. 

In the present note a similar problem is solved 
within the framework of the method of collective 
variables [3]. The Hamiltonian for a system of 
interacting electrons in a constant field takes the 


Together with the co-ordinates r;, we introduce 
the collective variables (the Fourier components 
of the density operator). Then, transforming to 
the secondary quantization representation for the 
collective degrees of freedom, the Hamiltonian for 
the system can be written as 


G exp ( ik 


k # 0, ko is the limiting wave number . Here Hy 
represents the main component of the Hamiltonian, 
whilst H, is a small perturbation. In H we have 
omitted terms which refer to interaction at short 
range. The effect of these terms on the spectrum 
of the system cannot be taken into account within 


the framework of the collective co-ordinate method. 


+ LeFr; (1) 
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Using perturbation theory in the canonical trans- 


formation form, we write 


H= Hy +— II, S], S] + 


+ S], Sy] + (3) 


Operators S and S, are found from the conditions 


H, [S, H,]; [Si, Hy] [W, S] 4 
If the transformed Hamiltonian is diagonalised, 
we obtain 
| 
Here «w(é) is the renormalized frequency of 


oscillation of the gas. The operators R;, P; , BE 
and B> in (4) are connected with the oman: 
ing operators from (2) by relationships similar to 
(3). In deriving (4), use was made of the chaotic 
phase approximation [4]. 
< Pj > % 
eF 


< P;)> 


> 1; 


19 (RF)? 


8 m? we 32 


The frequency of oscillation w of the gas 
depends on F not only explicitly, but also through 
P;. In order to find this relationship, it is neces- 
sary to know the electron distribution function in 
external fields up to an accuracy of F?. To find 
approximately the relationship between P; and F, 
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+ 


where 7 is the time to traverse the mean free path 
and P;’ is independent of F. 


we assume that 


As a result we obtain 


o= w, 1+ 
2m? we mt we 
> 2 
F)? F) 
+ (5) 
8m? 32 xnm 


Ignoring terms in F?, we obtain an expression 
which agrees with the result given in [1]. The 
last term in (5) is independent of p, the character- 
istic of the individual motions of particles, and of 

The change in the frequency of oscillation, due 
to this term, is connected with the possibility of 
screening the external field by the collective 
oscillations of the system. The polarization of 
; the gas, in respect of the oscillations of the sys- 
5 tem, is proportional to n’/3,F, where n’ is the 
number of collective degrees of freedom. 
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Numerical evaluation of the various terms in 
(5) shows that, for gases with n ~ 10”* (metals), 
the term which is linearly dependent on the field 
is the most important. When n ~ 10** (semi-con- 
ductors), the quadratic terms are of the same order 
of magnitude as the linear, whilst the relative 
magnitude of these terms is increased. 

Thus, the proposed method of calculation, based 
on the collective description of interaction in an 
electron gas, makes it possible to evaluate the 
polarization of the gas due to the oscillations of 
the system. The latter is found to be significant 
in the case of gases of low concentration (the 
semi-conductor case). 
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RELATIONSHIP OF TEMPERATURE TO ELASTIC MODULUS IN 
NICKEL-COPPER ALLOYS* 
V.A. PAVLOV, N.F. KRIUTCHKOV and I.D. FE DOTOV 
Institute of Metal Physics, Urals Filial, U.S.S.R. Academy of Sciences 
(Received 25 July 1957) 


We investigated the relationship of temperature 
to elastic modulus in nickel-copper alloys in 
order to study the character of change in inter- 
atomic cohesive force during concentration 
changes in the solid solution. 

The modulus of elasticity was measured by 
transverse vibration of specimens at a frequency 
of about 700 cycles on the apparatus described in 
[1], and in a temperature range from - 196 to 700°C. 
For low temperature measurements a special cryo- 
stat was made from thick-walled copper tube 600mm 
in length, 35mm in diameter and having a length- 
wise slit 5mm wide in one side of the tube. On to 
the outside of the tube was brazed a coil made of 


Uniformity of temperature distribution through- 
out the specimen was in all cases kept to within 

Specimens were of round shape, about 7mm in 
diameter and 200 mm long. 

Starting material for the alloys was electrolytic 
nickel N 0000 of 99.99 per cent purity and electro- 
lytic copper with an average impurity content of 
not more than 0.05 per cent (of which oxygen 
formed 0.02 per cent). The metals were first re- 
melted in a vacuum of 10-*mm of mercury to re- 
move gases. The metals were produced in a high 
frequency furnace under vacuum. The alloys were 
forged into bars 14 x 14mm square. Specimens of 
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FIG. 1. 


copper pipe for the passage of liquid nitrogen. The 
pipe, with coil attached was fitted into a jacket 
filled with thermo-insulating material. The speci- 
men was suspended in the cryostat by two fine 
wires, which were carried out through the slit in 
the tube and connected to the exciter and the 
vibration receiver. 
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pure nickel were annealed in a vacuum at 800°C, 
and specimens of the alloy at 900°C for 3 hours. 
This regime was followed in the case of all alloys 
whose mechanical properties were being studied. 
Fig. 1 gives the results of measurement. Curve 
1 expresses the relation of temperature to elastic 
modulus for pure nickel, and curves 2, 3 and 4, 
respectively, for nickel alloyed with 10, 20 and 
40 per cent copper. Elastic modulus was measured 
without superimposing a magnetic field, since the 
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decrease of the modulus, connected with magneto- 
striction phenomena, are well revealed in the 


curves. 

The temperature-elastic modulus relationship 
for pure nickel agrees closely with the measure- 
ments in paper [2]. 

It is evident from the figure that the elastic 
modulus steadily decreases with the increasing 
concentration of copper in solid solution over the 
whole temperature range of measurement. This is 
found to agree with the results of X-ray study of 
the same alloys at characteristic temperatures [3]. 

Some papers [4] record an unsteady change of 
elastic modulus with copper concentration, con- 
cluding that the modulus increases somewhat where 
copper concentration is around 30-40 per cent. It 
is well known that in nickel - copper alloys 
irregular distribution of copper atoms can arise 
throughout the solid solution. [5]. Possibly con- 
nected with this phenomenon may be certain 


modulus variations which would depend on the pre- 
vious thermo-mechanical treatment of the alloys. 
In our case all alloys were annealed at adequately 
high temperatures, and there seem to be only faint 
indications of atom distribution in the solid solu- 
tion. 

It would be of interest to study the relation be- 
tween elastic modulus and thermomechanical treat- 
ment in these alloys. 
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STUDY OF THE EFFECT OF THE MATERIAL OF AN 
ARTICLE ON DEFECT FIELDS * 


V.V. VLASOV and L.E. PIATIGORSKAIA 
Institute of Metal Physics, Urals Filial, U.S.S.R. Academy of Sciences 
(Received 2] July, 1957) 


Experiments show that internal transverse 
cracks in the head of light-type rails are revealed 
by the magnetic defectoscope M.R.D.—52[1] at 
somewhat greater depths than in heavy type rails 
(at 4—5 thousand gauss induction). This is sup- 
posedly conditional upon the different degree of 
cold-working which the metal of the rolling sur- 
face undergoes in rails of these types. This 
supposition seems feasible to us since the degree 
of cold-working of rails would appear to depend on 
the time they have been in service. Since light- 
type rails evidently have a much longer working 
life,,they must undergo more cold-working than 
heavy rails, which are replaced at shorter in- 
tervals. The layer of work-hardened metal on the 
head of a light rail is probably thicker than on a 
heavy one. The magnetic properties of work - 
hardened metal differ greatly from the normal. So 
far as we are aware, the question of the role of 
work-hardened metal in the formation of a defect 
field has not yet been studied. 

We accordingly made a study of internal defect 
fields, where the layer of metal constituting the 
limits of depth at which the hidden defect occurs 
differs in magnetic properties from the main mass 
of metal beneath this layer. Trials were carried 
out with a dummy defect simulating an intemal 
transverse crack in the head of the rail. This 
paper is naturally a continuation of the paper by 
Vlasov and Stoinskaia [2] and Vlasov and 
Piatigorskaia [3] on the experimental study of the 
effect of magnetic non-linearity of the material 
of an article on its defect field. 

To study the defect field we used a test-piece 
of identical construction to that shown in paper 
[2]. The defect was formed by placing a sheet of 
paper 0.02mm thick between the contacting end 
surfaces of two cylinders made of steel 40, each 
10cm long and 8mm in diameter. Over these cy- 
linders were fitted in turn other hollow cylinders 
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made from steels 10, 40, 5 with internal diameters 
of 8mm and wall thickness of 1.5mm. Their co- 
ercive forces were respectively 1.9, 3.5 and 11.8 
oersted. Thus, the depth of the concealment of 
the defect was 1.5mm, and the material within 
these limits differed throughout the tests in its 
magnetic properties from the main material of the 
article. 
Hq oerst. 
60 


50 


40 


JO 


20 


10 


B, kilogauss 


FIG. 1. Relationship of tangential component of 

defect field Ho to induction in the specimen. 

1- All parts of the specimen made from steel 40. 

2-Defe ct-forming cylinders made from steel 40, 
covering cylinder from steel 45, 

3-as 2, but with covering cylinder from steel 10. 


The tests concluded with the determination of 
the tangential component of the defect field at the 
surface of the specimens. For this purpose the 
test-piece was placed between the poles of an 
electromagnet. This was energized, and a small 
flat coil was used to measure the field. Fig. 1 
shows the results of the trials in the form of the 
relationship of the tangential component of the 
defect field //g to induction in the test-piece. 
Here curve 1 represents the defect field in a case 
where the material both through the depth-range of 
the defect and underlying it are identical in their 
magnetic properties. Curve 2 refers to a case 
where the material down to the depth-ranges shown 
is magnetically harder than the material of the 
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article at greater depth. Curve 3 indicates a de- 
fect field in material which is magnetically softer 
over the depth-range investigated, than the 
material of the interior of the article. The figure 
makes clear that the defect field depends on the 
magnetic properties of the material near the 
article’s surface. Furthermore, material near the 
surface of the article which is magnetically 
softer than material deeper within it tends to re- 
duce the defect field; on the other hand, material 
at the surface layer which is magnetically harder 
than that in the interior of the article tends to in- 
crease it. Increase of defect field through mag- 
netic hardness of material near the surface of an 
article, as follows from Fig. 1, is more signific- 
ant in regions of comparatively weak fields than 
in strong fields. 

Hence, defects in rails which have been cold- 
worked to considerable depth must be revealed 
more effectively than in the case of rails which 
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have not had such cold-working. Light-type rails, 
as indicated above, must have a high degree of 
cold-working, whereas cold-working in heavy rails 
cannot be considerable. Furthermore the depth at 
which defects in heavy rails can be detected by 
magnetization must be less than in light rails. 
Thus, the results we have obtained provide an 
explanation of the qualitative difference in the 
detection of defects in light and heavy type rails 
when inspecting them with a magnetic defecto- 


scope. 
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COMPARATIVE STUDY OF OPEN AND INTERIOR DEFECT FIELDS* 
V.V. VLASOV and L.E. PIATIGORSKAIA 
Institute of Metal Physics, Urals Filial,U.S.S.R. Academy of Sciences 
(Received 2] August 1957) 


From the theory advanced by [anus [1] and 
further developed by Sapozhnikov [2], it follows 
that the magnetic non-linearity of the material of 
an article having a defect-crack is of vital 
significance in the formation of a defect field. 

Under magnetostatic conditions a defect field 
consists of surface magnetic charges forming 
directly on the walls of the defect, and volume 
charges, dependent on the magnetic non-linearity 
of the material of the article, in those portions of 
the metal closest to the defect. The fields of 
these charges in varying degree depend on the 
magnetizing fields. According to the theory 
mentioned, volume charges reinforce the defect 
field, where the magnetizing fields (meaning the 
internal field in an article) exceed the field of 
maximum magnetic permeability, but where the 
magnetizing fields are small, weaken it. The 
effect of the magnetic non-linearity of the material 
of an article on its defect field was studied in the 
paper by Vlasov and Stoinskaia [3]. Nevertheless, 
in this paper the study was confined to defect 
fields in comparitively weak magnetic fields. 

We thought it advantageous to study internal 
defect fields over a wider range of magnetizing 
fields than in the papers mentioned. 

We accordingly made a comparative study of 
open and internal defects identical size. The 
trials were carried out with a dummy defect simu- 
lating a transverse crack in a rail head. The 
specimens used were similar in construction and 
size to those described in paper [3]. It will be 
remembered that the defect was formed by the con- 
tact of the end surfaces of two solid steel cylin- 
ders, between which was placed a sheet of paper 
0.02 mm thick. Such a defect is open. It becomes 
internal when a hollow cylinder, whose internal 
diameter is equal to that of the solid cylinders 
forming the defect, is placed over them. The 
thickness of the wall of the cylinder, representing 
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the depth below the surface at which the defect 
occurs, was 1.5 mm. 

The study was concluded with a determination 
of the tangential component of the defect field at 
the surface of specimen. The question of whether 
the type of test-piece described may properly be 
used in this particular case has been considered 
in paper [3]. The specimen was placed between 
the poles of an electro-magnet. As this was 
energized, the field was measured with a small 
flat coil. Fig. 1 gives the results of measuring 
the tangential component Hg of open and internal 
defects, relative to induction B in the specimen. 
Here curves ] and 2 relate, respectively, to ex- 
ternal and internal defects. 


Hq, oersted 


70 
60 | 


| 
| 
VA 


B, kilogauss 


FIG.1 


It is obvious from the figures that with small 
inductions (up to 4 kilogauss), i.e. in areas hav- 
ing weak fields, internal defect fields are 
naturally less than those of open defects. On the 
other hand, with inductions exceeding 4 kilogauss, 
the internal defect field Hg exceeds the external 
defect field to an extent which increases with the 
increase of induction in a specimen. This differ- 
ence in the behaviour of the defect field in rela- 
tion to the external field is found to agree sub- 
stantially with the anus — Sapozhiikov theory, 
and, clearly, is a consequence of the magnetic 
non-linearity of the material of the article. 
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THE PROTECTIVE EFFECT OF CHROMIUM IN THE CORROSION OF 
Fe-Cr ALLOYS BY SULPHUROUS VAPOURS* 
A.K. SEMENOVA and P.V. GEL’D 
Urals Polytechnical Institute named after S.M. Kirov 
(Received 2] February 1957) 


There are grounds for supposing that there is a 
close analogy between the processes of oxidic and 
sulphidic corrosion in iron and its alloys [1]. This 
is due to the fact that in both cases the oxidation 
product appears to be a non-stoichiometric com- 
pound with a deficiency of the metal. On these 
grounds it was asserted in [2] that, as in the case 
of the oxidation of iron-chrome alloys by oxygen 
{3], in sulphidic corrosion chromium increases the 
resistance of the alloy by accumulating and form- 
ing in its interior layers interlayers of scale which, 
possibly, are enriched by the sulphidic spinel Fe 
Cr, S,. To confirm this supposition experimental- 
ly, we investigated the kinetics of the oxidation 
of iron-chrome alloys (with from 0 to 19.29 per 
cent Cr) by a sulphurous vapour (PS, = 50 mm. 
mercury), and also investigated the structural 
peculiarities of the scale thus formed. Our find- 
ings confirmed the soundness of the above- 
mentioned analogy. 


ed that sulphidic scale grows as a result of the 
opposing diffusion of metal and metalloid particles, 
Furthermore, chromium, by virtue of its low mobil- 
ity, accumulates in the interior scale layer as 
Table 1 shows. 

Inspection of the structure (by Debye-gram and 
photographs of sections) confirms that the sul- 
phidic spinel Fe Cr, S, accumulates in the inter- 
nal scale layers. [ts electrical resistance in- 
creases commensurately, which indicates a 
decrease in the electron defects in its lattice. It 
is noteworthy that, with increasing chromium con- 
tent, there is a rapid increase in the activation 
energy of the electrical conductivity process due 
to the decreased mobility of the carrier. Further, 
the corrosion resistance of alloys is comparatively 
insensitive to small additions of chromium (1 per 
cent). The highest degree of resistance is found 
in alloys when their chromium content is increased 
to between 6 — 12 per cent. When more than 12 


TABLE 1 


Chromium Content (%) 


Treatment 
T (°C) i" In the 
or 


iginal alloy 


interior layer 


In the In the 
surface layer 


1,09 


600—24 hr 4,84 
7,90 


not found 


not found 


1,09 
4,84 
7,90 


3,09 not found 
9,99 0.57 
16,80 Traces 


4,84 
7.90 
12,08 


9,22 
1647 0.53 
30,86 


By using inert markers (platinum wires) and com- 
paring the surface contours of parts of the scale 
layers with the original material it was establish- 
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per cent of chromium is introduced into an alloy, 
its rate of corrosion, although remaining very 
small in comparison with that of pure iron (the 
process is retarded by one —two orders) is still 
little changed by such additions. The interior 
layer of scale seems to consist almost entirely 
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of pure spinel Fe Cr, S,. In these conditions the 
rate of the process as a whole is determined by 
the physical properties of sulphidic spinel and, 
in particular, by the values of the coefficients of 
diffusion of sulphur and iron particles through it. 

Thus, the role of chromium in the processes of 
oxidic and sulphidic corrosion in iron-chromium 
alloys is identical. In this connexion, seemingly, 
the heat-resistance principle propounded by 
Arkharov [4] may be extended also to the sulphid- 
ic corrosion of iron alloys. 
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VARIATION ON THE ABSOLUTE INTENSITIES OF THE X-RAY INTERFERENCES 
OF COLD-DEFORMED IRON * 
V.A. IL’INA, V.K. KRITSKAIA and G.V. KURDIUMOV 
Institute of Metallography and Metal Physics, T.N.I.I.C.M. 
(Received 6 September 1957) 


During the X-ray study of deformed metals and 
alloys [1-7, 10] it was found that there was a 
weakening of line intensity in the radiographs ob- 
tained from deformed specimens, as compared 
with the line intensity of undeformed specimens. 
The higher the order of reflection, the weaker the 
intensity, by the law 


exp(—BXA 


The weakening of the intensity of X-ray inter- 
ferences during amplification of thermal agitation 
of atoms follows the same law. On the basis of 
this analogy it was suggested that there were 
“frozen” displacements of atoms from the lattice 
points (third order distortions) present in the 
crystal lattice of deformed metals. From compa- 
rison of line intensity in the radiographs of 
deformed and annealed metals a determination was 
made of the root-mean-square magnitude of these 
displacements w’; it varied for the different high- 
ly deformed metals and measured a fraction of an 
angstrom (0.1 — 0.2 A). This determination is 
provisional, since the distribution of the displace- 
ments is not known. 

In the majority of these papers the relative in- 
tensities of X-ray reflections are measured photo- 
graphically. 

In 1949-50 papers [8-9] appeared wherein 
absolute intensities were measured by the ion- 
ization method, and which informed us that deform- 
ed metals have reflection intensities of high 
orders, just as undeformed metals do, but the in- 
tensity of the X-ray lines of the former varies (in- 
creases) through plastic deformation leading to 
the breaking up of the coherent regions of the 
crystal lattice and to the lessening of extinction 
effect. The authors of these papers consider that 
to conclude that the variation of reflection intensity 
in deformed metals can be consistently represented 
by the form exp (— B 2A ?) is erroneous. 

In their opinion the weakening of high-order reflec- 
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tion intensity found by many authors in deformed 
metals is only apparent, through ignoring the 
total integral line intensity, since it is very dif- 
ficult to separate the edge intensity of sharply 
curved lines from the diffused background of the 
diffraction photograph, beyond the sharply curved 
lines of the diffraction photographs of deformed 
specimens. Furthermore, where extinction is pres- 
ent in an annealed metal, heavily influencing the 
intensity of low order reflection (at small angles) 
it is possible to obtain erroneous results as to the 
nature of intensity change when comparing the 
relationship of pairs of lines (or low reflection 
orders) for deformed and undeformed specimens. 


In [10] it was shown from studies with deformed VOL 
and undeformed iron that conclusions as to the 5 
existence of regularity exp (— B 2h i? in the 195 


weakening of the intensity of X-ray interference in 
deformed metals were justified. Paper [10], like 
many other papers of the same type, determined 
relative intensities photographically. A great number 
of X-ray reflections (using molybdenum radiation) 
were made to determine intensity, and these were 
convincing as to the absence of the extinction 
effect. 

In the present paper proof of the veracity of the 
law exp (—B XA ;) governing intensity weaken- 
ing of X-ray interferences in deformed metals 
was made by the ionization method on apparatus 
URS-501 with accessory fittings, which allowed 
the control of intensity variation of the primary 
pencil of X-radiation (/ ,). The tests were carried 
out on iron. Deformed (filed) and annealed iron 
powder were sieved to identical fineness and 
mixed with a small quantity of window putty, then 
packed into special rectangular moulds. By pre- 
paring the iron specimens in this way an open 
surface was irradiated. Pictures were taken in 
filtered molybdenum radiation (* = a). The in- 
tegral intensities of X-ray reflections were deter- 
mined, from crystallographic planes having in- 
dices with square sums of 6, 26, 38, and 50. The 
table gives data obtained from deformed and an- 
nealed iron powder. 
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TABLE 1. 


Material 


J so 


Deformed Iron 
(filed) 


41.5 


Iron annealed at 600° 


78 .0 


I annealed 


I de formed 


1.88 


Each value was obtained from the average of 
3 - 6 measurements. The root mean-square error 
in determining integral intensities was 1.5 - 2 
per cent. The findings show that the reflection 
intensity / for deformed iron is less than for un- 
deformed, and the difference in the values of 
increases as increases. With reflection, 
where 2h ? = 50, weakening of intensity is, for 
example, doubled. 
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FIG.1 


Fig. 1 shows the variation of 7; 


in relation to 2A}. It is evident from the graph 
that all the experimental points fall pretty well 


into a straight line, and, consequently, the weaken- 


ing of intensity for deformed iron conforms to the 
law exp (— BA }). From the tangent of the 
inclination angle of the straight line in Fig. 1 


the third-order distortions were determined (\/ u?). 
The method of determining \/u? is described in 
paper [7]. 

The value of \/ u? seems to be about 0.090 4, 
which agrees substantially with our further re- 
sults (found by the photographic method) in 
determining third-order distortions in deformed 
iron. [10] Thus it is once again demonstrated 
in the present paper ( in a particular case, using 
the ionization method of measuring absolute in- 
tensities) that weakening of the intensity of 
X-ray reflection results from cold plastic defor- 
mation, in accordance with the exponential law 
exp (— BXA 
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WEAKENING OF X-RAY REFLECTIONS FROM a-IRON THROUGH EXTINCTION * 
V.A. IL’INA, V.K. KRITSKAIA and G.V. KURDIUMOV 
Institute of Metallography and Metal Physics, Central Scientific Res. Instit. for 
Cast Iron Metallurgy 
(Received 6 September 1957) 


The determination of static distortions in crys- 
tal lattices (third class distortions) is made by 
comparing the absolute or relative intensities of 
X-ray reflections from identical crystallographic 
planes in deformed and annealed metal. It is 
furthermore supposed that variation of intensity 
must depend on only one cause - the presence of 
haphazardly distributed displacements in deformed 
specimens. 

A separate specimen (annealed) served as a 
standard. Preliminary thermal treatment of this 
specimen must be such that no undue coarsening 
occurs in the crystal structure (coarsening of areas 
of coherent dispersion in the crystal lattice up to 
dimensions above 1075 cm.), leading to weakening 
of the intensity of X-ray reflections (extinction). 


particular temperatures, we made the following ex- 
periments. 

Deformed iron powder was annealed at tempera- 
tures of 500, 650, 700 and 750°. Cylindrical speci- 
mens 0.9mm in diameter were prepared from these 
powders. X-ray pictures of these specimens were 
taken by molybdenum radiation. The radiographs 
were photometered on a recording micro-photometer 
FM - 4 which traced a curve of intensity distribu- 
tion on a self-recording electronic potentiometer 
EPP -09. Each half of a radiograph was photo- 
metered twice. The intensity of X-ray interferences 
was determined from crystallographic planes having 
sums of the squares of the indices 6, 14, 26, 62. 
Table 1 gives these experimental findings. 

After annealing at temperatures of 500 and 700° 


TABLE 1. 


Treatment 


J 


Deformation-Anneal 500° 
700° 


1.15 
1,14 
1.09 


Through the extinction encountered with an. 
annealed specimen one can obtain inaccurate 
values of root mean-square displacement Vu? in 
deformed metal. If the determination of Vu? is 
made by measuring the intensity of a large number 
of reflections (in a wide range (sin 0)/ A) the 
presence (or absence) of the extinction effect is 
little apparent on account of the marked sensitiv- 
ity to this effect of reflection intensities at small 
angles @ and low sensitivity of reflection intensity 
at large angles. Also, in determining u~ by com- 
paring pairs of lines alone it is necessary to make 
sure beforehand of the absence of extinction in 
the standard specimen. 

With the object of explaining why a weakening 
of the intensity of X-ray reflections through ex- 
tinction takes place in iron powder deformed at 
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the relative intensity of all the interferences 
measured did not change, and only after annealing 
at 750° was any weakening found in the intensity 
of X-ray reflections from planes (211) and (321). 
The intensity of X-ray interferences also from 
planes (510) and (732) remained practically un- 
changed in this case. 

Fig. 1 shows the magnitude of the extinction 
effect for various crystallographic planes. It is 
evident that extinction has an essential signific- 
ance where reflections correspond to small Bragg 
angles, but has practically no effect on reflection 
intensity in high values of 0. 

As indicated above, the tests described were 
made on iron powder. It wag previously estab- 
lished by us that the growth of blocks (regions of 
coherent dispersion of X-radiation) occurs in 
powders at higher annealing temperatures than in 
solid specimens. The divergence in temperature 


was 100- 200°. 
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TABLE 2. 


Treatment 


Quench-tempering 450 
Quench-tempering 550° 
Quench-tempering 600° 


To determine the annealing temperature at which 
the extinction effect is exerted on a uniform solid 
specimen, quenched iron was selected [1]. In this 
study we established that third class distortions 
do not arise in quenched iron during quenching. 
Therefore intensity variations during the annealing 


Table 2 gives the experimental findings. 

Each value of the ratio /,//], was obtained from 
the mean of 8 — 9 radiographs. It is evident from 
the table that the extinction effect in a solid 
quenched iron specimen begins to appear already 
after tempering at 600°. It also follows from the 
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of quenched iron should be ascribed to the 
presence of the extinction effect. The specimens 
of quenched iron under test were successively 
tempered at 450, 550 and 600° for two hours. The 
intensity of X-ray reflections was measured from 
planes with the sum of the squares of the indices 
6, 14, 26, 62 and in the quenched state, 6, 14, 26. 


table that third class distortions do not arise 
during quenching (i.e., as a result of martensitic 
transformation). 
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OBSERVATIONS ON P.O. PASHKOV’S REPORT 


‘“‘THE YIELD LIMITS AND COLD-BRITTLENESS OF METALS’** 


E.M. SHEVANDIM and I.A. RAZOV 
Central Institute for Scientific Research (A.N. Krylov) 


Most of the observations of Pashkov [1] on the 
article referred to at [2] can be fully endorsed, in 
particular, that the temperature yteld-point rela- 
tion oT, according to our results, is determined in 
steel with high initial o7, independently of the 
‘state and structure of the steel. Nevertheless it 
seems to us that this is justified only in the case 
of steel whose structure is “normal” (by our defin- 
ition [2]). The linear relationship of = f (1/T) 
incidentally, fully agrees with the results of 
earlier trials made in [3]. 

We have some dispute with the concluding 
assertions of Pashkov. The findings given in 
Fig.1 of his article indicate that in steel with 
high 77-,9¢ the slope of the straight lines 
or = f(*/7) increases, and markedly so in steels 
having a comparatively narrow strength range. 
Consequently, the difference (27_ — °7 + 999) 


decreases and tod .decreases in greater 

*T 4 20° 
measure. The findings in [4], given in article [5], 
serve to confirm this, since they prove that, with 
an increase in carbon content from 0.02 to 0.78 


° 
per cent not only ———~ 


» falls, but also the 
°T 420° 


absolute difference (?7_19g0—°7+ 20°)’ in the case 


of the latter — from 30 to 10 kg/mm?. 

According to the findings in Fig.2 [1] in metals 
with various crystal lattices the slope of the 
straight lines or = f (*/7) increases with increase 


of strength (77) and, consequently — 900 ) 


ST _ 96° 
and ——!96° 
ST. 20° 


. increase. Nevertheless in both — in 


steels and heterogeneous metals — general regu- 
larity is found, namely, that with the increase of 
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°T—196° 

-————- tendency to brittleness increases. Hav- 
77 420° 

ing strict regard to the level of 97, such a single- 
value inter-connexion does not obtain in this 
case. Actually, a fall in cold-brittleness corres- 
ponds to an increase of OT in steel, but in hetero- 
geneous metals to the converse i.e. a decrease. 
We clearly indicate, that a small variation of 


°T4 196° 
(°7_ 196° — °T +200 


in high-strength 
steel witho7 4 99°>60 kg/mm? agrees with a 
relatively small variation of tendency to cold- 
brittleness in steel in this strength range. 

It would be better to state the proposition as 
follows: that the tendency of steel of “normal” 
structure to cold-brittleness, in the first instance, 


and, with 


is characterized by the ratio 
°T+20° 


a fall in this ratio, it, seemingly, decreases. To 


f °T_ 1969 
°T +20° 


a definite extent, for a given value o in 
heterogeneous metals, not only will their tendency 
to brittleness be determined by the degree of °7, 
but the greater the latter becomes, the more, com- 
paratively, will the metal under study be affected 
by cold-brittleness. 


REFERENCES 


1. P.O. Pashkov Fiz. met. metalloved. 3, 3,565 (1956). 
. E.M. Shevandin and I.A. Razov Fiz. met. 
Metalloved. 1, 1, 219 (1955). 
3. F.F. Vitman, and V.A. Stepanov, Zh. tekh. fiz. 
9, 17, 1070 (1939). 
4. P.L. Teed, The Properties of Metallic Materials at 
Low Temperatures London (1950). 
5. M.J. Hasegawa, Iron & Steel Inst., Japan, 41, 4 
(1955). 


VOL. 
5 
1957 


